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Abstract 
 
Materials with nm- and µm-scale pores are important in the design of efficient, safe, and 
versatile energy conversion and storage systems. In the research detailed in this thesis, the 
synthesis and testing of porous materials for lithium-ion battery anodes and for thermochemical 
fuel production are explored. 
The preparation, modification, and performance of various carbon and transition metal oxide 
composite materials for lithium-ion battery electrodes are discussed in the first part of this work. 
Of particular interest are TiO2/carbon composites that possess a three-dimensionally ordered 
macroporous (3DOM) structure, and, in some instances, additional mesoporosity. By changing 
the chelating agent used to stabilize the precursor for TiO2, crystallites of TiO2 can either be 
localized on the surface of the 3DOM structure or buried within the carbon matrix. This 
positioning has important ramifications for the electrochemical properties of the materials. In 
addition, the content of carbon in the composite materials can be altered. For carbon-rich 
composites, improved Li
+
 insertion/extraction capacities are attained by changing the voltage 
window used for cycling. Carbon can also be removed altogether, allowing for the formation 
3DOM TiO2 with good electrochemical properties Conversion of the 3DOM TiO2 to sodium 
titanate is demonstrated via the ambient pressure treatment of the 3DOM material in sodium 
hydroxide. Subsequent ion-exchange with H
+
 results in the formation of hydrogen titanate 
materials with extremely high surface areas. A remnant of the 3DOM structure remains in these 
materials. 
Cerium oxide, praseodymium oxide and perovskite oxide-based catalysts for the 
thermochemical conversion of solar energy and abundant feedstocks (H2O and CO2) into useable 
fuels (H2 and CO) are investigated in the second part of this work. All of these materials possess a 
3DOM structure and have moderate surface areas intended to improve reaction kinetics. Mixed 
oxides containing cerium are investigated with the aim of improving the amount of fuel produced, 
lowering the operational temperature and increasing thermal stability. Initial forays into the 
praseodymium oxide and perovskite oxide systems are also described, including evaluation of 
overall fuel production and fuel production kinetics. Special attention is paid to how structural 
changes during the high-temperature thermochemical reactions affect fuel productivity and 
kinetics. (351 words) 
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Chapter One 
Introduction to Energy Storage in Lithium-Ion Batteries and 
Energy Conversion via Solar Thermochemical Fuel Production 
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1.1 Overall Motivation 
 While he was not the first scientist to consider the effect of atmospheric gases on the 
temperature of the Earth, Svante Arrhenius was one of the first to offer an analysis of how the 
absorption of infrared (IR) radiation by varying atmospheric CO2 concentrations could change 
global temperatures and humidities.
1
 Arrhenius also considered that variations in CO2 may have 
contributed to beginning and end of the last glacial period. A friend of Arrhenius, Prof. Arvid 
Högbom, had investigated what contributed to the release of CO2 into the atmosphere and what 
processes removed CO2 from the atmosphere. Högbom and Arrhenius both concluded in 1896, 
based on Högbom’s analysis of the global CO2 cycle, it was possible (and even likely) that 
fluctuations in atmospheric CO2 content contributed to glaciation and deglaciation.
1
 Later 
research showed that they were not strictly correct; however, changes to global patterns in solar 
irradiance at the end of the last ice also triggered an increase in the concentration of atmospheric 
CO2.
2
 This increase in CO2 emissions is thought to have contributed to the temperature rise that 
ended the ice age, just as Arrhenius and Högbom had proposed. Unfortunately, Arrhenius and 
Högbom were incorrect about another critical factor in the interplay between CO2 and average 
temperatures. Both researchers knew that the combustion of coal contributed to atmospheric CO2, 
but they believed anthropogenic sources of CO2 did little to alter surface temperature.
1
 If fossil 
fuel use had continued at that level, they may have been correct. How could they foresee that the 
fossil fuels would play a key part in widespread electrification of cities, allow for revolutionary 
advances in human transportation, enable the production of key chemicals, and assist in 
agricultural revolutions that helped dramatically increase the human population? One thing is 
certain: Arrhenius would have been easily able to realize that an atmospheric CO2 concentration 
of 400 ppm—a level reached which was reached in 2013—could have an impact on global 
temperatures.     
 Climate science has progressed greatly since Arrhenius published “On the Influence of 
Carbonic Acid in the Air on the Temperature of the Ground,” and much of it is focused on the 
impact that anthropogenic greenhouse gas emissions have on the global climate. Sophisticated 
models and scenarios predict that rising sea and surface temperatures will continue through the 
21
st
 century, and continued fossil fuel combustion will be a key driver of this change.
3-5
 The Fifth 
Assessment Report of the Intergovernmental Panel on Climate Change determined that there is a 
greater than 95% likelihood that human activities are responsible for rising surface temperatures.
6
 
Unfortunately, emissions of CO2 and other IR absorbing greenhouse gases have increased from 
the 1970 to 2010, and this trend is unlikely to reverse for at least several decades.
7
 Researchers 
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have gathered information from the latest climate models and emissions scenarios, and plotted 
how far mean monthly temperatures will deviate from the historical mean of a given month for 
the years 1961 to 1990.
8
 They modeled these divergences for the most important terrestrial and 
freshwater ecosystems as identified for the World Wildlife Foundation (the Global 200). If the 
models and scenarios prove to be accurate, temperature deviations of more than two standard 
deviations (σ) from the historical baseline occur for most of these key ecosystems by 2070 
(Figure 1.2).
8
 The overall rise in temperatures will likely have a major impact on every aspect of 
life on Earth. Since temperature rises will impact many of Earth’s most diverse and threatened 
ecosystems, a rapid decline in the number of species on the planet, a “state shift,” may occur 
within this century.
9
 Loss of biodiversity could have serious consequences for the discovery of 
novel plant-based pharmaceuticals,
10
 and for the stability of agricultural systems. Food scarcity is 
likely to increase for the poorest and most vulnerable populations on the planet due to climate 
change-related agricultural disruptions.
11
 Certain infectious diseases of both humans and other 
organisms will become endemic over much larger areas of the planet.
12
 Even if the climatic 
changes are not as dire as predicted, easily extractable sources of petroleum will dwindle.
13
 This 
could cause economic shocks for many industries that are dependent on petroleum, leading to 
substantial changes in how fossil fuels are refined.
14
 It is not surprising that economists have 
argued that ignoring the massive risk of global climate change and depletion of certain fossil fuel 
resources would be extremely foolhardy.
15-17
 Indeed, organizations from the United States 
Government Accountability Office
18
 to the World Bank
19
 have begun to draft climate change 
adaptation strategies. 
 
 
Figure 1.1 Maps showing how far the projected mean monthly temperature for a given region diverges 
from the historical monthly mean temperatures for the period between 1961 and 1990. Tropical ecosystems 
are the hardest hit by temperature increases, experiencing projected mean monthly temperatures >4σ higher 
than the historical mean. The regions analyzed at left include key terrestrial ecosystems, while the regions 
analyzed at right include key freshwater ecosystems. Image adapted from [8] © 2011 National Academy of 
Sciences, USA. 
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 Faced with such dire predictions, it is easy to become apathetic and simply ignore the problem, 
deeming it too massive, too complex, too intractable to solve. However, there is still time to 
mitigate the impact of climatic changes and to reduce our reliance on fossil fuels.
7
 Advancements 
in science and technology will play an essential role in our response to global climate change. It is 
unlikely that a single technology or cluster of technologies will be all that is required to 
adequately curb climate change or transition to a civilization that no longer requires fossil fuel. 
Instead, it is far more probable that a variety of discoveries and developments will be needed.
20
 
Considerable research activity (spanning multiple disciplines) is currently focused on key several 
areas. First, there is a massive push to improve existing systems for generation of renewable 
(solar, wind, tidal, biomass, etc.) electricity or heat.
21
 Second, several major projects are 
underway for the development of exotic methods for sustainable electricity generation, such as 
controlled fusion power or space-based solar power.
20,22
 Third, it is well-established that many 
existing technologies and processes can be made more efficient, potentially reducing energy use 
in the United States, for instance, by 30% below the “business-as-usual” scenario.23 While some 
of these improvements can be made using existing technologies, e.g., adoption of solid-state 
lighting, ongoing research is required in multiple areas, such as the recovery of waste heat.
24
 
Fourth, various methods to sequester CO2 are under active investigation.
25,26
 Finally, energy 
storage technologies are under increasing research scrutiny. This is being done in part to address 
problems with the intermittency of various renewable energy sources, and to aid the development 
of less CO2 intensive means for transportation (like electric vehicles).
27,28
 Even though the use of 
fossil fuels is by no means going to stop in the coming decades, advances made in the five areas 
described above will offset fossil fuel use and provide a path to a civilization less reliant on fossil 
fuels. 
 This thesis describes research studies that explore novel materials with deliberately engineered 
structures intended to improve methods of energy storage or conversion. Two specific means of 
energy storage/conversion are considered: lithium-ion batteries and the solar thermochemical 
production of fuels (H2 and syngas). Both of these energy storage methods have the potential to 
substantially reduce emissions from fossil fuels. For instance, advanced lithium-ion batteries 
could be used to store megawatts of renewable electricity. Thermochemically-synthesized 
hydrogen gas could find use in fuel cells for vehicles that only produce water as a by-product. 
Before moving to an outline of the research described in this thesis, it is important to give a 
background of the two energy storage methods that lie at the heart of this work.  
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1.2 Lithium-Ion Battery Fundamentals  
 Rechargeable or secondary batteries represent a large family of electrochemical storage 
devices that are capable of reversibly storing and discharging electricity via reduction-oxidation 
reactions. In general, secondary batteries are more expensive, store less energy per unit 
mass/volume, and are worse at retaining their state of charge than non-rechargeable batteries.
29
 
However, the ability of secondary batteries to be repeatedly charged and discharged offsets any 
initial expense. Some of these batteries can also be charged and discharged very quickly, 
providing high power per unit mass/volume.
30
 While many different types of secondary battery 
have been commercialized, the remainder of this introduction focuses on lithium-ion batteries. 
Aside from the importance of this type of secondary battery for the research described in this 
thesis, lithium-ion batteries are also widely used in portable consumer electronics, power tools, 
uninterruptable power supplies, and electric vehicles. The increasing dominance of lithium-ion 
batteries in the secondary battery market lies in the fact that lithium-ion batteries are better than 
most other types of secondary batteries in key performance metrics.
30
 Of particular note is that 
lithium-ion batteries can store a large amount of energy per unit mass/volume, can be charged and 
discharged over 1000 times without experiencing a significant degradation in performance, and 
can sit unused for months without losing much stored charge.
30,31
 That being stated, 
improvements are still needed for these batteries, especially with regards to their safety and 
further increasing their ability to store large amounts of charge.
32,33
 This section serves as a basic 
introduction to lithium ion batteries and their operation. Furthermore, a discussion of some of the 
challenges facing lithium-ion batteries and means to resolve these challenges is presented.   
 
1.2.1 The Lithium-Ion Cell 
 When discussing lithium-ion batteries, it is helpful to first describe the basic element present 
in these batteries, a lithium-ion cell. A lithium-ion cell consists of various components that are 
shown in Figure 1.2. As is the case for any electrochemical cell, two electrodes, the anode and the 
cathode, are present in the cell. These electrodes are generally composites made from active 
material particles, conductive carbon particles, and a polymeric binder that holds the composite 
together. When discharging the cell, an oxidation half-reaction occurs at the anode, releasing 
electrons and lithium ions. In the cathode, a reduction half-reaction occurs that consumes 
electrons and lithium ions. Thus, electrons and lithium ions flow from anode to the cathode 
during discharge. During charging, an external power source is used to supply the energy needed 
to operate the cell in reverse, causing electrons and lithium ions to flow from the cathode (now 
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the site of the oxidation half-reaction) to the anode (now the site of the reduction half-reaction). 
To ensure that electrons flow in the exterior circuit and do not simply cross from the anode to the 
cathode, the transport of electrons and ions needs to be decoupled. If this does not occur, a large 
current will develop in the cell itself, and heat will be generated instead of useful work. A porous, 
electrically-insulating polymeric separator is commonly used to separate the anode from the 
cathode. A liquid electrolyte is also present in the cell that typically is comprised of a lithium salt 
(like LiPF6 and LiBF4) that is dissolved in an organic carbonate solvent.
32
 While lithium ion 
conduction is reduced in the organic electrolyte when compared to an aqueous electrolyte, 
organic electrolytes allow for greater operating voltages, higher energies per unit mass/volume, 
and a much wider range of suitable electrode materials.
34
 
 
 
Figure 1.2 Diagram of a lithium-ion cell. The graphite anodes and LiCoO2 cathodes are commonly used in 
cells that power consumer electronics. Copper and aluminum are used as current collectors due to their 
electrochemical stability at the anode and cathode, respectively. Image reproduced from [33] © 2013 
American Chemical Society. 
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1.2.2 Basic Thermodynamics and Kinetics of Lithium-Ion Cells 
 Maier makes a useful analogy to another form of energy storage that is instructive in 
understanding how the lithium-ion cell operates from a thermodynamic perspective.
35
 Figure 1.3 
shows a schematic of this analogy, which compares pumped hydroelectric storage to a lithium-ion 
cell. For pumped hydroelectric storage (Figure 1.3 a), gravitational potential energy can be stored 
by pumping water from a lower elevation to higher one, and the amount of energy stored can be 
expressed using the simple relation ΔU = m·g·h. In this equation ΔU is the change in potential 
energy, m is the mass of water pumped uphill, g is the acceleration due to Earth’s gravity (at the 
surface), and h is the height the water is pumped. When this energy is needed, it can be utilized 
letting the water flow downhill and power turbines at a hydroelectric dam. A lithium-ion battery 
contains two electrodes with different chemical potentials. During charging, one can envision 
transferring  neutral Li atoms (lithium ions and electrons) from the electrode with a lower 
chemical potential (α) to one with a higher chemical potential (β) (see Figure 1.3 b).35 Work is 
required for this process, which (in an ideal case) needs to be equivalent to the change in the 
Gibbs free energy given by equation 1.1. 
       
          (1.1) 
In equation 1.1, n is the number of electrons transferred,   is Faraday’s constant, and Eθ is the 
voltage of the cell at standard conditions. When discharging, lithium is returned to the electrode 
with a lower chemical potential. Equation 1.1 then gives the theoretical maximum useful work 
that can be extracted from the cell. Overall, the efficiency of the process can be given by equation 
1.2.  
  
       
 
       
    
         
 
|       
 |
  (1.2) 
Since this process does not involve heat transfer, efficiencies can approach 100 %.
29,35
 However, 
in real cells irreversibilities do arise from heat losses that occur since the cell cannot be operated 
in a purely reversible manner (current has to flow during charge/discharge).
36
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Figure 1.3 Diagram of (a) pumped hydroelectric storage and (b) a lithium-ion battery. With pumped 
hydroelectric storage, water is transferred from a lower elevation to a higher elevation for storage. This 
water is returned to a lower elevation when it is needed to drive turbines for the production of electricity. In 
a lithium-ion battery, during charging, neutral Li is brought from an electrode (α) into an electrode (β) that 
has a higher μLi. When discharging, Li is returned to electrode α, and e
-
 is sent through an external circuit 
doing useful work. Image adapted from [35] © 2013 John Wiley & Sons. 
 
 Several key considerations in the design of lithium-ion cells can be understood by further 
taking into consideration the thermodynamics and how it relates to several other key parameters. 
Goodenough and Kim helpfully sketched the energy diagram for a general electrochemical cell 
(Figure 1.4).
34
 In the diagram, ΦA and ΦC, are the work functions for anode and cathode, while μA 
and μC are electrochemical potentials of the electrodes. The green box represents the 
electrochemical stability window for the electrolyte with Eg being the energy difference between 
the highest occupied molecular orbital (HOMO) and the lowest unoccupied molecular orbital 
(LUMO) of the electrolyte. Provided that the electrochemical potential of the anode remains 
below that of the HOMO of the electrolyte and the potential of the cathode is above that of the 
LUMO of the electrolyte, the battery can be stably charged and discharged with a given open 
circuit voltage, VOC = μa – μc (which is equal to E
θ
 above).
34,37
 For anodes and cathodes that lie 
outside the Eg window, it is still possible to repeatedly charge and discharge the combined cell. 
However, a layer of decomposed electrolyte, called the solid electrolyte interphase (SEI), has to 
be formed.
34
 This layer allows for ionic transport from the electrolyte to the electrode, but 
prevents electronic transport that can further degrade the electrolyte.
38
 As can be observed in 
Figure 1.4, the SEI provides an additional range to the window of stability, but it is kinetic in 
origin. Later in this thesis, half-cells are analyzed that contain an active electrode (a cathode) and 
a lithium counter electrode (an anode). Their operation is only possible because a stable SEI can 
form on the counter electrode, since the Li/Li
+
 redox couple lies outside Eg.
34
 It should also be 
noted that one can use the open circuit voltage and the theoretical amount of charge that can be 
stored per unit mass to determine the theoretical specific energy for a cell (ΛG, or the gravimetric 
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energy density). The same can be done using the theoretical maximum amount of charge that can 
be stored per unit volume (ΛV) to get the volumetric energy density. Using these quantities, the 
specific energy is equal to ΛG·VOC and the volumetric energy density is equal to Λv·VOC. For 
situations where the current does not conform to this thermodynamic limit, the equations (1.3 and 
1.4) listed below can be used. 
  ∫    
  
 
     (1.3) 
                 ∫         ⁄
  
 
  (1.4) 
In these equations, q is the total charge transferred, I is the current, V(t) is the voltage as a 
function of time, and m is the mass of the electrode. An analogous equation to 1.4 can be written 
for the volumetric energy density. 
 
 
Figure 1.4 Energy diagram for an arbitrary battery. Work functions and chemical potentials are given for 
the anode (ΦA, μA) and cathode (ΦC, μC). Eg is the window of voltages in which the electrolyte is stable. 
While the chemical potentials of the anodes and cathodes should lie in Eg for strict thermodynamic 
stability, a window of kinetic stability can exist outside Eg. Image adapted from [34] © 2010 American 
Chemical Society. 
 
 In addition to the SEI, several other kinetic considerations are of particular importance for 
lithium-ion cells. These kinetic effects are commonly grouped into three interrelated 
“polarizations” that alter the performance of the cell when compared to its theoretical 
maximum.
36,39
 Polarizations, in this sense, are deviations from VOC that stem from the various 
kinetic effects. All of the polarizations cause part of the useful work of the cell to be released as 
waste heat, thus lowering the overall efficiency of the conversion from chemical potential energy 
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to electricity.
40
 One polarization is termed the Ohmic or iR polarization. This polarization arises 
from a combination of the many internal resistances present in the cell, which includes 
contributions from electrical, ionic, interfacial resistances. Ohmic polarization also scales with the 
current of the cell, following Ohm’s law.39,40 Another polarization is the activation polarization, 
and, as can be inferred from the name, it arises from the charge-transfer reactions occurring at the 
electric double layer surrounding the electrodes.
36
 Full treatments of the activation polarization 
can be found in standard electrochemistry texts.
41
 Finally, a polarization, the concentration 
polarization, arises from diffusion limitations of electronic and ionic species in various 
components of the cell. Mass transport limitations can arise from the transport of Li
+
 in the 
electrolyte to the electrode surface, and also from solid state diffusion within the electrodes.
39,40
 
Addressing mass transport limitations in certain electrode systems is a major component of this 
thesis.  
 
1.2.3 Lithium-Ion Electrode Materials and Mechanisms 
 With a basic thermodynamic and kinetic framework of lithium-ion cells in place, the general 
types of lithium-ion electrode material can be described. There are different ways of grouping 
these lithium-ion electrode materials, and unified approach is adopted in this section. It is easiest 
to first categorize electrode materials by their structural similarities (Figure 1.5 a).
42
 Once that is 
done, it is important to consider the underlying storage mechanisms that occur in these groupings 
(Figure 1.5 b). However, it should be stated that these delineations are a bit blurrier than is 
shown, and the reason for this is discussed below. The first part of this subsection focuses solely 
on intercalation compounds, since most storage mechanisms can occur in these materials and the 
research discussed in this thesis is concerned only with intercalation compounds. A second, 
shorter part considers the two other groupings.  
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Figure 1.5 The (a) three major types of electrode material from a structural prospective, and (b) the four 
major mechanisms for Li
+
 charge storage. Image (a) adapted from [42] © 2013 American Chemical Society 
and image (b) adapted from [35] © 2013 John Wiley & Sons. 
 
 Starting with the first category in Figure 1.5 a, intercalation compounds are crystalline 
materials that contain crystallographic sites for lithium insertion and extraction. Two-dimensional 
(2D) hosts possess layered structures, and Li
+
 is intercalated/de-intercalated from interlayer 
spaces present in these structures. Graphite and LiCoO2–the most popular lithium ion battery 
anode and cathode materials, respectively–are examples of 2D hosts.33 Three-dimensional (3D) 
hosts lack a layered structure, and so Li
+
 is inserted and extracted from vacant sites in the host. 
Many of these structures contain one-dimensional empty channels (including various spinel 
structures) that allow for Li
+
 transport.
34
 Insertion and extraction of Li
+
 from intercalation 
compounds takes place via the first three mechanisms shown in Figure 1.5 b.
35,43
 First, a 
dissolution mechanism can take place, in which the parent crystal structure is preserved during 
Li
+
 insertion/extraction. Changes in the population of point defects in the structure do occur, and 
a solid solution is formed with the added Li ions.
35
 During this dissolution process, the voltage of 
the cell continuously changes. Second, a phase change mechanism can occur that typically 
involves the formation of a Li-poor and Li-rich phase. This generally occurs with an interface 
developing in individual crystals, but the phase change can also occur such that crystals with 
different extents of lithiation co-exist in a particular electrode.
43
 While the compositions of Li-
poor and Li-rich phases do not change, the relative amounts of each phase do change.
35
 
Additionally, the chemical potential of lithium also remains constant during this process, and the 
voltage of the cell remains invariant. Finally, an interfacial charge storage mechanism can arise in 
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certain materials. Often this mechanism termed intercalation pseudocapacitance, since it involves 
Li
+
 insertion/extraction redox reactions at the electrode-electrolyte interface.
44
 Intercalation 
pseudocapacitance is associated with a cell voltage that changes during operation because of the 
adsorptive processes that govern the mechanism.
45
 Since it occurs at an interface, the kinetic 
limitations of solid-state diffusion of Li
+
 is removed, allowing for rapid charge/discharge 
kinetics.
46
 For a given intercalation compound, multiple charge storage mechanisms can 
contribute to the overall capacity of a cell. Depending on the extent of lithiation, many 
compounds transition from dissolution mechanisms to phase change mechanisms.
35
 Increasing the 
interfacial surface area can also cause a shift to Li
+
 insertion/extraction dominated interfacial 
charge. Some authors have called this “extrinsic pseudocapacitance” because it requires that a 
material is structured at the nanoscale, which is often achieved only through deliberate materials 
engineering.
46
 
 Intercalation compounds were the first compounds to be commercialized for lithium-ion 
battery electrodes; however, two other important classes of compounds exist. Lithium alloys 
represent a large class of intermetallic compounds that are formed by the insertion and extraction 
of Li
+
 into metals and metalloids. Unlike the insertion compounds, which generally involve the 
insertion/extraction of up to one lithium per formula unit (or in rare cases two), multiple lithium 
units can be inserted/extracted from the alloys.
47
 As a result, lithium alloys are capable of having 
extremely high capacities. Uniformly, these types of electrodes insert and extract Li
+
 at very low 
voltages when compared Li/Li
+
 and only find use as anode materials.
42
 Both dissolution and 
phase change mechanisms can occur in the alloy materials. Displacement of a particular 
component of an alloy (such as Cu6Sn5 and SnO) can also occur, resulting in a flat voltage 
profile.
48
 Due to the formation of multiple intermetallic phases, multiple phase change events 
occur. These processes are also accompanied by considerable volume changes that can pulverize 
electrode particles unless materials are specifically engineered to avoid that problem.
47
 
Conversion compounds undergo even more dramatic changes than lithium alloys. These 
compounds (MXn, where M is a transition metal and X is anionic species) decompose into 
nanoscale metal particles inside a lithium salt matrix (LinX) upon insertion. The parent material is 
then regenerated during lithium extraction.
49
 In many cases, this decomposition is irreversible due 
to the lack of adequate interfacial area between the metal particles and the lithium oxide (or LinX) 
matrix. It is only possible to reverse the decomposition, if the metal particles have nanoscale 
dimensions.
49
 Most conversion electrodes, including transition metal oxides, are used as anodes, 
undergoing conversion below 1 V vs. Li/Li
+
. However, certain fluoride compounds can be used 
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as cathodes.
50
 Unlike alloys, conversion electrodes are not used in commercially-available 
lithium-ion batteries. 
 
1.2.4 Improving Lithium-Ion Batteries 
 As lithium-ion batteries are considered for use as stationary power storage units for the 
electrical grid and for electric vehicles with long ranges, several key improvements to these 
batteries must be made.
28,32
 First, the safety of lithium-ion batteries needs to be improved, 
especially since large batteries with a multitude of cells are required for advanced applications. 
Second, the specific energy and volumetric energy density of these batteries need to be 
dramatically increased. Finally, the amount of energy that can be extracted or stored in a given 
period of time, i.e., the specific power/volumetric power density, should be increased. The last 
two challenges are interrelated and strategies have been devised that simultaneously tackle each 
difficulty. This subsection addresses each of the three challenges in turn, with a special focus on 
safer anodes and engineering materials with nanoscale dimensions. 
 Though perfect conversion of the chemical potential to electricity would not generate heat, 
various kinetic limitations lead to the generation of waste heat, especially when high currents are 
used. Since lithium-ion batteries often contain a flammable solvent in the electrolyte and 
flammable components in their casings, heating and thermal runaway is extremely dangerous 
situation. While a major means of improving the safety of any battery is by engineering electronic 
control systems that regulate the connected cells,
29
 these systems will not be discussed. Another 
means to improve safety is to change the material characteristics of the various components of the 
lithium ion cells. Significant research efforts have been directed at reducing the flammability or 
extending the voltage window over which an electrolyte is stable with respect to degradation.
32
 
Additives can also be placed in an electrolyte that increase the thermal stability of a solvent, or 
can improve the stability of the SEI that forms on electrodes. Alternate electrolyte systems have 
also been explored, including ionic liquid, polymeric, and inorganic electrolytes that are far less 
flammable than carbonates.
34
 Improving the electrolyte is especially important for cathodes, since 
these electrodes can operate outside the electrochemical stability window for many organic 
electrolytes. In most cases, a stable SEI cannot be formed on cathode materials, which means 
changes to the electrolyte are the only means of preventing unsafe operating conditions.
34
 Some 
success has been achieved at preventing dangerous side reactions by coating cathodes with 
inorganic compounds.
28,31
 This has also helped the safety of cathodes designed to operate at 
elevated temperatures. Most anodes, in contrast, can form a fairly stable SEI. Unfortunately, 
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lithium plating can still occur on the SEI layer in anode materials, and this can lead to dangerous 
short circuits. One remedy has been to consider alternate oxide materials that operate at higher 
voltages vs. Li/Li
+
, thus staying in the stability window of the electrolyte.
42
 Titanium dioxide has 
a capacity comparable to graphite anodes, and is an attractive candidate anode that is explored in 
this thesis. An extended discussion of TiO2 anodes can be found in the introduction of Chapter 3. 
 Energy density concerns for lithium-ion batteries are at the forefront of discussions about how 
to make electric cars more attractive, and have been held up as a key metric for battery research 
by the United States Department of Energy.
28
 One strategy for improving energy densities is 
through the discovery of new electrode materials for the lithium-ion cells that comprise lithium-
ion batteries. This strategy is most important for cathode materials,
51
 since lithium alloy anodes 
exist with extremely high specific energies and volumetric energy densities.
47
 Since new cathodes 
are not a focus of this thesis, only a few comments should be made. First, part of the discovery 
process is focused on finding cathodes with suitable redox couples that allow for ΦC/μC to be as 
high as possible, but within the stability window of the electrolyte.
34
 Second, some promising 
cathode materials have a μC slightly outside the range of typical electrolytes, so this search is also 
liked to discovery of better electrolytes and additives.
31
 Third, tailoring the covalency and ionicity 
of M–O or M–X bonds in the cathode can adjust μC or stability for certain compounds. For 
instance, increased covalency in oxide cathodes can shift the energy of O-2p bands, avoiding a 
situation in which the cathode material begins to evolve oxygen at sufficiently high voltages vs. 
Li/Li
+
.
34
 Part of this search has also focused on compounds that contain polyanions, and have 
open channels for Li
+
 transport. Certain polyanions have substantially increased electronegativity 
when compared to monoanions, thus increasing the ionic character of the M–X bonds.51 This 
alters the energy of the lowest unoccupied metal 3d band, resulting in a lower μC and higher Voc 
(Figure 1.6). Finally, improvements for materials that have solid solution-based 
insertion/extraction mechanisms can be achieved by incorporation of high degrees of structural 
disorder.
35
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Figure 1.6 Diagram showing how polyanions with increasing electronegativity change the position of μC 
and can increase the open-circuit voltage of a lithium-ion cell. Image adapted from [51] © 2013 American 
Chemical Society. 
 
 In addition to the discovery of new materials, better utilization of a given cathode can be 
attained by deliberately designing nanoporous or nanocrystalline materials.
28
 Anodes can also be 
improved via structural changes. Electrodes with nanoscale dimensions can have different values 
for μc or μa, which can increase the VOC of a lithium-ion cell.
52
 These materials also have shorter 
length scales for diffusion, removing certain kinetic limitations in poorly-conducting materials. In 
this manner, more energy can be stored and extracted from a cell under practical charge/discharge 
conditions.
52
 Mechanisms for the insertion and extraction of Li
+
 can change, allowing for greater 
charge storage.
43,52
 Nanoscale intercalation and lithium alloy anodes can accommodate the strain 
of insertion/extraction better than their coarser counterparts, which allows for a greater utilization 
of the theoretical energy density.
47
 Unfortunately, improving materials via nanostructuring is 
often a double-edged sword. While the specific energy is often increased, nanoscale electrodes, 
especially those that contain pores, have lower densities that can negatively impact the volumetric 
energy density.
53
 
 Improvements to the power density of both anode and cathode materials are also a crucial goal 
for lithium-ion battery research. The general approaches to improving the power density of 
electrode materials are much the same as for the energy density. Some researchers have searched 
for novel electrode compositions, and others have sought to engineer existing electrodes so that 
they deliver more energy high charge/discharge rates. In terms of the latter avenue for improving 
electrodes, nanostructuring is an extremely attractive route for improving power densities.
53
 
Nanosized and nanoporous materials have high specific surface areas. When compared to 
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electrodes with coarser structural features, electrodes with increased electrolyte-accessible surface 
areas have more available sites for reactions with Li
+
 ions, and experience lower current densities 
at fast charge/discharge rates.
29,52
 This can alleviate problems due to activation and concentration 
polarizations. A high surface can also mean that interfacial charge storage contribute more to 
overall capacity. Since interfacial charge storage does not require solid-state diffusion, this 
mechanism allows lithium-ion cells to achieve high power densities.
46
 Diffusion lengths are short 
in these materials, which means that the diffusion time constant for Li
+
 is reduced. Since Li
+
 can 
quickly diffuse through an electrode with nanoscale grains, the kinetic limitations of solid-state 
diffusion disappear and high power densities can be realized.
53
 Finally, nanocomposite materials, 
i.e., materials with two or more phases mixed at <100 nm length scales, can also improve the 
power density of electrodes.
28
 Electrodes with poor electronic conductivity can be coated with a 
secondary carbon phase that is electronically conductive and does not impede Li
+
 transport 
(Figure 1.7).
54
 This arrangement of material can improve power densities, and is further discussed 
in Chapter 3. 
 
 
Figure 1.7 An example of a nanocomposite electrode morphology. A thin carbon layer allows for transport 
of electrons into and out of LiFePO4 particles. Lithium ions can freely move through the carbon, as well. 
Image from [54] © 2008 John Wiley & Sons. 
 
1.3 Renewable Chemical Fuel Production 
 Lithium-ion secondary batteries play a crucial role as energy storage devices for a wide range 
of applications; however, it is unlikely that these batteries will become the dominant means for 
energy storage. Chemical fuels will complement lithium-ion batteries and other secondary battery 
systems. There several reasons why many researchers are studying methods to sustainably 
produce chemical fuels. First, the specific energies and volumetric energy densities attainable in 
secondary batteries still lag the densities of energy-rich compounds like hydrocarbons, alcohols, 
and hydrogen (Figure 1.8).
55
 These fuels can be directly used in internal combustion engines, or 
be used in another type of device for the conversion of chemical potential energy to electricity, 
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the fuel cell. Fuel cells are open systems that require a steady stream of a chemical fuel (H2 gas, 
CH4, alcohols, etc.) and an oxidant (typically O2) to operate.
56
 While more research is needed for 
fuel cells to be widely adopted, these devices can provide higher specific energies than what is 
attainable in secondary batteries and, in some cases, higher specific power.
36,57
 Second, there is an 
existing infrastructure for the transport and storage of liquid hydrocarbons, gaseous 
hydrocarbons, and alcohols. A similar infrastructure has yet to be developed for electric vehicle 
charging stations and the implementation of such an infrastructure is still being researched.
58
 
Finally, chemical fuels are cheaper to produce than assembled batteries.
36
 Currently, chemical 
fuels are inexpensive since they are almost exclusively derived from fossil fuel sources. Even 
hydrogen gas is almost exclusively derived from hydrocarbon feedstocks.
59
 However, as fossil 
fuel resources increase in price and changes to the global climate accelerate, the carbon-neutral 
production of chemical fuels from sustainable feedstocks will become more attractive. 
 
 
Figure 1.8 Comparison of the masses (top) and volumes (bottom) needed to achieve a 500 km range for a 
vehicle using diesel fuel (left), compressed hydrogen gas (middle), and a state of the art lithium-ion battery 
system (right).  Image reproduced from [55] © 2009 John Wiley & Sons. 
 
 Solar energy has the potential to revolutionize the production of chemical fuels, providing an 
abundant, renewable energy input for sustainable fuel production. There are multiple means to 
produce fuels using solar energy, and the most important are ways to convert abundant, small 
molecule reactants (H2O and CO2) into useful fuels (Figure 1.9). Photovoltaic devices can be used 
to power electrolysis systems, including systems that use advanced fuel cell technologies. High 
efficiencies are possible with these systems (20–30% solar-to-fuel efficiency).60 While hydrogen 
gas production is commonly studied, syngas (a mixture of H2 and CO) can also be produced using 
solid oxide electrolysis systems.
61
 Syngas can subsequently be converted into liquid hydrocarbons 
 18 
 
via the Fischer-Tropsch process over iron or cobalt-based catalysts.
62
 Other research teams have 
studied the use of integrated photoelectrolysis systems that use p-type/n-type semiconductor 
junctions to produce both H2 and syngas.
63,64
 Realized efficiencies are low, and fuel production is 
fairly slow in these systems.
63
 Aside from inorganic systems, biological systems can also be used 
for fuel production via the photosynthesis pathways already present in many organisms. 
Fermentation can aid fuel production, and genetic engineering can be used for the creation of 
organisms that can produce high yields of specific fuels.
65,66
 Unfortunately, the low efficiency of 
photosynthesis and steep water/nutrient requirements have somewhat hampered the development 
of these biochemical pathways.
60
     
 
 
Figure 1.9 Diagrams of three possible pathways to sustainably produce chemical fuels. The top shows the 
capture and conversion of small molecule reactants (H2O and CO2) into hydrocarbon fuels. These fuels can 
then be combusted or used in a fuel cell. In the middle, only H2O is captured and turned into H2 fuel. A 
scheme for the conversion of biomass (via fermentation, gasification, etc.) into useful fuels is shown at the 
bottom. Image adapted from [61] © 2011 Elsevier. 
 
1.3.1 Introduction to Concentrated Solar Power for Fuel Production 
 While the aforementioned techniques harness only part of the solar spectrum, it is possible to 
use the full solar spectrum by concentrating sunlight (via mirrors) onto a reactor. Extremely high 
temperatures can be attained at the focal point of the incoming solar radiation.
67,68
 In this fashion, 
it is possible to drive the endothermic reactions that produce H2 or syngas. While the gasification 
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of biomass and the decomposition of fossil fuels like coal and oil can be accomplished with 
concentrated solar radiation,
69,70
 this section focuses only on the production of H2 or syngas from 
small molecule reactants (i.e., H2O and CO2). Though this thermochemical method of producing 
renewable fuels has yet to be commercialized (as is discussed below), the use of concentrated 
sunlight is a viable means for the production of electricity.
71
 This technology, termed 
concentrated solar power (CSP), uses the concentrated solar radiation to heat fluids that 
ultimately drive steam turbines. Both the United States and Spain have operational, megawatt-
scale CSP facilities.
72
 As a consequence, significant knowledge has been gained regarding the 
design of the CSP facilities that has, in turn, aided the study of thermochemical fuel production.
73
 
Specific reactor designs for fuel production have to account for the type of CSP facility to be 
used, and the efficiency of the solar collection by the CSP facility is an important factor in the 
overall efficiency of the fuel production process.
74
  
 Since the only energy input for the solar thermochemical fuel production is from reflector-
concentrated sunlight, it is important to present the major CSP technologies (including those that 
can be adapted for fuel production). Furthermore, it is important to note what CSP technologies 
can satisfy the steep energetic requirements for the fuel-producing reactions. The basic types of 
CSP facilities are shown in Figure 1.10; however, the design specifics vary from facility to 
facility.
68,71
 Parabolic trough systems are comprised of sun-tracking mirrors that are curved in the 
shape of a parabola, and have a fluid-containing pipe (absorber) at their focal points. They are 
most commonly used for electricity generation, but cannot achieve sufficient temperatures in the 
absorber tubes for thermochemical fuel production.
71
 Linear Fresnel reflectors systems consist of 
a series of flat, sun-tracking mirrors that concentrate solar radiation along a linear absorber tube. 
Like the parabolic toughs, insufficient solar concentration is achieved using linear Fresnel 
reflectors for fuel-producing reactions.
72
 However, the other two CSP technologies, the heliostat 
field (aka the “power tower”) and the parabolic dish, are capable of concentrating sunlight to over 
1000 times the typical solar irradiance (~1000 W/m
2
).
71
 Temperatures exceeding 1500 °C can be 
attained. Heliostat fields accomplish this through the use of an extensive field of mirrors 
(heliostats) that are capable of tracking the sun along two axes. These mirrors then focus sunlight 
on a massive receiver tower that contains a reactor or a secondary parabolic mirror that further 
collects sunlight and focuses it on a reactor on the ground.
67
 In contrast, the parabolic dish 
consists of either a single parabolic shaped mirror or a set of linked mirrors that are capable two-
axis tracking of the sun. All of the collected sunlight is focused onto a single point close to the 
mirror system, and a receiver/reactor is placed at this point.
68
 Both the aforementioned systems 
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have been employed for “on-sun” experiments by the German Aerospace Center (heliostat 
fields),
75
 Sandia National Labs (parabolic dish),
76
 and the Weizmann Institute of Science 
(heliostat fields).
77
 To further understand why only heliostat fields and parabolic dishes can be 
used, the fuel production reactions and their thermodynamics have to be discussed.    
 
 
Figure 1.10 Diagrams of the four major CSP technologies. Only the dish/engine and heliostat field systems 
are suitable for fuel production. Image adapted from [68] © 2012 Royal Society of Chemistry. 
 
1.3.2 One-Step Thermolysis of H2O 
 The idea that heat could be harnessed to split water or carbon dioxide has been developed 
through a series of fits and starts since the 1960s.
78
 An initial period of active research stretching 
from the 1960s to the 1980s laid down much of the ground work for the thermochemical 
production of hydrogen from water, including fundamental thermodynamic analyses. Even at that 
point, researchers knew that the splitting of water is extremely unfavorable at ambient conditions 
(see Figure 1.11).
79
 Equation 1.5 at 25 °C and 1·10
5
 Pa has the following values for      
 , 
     
 , and      
 .
80
 
                 ⁄       (1.5) 
     
              
     
               
     
             
Water is assumed to be initially in the liquid phase for the thermodynamic quantities listed in 
above. While the thermolysis reaction only becomes spontaneous at extremely high temperatures 
(ca. 4000 °C), Fletcher and others considered the feasibility of direct, one-step water splitting.
79
 It 
was determined that even with only limited conversion to H2, system efficiencies could be high 
(~50 %) for reaction temperatures between 2000 °C and 2500 °C. However, an efficient process 
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can only be realized if some method for separating the product O2 and H2 is devised. Several 
methods have been proposed, including membranes for effusion-based gas separation,
79,81
 rapid 
quenching with a cold gas stream,
82
 and separation via the use of solid oxide ionic conductors.
83
 
Unfortunately, no method has thus far been able effectively separate the gases at ultra-high 
temperatures and prevent their recombination back into H2O.
60
 Furthermore, later reanalysis of 
the blackbody re-radiation of light in CSP reactors revealed that efficiency losses are much worse 
at ≥2000 °C than previously believed.84 Thus, research into the one-step thermolysis of water has 
been largely abandoned. 
 
 
Figure 1.11 Plot showing the change in enthalpy and Gibbs free energy vs. temperature for the splitting of 
H2O (red) and CO2 (blue). Required cell voltages are also shown for electrolysis systems. Image adapted 
from [61] © 2011 John Wiley & Sons.  
 
1.3.3 Breaking Thermolysis into Multiple Steps 
 Another direction of the early research into thermochemical fuel production was the discovery 
and analysis of multiple-step thermochemical cycles that sum to the water thermolysis reaction.
85
 
By dividing the thermolysis of H2O into a cycle of reactions, one is essentially increasing the 
entropy of the overall process at the expense of the maximum attainable efficiency (i.e., a fully 
reversible Carnot cycle based on the thermolysis reaction).
80
 However, as long as the net reaction 
is the thermolysis of water, the required temperatures for the individual steps are significantly 
lower than those needed for one-step thermolysis. Abraham and Schreiner,
86
 worked out a basic 
thermodynamic framework for these thermochemical cycles, and analyzed several hypothetical 
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and experimentally-tested cycles. The key requirement for these processes, assuming complete 
reversibility for all steps, lies in the required entropy changes. Due to the reversibility of this 
thermodynamic process, the sum of all the positive entropy processes (associated with heat input 
steps) and all negative entropy processes (associated with heat rejection steps) needs to equal 
zero.
86
 Therefore, the absolute minimum for the positive entropy change (   ) of the whole 
process is given by equation (1.6).   
    
 
     
    
     
 
            
⁄   (1.6) 
In this equation: Q is the total heat inputted into the system for a cycle, THigh is the maximum 
temperature reached in a reaction step, TLow is the minimum temperature reached in a reaction 
step, and    
 (H2O) is  given above. As a consequence of the entropic requirement, at least three 
reaction steps are needed to keep THigh below 725 °C, provided that TLow is set at 25 °C.
86
 Much 
of the thermochemical fuel production research in the 1960s and 1970s did not consider 
renewable solar heat, but was focused on the use of heat from fission reactions.
78
 Since controlled 
fission reactions are only capable of heating compounds to ~1000 °C, cycles with three or more 
steps were extensively studied. Many candidate cycles were developed in this period, including a 
cluster of related cycles that all include the endothermic decomposition of sulfuric acid.
85
 One 
promising set of reactions, the sulfur-iodide process, is presented as example in reactions (1.7–
1.9). 
                          ⁄         (1.7) 
                                          (1.8) 
                         (1.9) 
There are two things to note. Reaction (1.7) occurs in three separate steps that net the written 
reaction, and HIx is written since polyiodides (  
   and pure (I2) can be present in steps 1.8 and 1.9 
of the cycle.
67
 Research into multistep cycles continues, albeit at a reduced pace when compared 
to 1970s and 1980s.
87,88
 New cycles have been devised that involve high-temperature reactions of 
metal oxides with liquid alkali hydroxides or less caustic alkali carbonates.
89,90
 Overall, the 
development of multi-step fuel production cycles has been hampered by problems caused by the 
corrosive nature of many of the materials needed for the reactions (like H2SO4 and NaOH), and 
the energy costs associated with the mixing/separation of reactants and products.
78,88
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1.3.4 Two-Step Solar Thermochemical Fuel Production: General Remarks 
 In a sense, the comprise solution for solar thermochemical fuel production lies in the 
development of two-step cycles. These cycles are all based on the endothermic reduction of a 
metal oxide species alongside the exothermic oxidation of the reduced material by H2O and/or 
CO2.
67
 The second step produces a fuel (H2 or syngas) and regenerates the metal oxide. Reactions 
1.10–1.12 are a general representation of the reactions needed for a two-step metal oxide 
thermochemical cycle.     
Endothermic thermal reduction (TR) step: 
            ⁄      (1.10) 
Exothermic fuel production (OX) steps: 
                    (1.11) 
                    (1.12) 
Here MOx is an unreduced metal oxide, MOx-δ is a reduced form of the metal oxide and the 
abbreviations “TR” and “OX” are used as subscripts for thermodynamic quantities related to the 
reactions. By splitting the thermolysis of H2O/CO2 into two steps, distinct advantages can be 
realized compared to either one-step or multiple-step cycles. When compared to direct, one-step 
thermolysis, two-step cycles can reduce the highest temperature needed (in this case for the 
reduction step) to roughly 1300 °C–1700 °C. Thermal degradation of ceramic materials is 
lessened at these temperatures, and re-radiation losses are kept to an acceptable level.
84
 Two-step 
cycles can also allow for simpler gas separation, since O2 and the fuel are produced in different 
steps. With regards to multi-step cycles (three or more steps), the two step cycles have an inherent 
advantage from an efficiency standpoint.
86
 For many multiple-step cycles, only H2O can be split 
to produce H2.
67,87
 There is no analogous limitation for two-step cycles, and CO can be readily 
produced.
68
 Since the thermodynamics of CO2 thermolysis are similar to those for H2O 
thermolysis (see Figure 1.11), only minor differences are typically found when splitting H2O vs. 
CO2 in two-step cycles.
73
 Unfortunately, the two-step cycles themselves present many challenges 
from both materials design/discovery and thermal engineering standpoints.    
 
1.3.4.1 Thermodynamics of Two-Step Cycling 
 When considering the candidate oxides for two-step thermochemical fuel production, both the 
overall, material-independent thermodynamics of the two-step cycle and the thermodynamics of 
specific materials for two-step thermodynamic fuel production need to be considered. 
Independent of any specific metal oxides, the cycle can be treated as a heat engine connected to a 
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hypothetical, perfectly efficient fuel cell.
73
 Therefore, the output work is simply the Gibbs energy 
for the thermolysis reaction. Utilizing the general formula for the maximum efficiency (    ) for 
a heat engine (equation 1.13),      for an arbitrary two-step, water-splitting cycle can be given 
by equation 1.14.   
       
    
   
    (1.13) 
       
     
 
    
    (1.14) 
The quantity     
  is the positive enthalpy change of the endothermic reduction step, which is the 
only heat input. Again, this analysis assumes that all reactions are reversible. With this Carnot-
like heat engine, the maximum efficiency can also be given by equation 1.15.   
      
   
   
            
 
   
    
            
 
   
    
     
   (1.15) 
For equation 1.15 above, TThermolysis is the temperature required for the spontaneous thermolysis 
(of water or CO2), THigh is the temperature used for the thermal reduction step, and TLow is the 
temperature used for the oxidation step. Miller et al. considered the two equations for the 
maximum efficiency listed above and analyzed the interplay between the relevant variables.
91
 
Based upon the assumption that           for the thermochemical process (which is twice 
what Siegel, Miller, and others believe is needed for a real process), only a limited range of 
enthalpies (    
 < 327 kJ/mol for water-splitting) for the thermal reduction step satisfy this 
requirement.
91
 Additionally, this limitation restricts THigh to between ~725 °C to ~1725 °C and 
establishes a requisite TLow for a given THigh. This type of analysis allows one to easily constrain 
the materials selection process, and avoid unwise choices of materials. Unfortunately, this 
analysis points to a potential problem. When considering the entropy via equation 1.6, the entropy 
change of the reduction step should be fairly high. Since the majority of this change in entropy is 
due to oxygen production (129 kJ/K·mol) and metal oxide only contributes little to the entropy, a 
fairly severe constraint is established.
91
 However, the situation is not as dire as this analysis may 
suggest. Adjustments to the pressure of the reactor, improvements in heat recovery, and increased 
fuel production from a material for a given two-step cycle all can favorably change the 
thermodynamic requirements.
73
 
 Specific metal oxides can be analyzed using existing thermochemical data and a framework 
developed by Meredig and Wolverton.
92
 They started with the assumption that     
  and 
       
 /        
  have to be less than or equal to zero (i.e., spontaneous). Relating this back to 
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the formation enthalpies and entropies of the various components, the following equations can be 
derived (shown here for water-splitting).
92
 
    
      
            
  
 
 
     
           (1.16) 
       
       
         
          
            
       
        
      (1.17) 
 In 1.16 and 1.17,      
  is the entropy of oxygen at the temperature of the thermal reduction 
step,      
  is the entropy of hydrogen at the temperature of the oxidation step, and       
  is the 
entropy of water at the temperature of the oxidation step. Formation enthalpies of hydrogen and 
water at the temperature of the oxidation step are given by        
  and         
   Merdig and 
Wolverton noted that these equations do not need to be strictly satisfied for a two-step cycle, 
since non-equilibrium conditions can be used to drive either reaction (and these conditions are 
experienced in real reactor systems).
92
 Also, O2 and H2/CO are produced even when     
  
       
  are slightly positive. Still, this analysis provides a means to screen for potentially useful 
oxide materials that can be used in two-step cycling. Once reliable thermodynamic data is 
obtained for a given oxide (experimentally or through a computational method) it is possible to 
determine suitability from a thermodynamic standpoint. This is shown in Figure 1.12 for several 
dozen binary oxides, assuming a THigh of 1727 °C and a TLow of 727 °C. One item to note is that 
no binary oxide exists that satisfies the requirements imposed by equations 1.16 and 1.17.
92
 
Instead, the cycles tend to favor one step, typically the oxidation step. While the binary oxides 
analyzed by Merdig and Wolverton did not meet the criteria of equations 1.16 and 1.17, Miller et 
al. used the same analysis (THigh = 1500 °C) and found that several well-studied materials (with 
well-known thermodynamics) met the criteria.
91
 Part of the reason that Miller et al. was able to 
satisfy these equations is that they adjusted the theoretical TLow and theoretical p(O2) for the 
reduction.
91
 Both of these can easily be changed in an actual reactor system, and allow for more 
efficient operation. A final point from these analyses is that an effort should be made to find 
materials with a high     
 , especially for materials cycled for a small THigh–TLow.
80
 By increasing 
    
  one can potentially access the green region in Figure 1.14 where both reaction steps are 
favorable; however, there is a distinct chance that such an oxide does not exist. 
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Figure 1.12 Values for     
  (called            ) and     
  (called            ) for 105 oxide materials. 
THigh is set at 1727 °C and TLow is set at 727 °C. Previously studied cycles have been labeled. Cycles that lie 
above the blue/brown line contain a spontaneous gas-splitting reaction step and those below the red line 
contain a spontaneous reduction reaction. Image reproduced from [92] © 2009 American Physical Society. 
 
1.3.4.2 Kinetics Factors in Two-Step Cycling  
 While Miller et al. and Meredig and Wolverton’s analyses are extremely helpful, these 
analyses only consider the thermodynamics of the cycle and neglect some fairly critical 
points.
91,92
 For instance, the kinetics of the reduction and reoxidation steps are not considered. 
From an efficiency standpoint (see equation 1.15) it is best to run these cycles so that TLow is as 
low as possible (i.e.     
  is fairly close to zero). However, this has the potential to adversely 
affect reaction kinetics, creating a situation where fuel production is too sluggish to be of any use. 
As a result of this challenge, multiple research studies have focused on how to improve the 
kinetics of the oxidation step. The main strategies have included the synthesis of metal oxides 
with high surface areas,
93-96
 and the use of catalysts.
97
 This also explains why many heavily 
investigated cycles have favorable values for     
  at the expense of     
 , a point uncovered by 
Wolverton and Meredig.
92
 The thermal reduction step is typically run at such high temperatures 
that the reaction kinetics are far more rapid than those of the oxidation step. Furthermore, 
adjustments to the partial pressure of oxygen, p(O2), in the reduction step (including via vacuum 
pumping) can improve the extent of reduction for many oxide species.
91
 While increasing THigh 
improves the reduction extent for many materials, improves kinetics, and can improve the 
efficiency, it can cause deleterious changes to the metal oxide. Many candidate metal oxides 
 27 
 
sinter extensively in the range of 1000 °C to 1700 °C, leading to a loss of surface area.
94
 When 
this occurs, the kinetics for the fuel production step are degraded, and can even degrade to a point 
that fuel production essentially stops.
98
 Unfavorable solid-state reactions
75
 or phase transitions 
can also occur during this step.
99
 Sublimation of a metal oxide is encountered due to the high 
temperatures need for THigh. This phase change is extremely detrimental for metal oxides that are 
supposed to remain solid during cycling, and presents difficult challenges when complete 
vaporization is expected (e.g. Zn metal).
91
 Later in this section, many of these points are brought 
up again in the outline of the research work.   
 
1.3.4.3 Reactor Design Concerns in Two-Step Cycling 
 Before returning to a discussion of candidate materials that generally fit the thermodynamic 
requirements listed above, a note needs to be made concerning the reactor system. While a 
comprehensive discussion of reactor design is far beyond the scope of this thesis, a few salient 
points are useful for the continued discussion. First, no real process exists where the steps are 
completely reversible. Energetic losses, especially from the transfer of thermal energy out of the 
reactor system, are widespread. Therefore, sophisticated reactor designs are needed to minimize 
these losses.
73
 Since both the metal oxide and the reactant/product gases are heated to extremely 
high temperatures, recuperation of some or most of the thermal energy transferred into the system 
is essential.
100
 Unfortunately, solid-phase heat recuperation at >1000 °C is extremely difficult 
from an engineering standpoint, especially when considering that the recuperator is likely to 
experience significant creep and thermal shocks.
76
 Second, as alluded to with respect to the 
recuperator, massive thermal gradients are generated in most proposed reactors.
80
 These gradients 
can arise from the fact that incoming solar radiation is spatially non-uniform in a given reactor,
94
 
Also, these gradients arise because the metal oxides have a finite heat capacity and have to be 
cycled rapidly between THigh and TLow. Deformation or outright fracture of ceramic components 
can occur under these extreme conditions (Figure 1.13).
98
 Since certain reactors rotate the active 
metal oxide from an “on-sun” hot zone (for reduction) to a cooler zone (for oxidation), the 
rotating parts in these reactors are especially prone to damage.
76,101
 Third, this discussion has so 
far centered on what is called “temperature-swing” cycling, for obvious reasons. Recently, it has 
been proposed that isothermal cycling is possible for certain materials.
102,103
 Isothermal cycling 
does have a distinct advantage that thermal gradients generated in the reactor are far less severe 
than in temperature swing cycling, and a mechanism for switching between high and low 
temperatures is not needed.
103
 However, the thermodynamic feasibility of this process is in 
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question, especially considering the energy requirements needed to heat CO2 and H2O at a 
suitable isothermal reaction temperature (ca. 1400 °C).
84
 Large amounts of gas are potentially 
needed to sweep out reactants and products, which also require separation. Finally, flowing inert 
gas or vacuum pumping can be used to establish a low p(O2) for the reduction step.
88
 Vacuum 
pumping is generally thought to be more energy efficient;
84
 however, vacuum pumping is not 
used in this thesis. 
 
 
Figure 1.13 A ceramic component containing iron oxide particles in yttrium-stabilized zirconium oxide 
that has fractured from thermal stresses experienced during cycling. Thirty-two cycles were performed with 
TLow = 1100 °C and THigh = 1400 °C. Image reproduced from [98] © 2008 Elsevier. 
 
1.3.5 Candidate Materials for Two-Step Solar Thermochemical Fuel Production 
 Many different metals oxides have been analyzed for suitability in two-step solar 
thermochemical cycling from both a theoretical and experimental standpoint.
91
 However, it is 
believed that only a few kinds of oxide materials have the potential to deliver the ~20 % solar-to-
fuel efficiency needed to make this technology competitive.
100,104,105
 As a result, research has 
primarily focused on three main groupings of materials: ferrites, zinc oxide, and cerium oxide-
based materials. While these materials all operate on the same principles outlined above 
(endothermic reduction and exothermic reoxidation/fuel production), there are massive 
differences between these groupings with respect to their thermodynamics, kinetics, and phase 
transformations.
68
 The next three paragraphs will touch on the particularities for two-step 
thermochemical cycling of ferrites, zinc oxide, and cerium oxide-based materials. A final short 
paragraph at the end will describe two promising new classes of compounds that were recently 
investigated.   
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1.3.5.1 Iron Oxide and Mixed Metal Ferrites 
 The first metal oxide considered for thermochemical cycling was Fe3O4,
106
 and research into 
mixed metal spinel ferrites (MxFe1-x)3O4 continues to this day. For the basic undoped iron oxide 
cycle, the relevant equations for reduction (1.18) and water-splitting (1.19) are given. However, 
the mixed metal ferrites can be reduced to varying degrees of non-stoichiometry via a more 
complicated mechanism.
91
 
                   ⁄         (1.18) 
                               (1.19) 
Fe3O4 was initially studied, and is capable of producing good fuel yields for the first few cycles.
67
 
It is also capable of producing syngas at various ratios.
107
 However, fuel production drops 
substantially as cycling is continued, since the wüstite FeO product melts during thermal 
reduction. Once FeO melts, substantial liquid phase sintering occurs that reduces the surface area 
of the active material and closes any open pores.
67
 Since the diffusion of ions in Fe3O4 is fairly 
slow, any sintering that increases diffusion lengths can effectively deactivate the material.
91,108
 To 
stabilize the structure of the ferrites, two main strategies have been employed. The first is the 
addition of transition metal cations to the Fe3O4 structure.
104,109-114
 This can reduce the 
temperature needed for thermal reduction and prevent the wüstite phase from melting. Optimal 
doping levels are essential, since it possible to alter the redox thermodynamics so the oxidation 
step is highly unfavorable at intermediate temperatures or create materials that sublime during 
reduction.
91,104,111
 Significant boosts in fuel productivity are possible with the correct dopants.
111
 
The other means of improving stability is to combine either Fe3O4 or (MxFe1-x)3O4 with ZrO2 or 
yttrium-stabilized ZrO2. Both composites and coated supports have been synthesized.
115-119
 With 
respect to the composites, studies have indicated that the active species for water-splitting are Fe 
ions dissolved in ZrO2 and Fe ions in small (MxFe1-x)O particles.
118,119
 Unfortunately, poor 
utilization of the Fe ions occurs if the (MxFe1-x)O particles are larger than several μm, due to 
problems with ionic transport. A high weight percent of the support is required to prevent 
formation of large particles of active material.
118
 Despite the challenges that exist, researchers 
have developed rotating reactor systems using supported ferrites
120,121
 and reactor containing a 
fluidized bed of unsupported nickel ferrite particles.
122
 Batch reactors have also been constructed 
using ZrO2-supported ferrites, and these reactors have been tested using a heliostat field CSP 
system.
75
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1.3.5.2 Zinc Oxide 
 Unlike the ferrites, when zinc oxide (ZnO) is used for two-step thermochemical fuel 
production, it is fully reduced to metallic Zn and vaporizes. This phase change makes the zinc 
oxide cycle quite different from an engineering standpoint than the ferrite-based two-step cycles. 
The relevant reactions for the ZnO cycle are shown in 1.20 (reduction) and 1.21 (water-splitting). 
               ⁄          (1.20) 
                            (1.21) 
Once ZnO is reduced, the Zn needs to be separated from oxygen, or the reaction temperature 
needs to be rapidly lowered.
123
 Metallic Zn vapor can react rapidly with oxygen formed during 
the reduction step, recombining into ZnO without any fuel production. In addition to this 
difficulty, μm-scale particles of Zn reoxide slowly due to the build-up of ZnO on the surface of 
these particles.
124
 Reaction rates are initially high and are mediated by adsorption at the Zn-gas 
interface.
125
 Once a ZnO layer is formed, the reaction rates decrease and change to a diffusion-
controlled mechanism. Transport of Zn ions through the ZnO layer is slow, which causes the poor 
kinetics.
126,127
 As a consequence, attempts have been made to quench and then condense Zn as an 
aerosol containing nm-scale particles.
128,129
 Good fuel production yields (>80 % for H2/CO) are 
possible through this technique, and the fuel can be produced from the rapidly from the aerosol, 
requiring only seconds to reoxidize in a H2O or CO2.
126
 However, problems still exist surrounding 
the recovery of ZnO after oxidation is complete. In addition to fundamental studies, an 
experimental reactor system containing ZnO has been created.
130
 This reactor contains a rotating 
drum that is lined with ZnO tiles. ZnO particles are fed into the reactor, reduced by solar 
radiation, and then the Zn is swept out to a cool zone for oxidation via an Ar gas stream. While 
many engineering challenges still exist for the ZnO/Zn system, a recent economic analysis 
determined that this cycle may be cost competitive in the latter half of the 21
st
 century.
105
 
 
1.3.5.3 Cerium Oxide and Cerium-Containing Mixed Oxides 
 Cerium dioxide is a relatively new material to be explored for two-step thermochemical fuel 
production, but has quickly become one of most popular candidate materials for thermochemical 
cycling. The rise of interest in cerium dioxide is a result of several advantages that material has 
when compared to other materials studied for production of solar fuels. For typical cycling 
conditions, CeO2 is reduced to non-stiochiometric phase that contains Ce
3+
 and Ce
4+
 along with 
oxygen vacancies.
131
 Oxidation restores the CeO2 and refills the oxygen vacancies in the 
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structure. Reactions 1.22 and 1.23 are the reduction and oxidation (water splitting) reactions for 
the two-step cycle. 
                    ⁄          (1.22) 
                                  (1.23) 
     
    
    
        
    ⁄      (1.24) 
      
        
          
    
    (1.25) 
In reaction 1.24 and 1.25, the reduction and water-splitting reactions in Kröger-Vink notation are 
shown. For these reactions,   
   is a doubly-ionized oxygen vacancy,     
  is a Ce(III) ion on a Ce 
site,   
  is an oxygen ion on an O site, and     
  is a Ce(IV) ion on a Ce site. Reduction 
temperatures are typically kept between 1200 °C to 1700 °C; corresponding to a δ between ~0.01 
and 0.1.
91,95,131
 During this whole process, the cerium oxide remains a solid with a cubic fluorite 
crystal structure. Capping the reduction temperature below 1700 °C also avoids the problematic 
material losses causes by the high temperature sublimation of cerium oxide.
99
 Despite the fact that 
cerium oxide can only be reduced to a limited degree of oxygen non-stoichiometry, efficiencies 
of over 20% have been predicted for this cycle, assuming reasonable heat recuperation.
100
 Aside 
from high predicted efficiencies, the fact that cerium oxide remains a solid is a distinct advantage 
from the standpoint of reactor construction. It is also beneficial that cerium oxide does not need to 
be combined or supported on an inactive material, like what is required for the ferrites. Still, 
realized efficiencies are low for cerium oxide. Reactor systems have been engineered and 
tested,
94,132
 but the best reported efficiency is only ~3 %.
95
 These reactors are cavity-type reactors 
that lack heat solid recuperation, so reactor improvements are needed. However, the materials 
used in the reactors also suffer from kinetic limitations and problematic sintering.
94
 Improvements 
are needed in both increasing the reduction extent (to allow for a lower value of THigh) and in 
enhancing the kinetics of the slower oxidation step.
96,133
 Further discussions about cerium oxide-
based materials are found in the first sections of both Chapter 7 and Chapter 8. 
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Figure 1.14 Diagram of a cavity-type reactor designed by researchers in Switzerland and the United States. 
Monolithic pieces of cerium oxide are placed in the cavity and are surrounded by thermal insulation. 
Incident light is further concentrated by a compound parabolic concentrator (CPC) in the reactor. Image 
reproduced from [94] © 2012 Royal Society of Chemistry. 
 
1.3.5.4 Hercynites and Perovskites 
 In the last few years, researchers have published reports on two additional classes of oxides, 
hercynites and perovskites, which can be used for solar thermochemical fuel production. The 
two-step hercynite cycle was discovered as a result of atomic layer deposition of a ferrite, 
CoFe2O4, on an Al2O3 support.
134
  During thermal reduction, cobalt ferrite and Al2O3 experience a 
solid-state reaction, forming an iron and cobalt aluminates (reaction 1.26). After oxidation in H2O 
or CO2, the ferrite phase is regenerated and fuel is produced (reaction 1.27, shown for H2O).  
                                              ⁄         (1.26) 
                                                          (1.27) 
When temperature-swing cycling was used, rapid production of oxygen was observed after 
reduction at 1460 °C.
135
 Similar to cerium oxide, production of CO was found to be slower than 
O2 production and is likely controlled by reactions at the surface of the aluminates.
135
 Isothermal 
cycling at 1350 °C was also shown to be possible with these materials, and high levels of H2 
production were reported.
136
 However, large quantities of inert gas were needed to sweep 
reactants out of the reactor. While only CoFe2O4 has been explored, other ferrite materials may be 
able to be used for this type of cycling. In contrast to the hercynite cycle, the newly studied 
pervoskite oxides undergo similar reactions to CeO2.
137
 These materials can be reduced to a 
certain degree of oxygen non-stoichiometry and then reoxidized.
138-140
 Initial reports for some of 
the materials are quite promising, for instance Sr0.6La0.4Mn0.6Al0.4O3-δ produces more H2 than 
cerium oxide cycled in similar conditions.
139
 Another advantage is that a multitude of perovskite 
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oxide compositions exist that undergo redox reactions suitable for thermochemical fuel 
production.
141
 Furthermore, key thermodynamic properties are known for some of these 
materials.
137
 An extended discussion of the perovskite oxides is given in Chapter 8. 
 
1.4 Outline of the Remainder of the Thesis 
 While the research in this thesis is focused on materials for the two energy storage and 
conversion applications discussed in Sections 1.2 and 1.3, certain structural aspects of the 
synthesized materials are important in the discussions later chapters. Distinct commonalities exist 
in the methods in which porosity is generated for the materials described. Pores are generated in 
these materials via the use of sacrificial templates that are removed during processing. An 
overview of various templating methods is provided in Chapter 2. This chapter both aids later 
discussion and provides further context for why the use of porous materials is crucial in these 
energy storage applications.  
 Chapters 3, 4, 5, and 6 are all part of an investigation into the use of porous TiO2 and porous 
composites of TiO2/C as anode materials for lithium-ion cells. For all of the syntheses described, 
porosity is generated in the anodes through the use of sacrificial templates. These templates 
contain ordered lattices of polymer spheres that are few hundred nm in diameter, and the spaces 
between the spheres are filled with liquid precursors. Removal of the template and conversion of 
the precursor to a solid generates the porous materials. All the resulting materials contain small 
crystallites of TiO2, high electrode-electrolyte surface areas, and short diffusion lengths, allowing 
for various capacity and power advantages described earlier. Chapter 3 examines the impact that 
two different chelating agents have on the resulting structure of TiO2/C materials and the 
performance of these materials as anodes in lithium-ion cells. An additional focus is placed on 
how changing pyrolysis temperatures impacts both structures and electrochemical properties. The 
carbon phase is also eliminated from one of the types of composite, and this porous TiO2 anode is 
also electrochemically tested. Chapter 4 describes an exploration of how various cationic dopants 
change the structure of the porous materials and the capacity of these materials for reversible Li
+
 
insertion/extraction. Precursor compositions are modified from those described in Chapter 3. 
Chapter 5 is again focused on undoped TiO2/C; however, less-toxic precursors are used. 
Structural changes that result from the use of these precursors are discussed, alongside their 
electrochemical properties. In addition, theses carbon-rich composites are cycled, so that Li
+
 
intercalation/deintercalation into the carbon phase occurs. Higher capacities are obtained for the 
composites than for a porous carbon reference anode. Chapter 6 describes the conversion (via the 
use of an alkali hydroxide solution) of porous TiO2 to sodium titanate, hydrogen titanate and 
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TiO2. Specific surface areas are increased considerably via this process, and possible mechanism 
for the conversion is explored. 
 Chapters 7 and 8 discuss materials for solar thermochemical cycling. Again, porous materials 
are synthesized via a template comprised of ordered polymeric spheres. This specific pore 
structure allows for better oxidation kinetics via moderate surface areas, an interconnected pore 
network, and short diffusion lengths. Chapter 7 investigates the chemical redox cycling of porous 
cerium zirconium oxide. Zirconium is used as a dopant to improve both the thermal stability of 
the porous material relative to cerium oxide and its extent of reduction. Cerium zirconium oxide 
does increase fuel yields, provided the content of Zr is kept below ~30 mol%. Additionally, the 
effect of phase demixing via the use of specific precursors is explored. Chapter 8 describes a 
series of explorations focused on the use of various dopants for porous cerium oxide. New porous 
materials for two-step cycling are also described both from a structural perspective and from their 
ability to produce fuel. Finally, a brief summary and outlook is given in Chapter 9. 
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Chapter Two 
Controlling Macro- and Mesostructures through  
Hard and Soft Templating 
 
 
 
 
 
 
 
 
 
 
 
 
Parts of this chapter are from: Petkovich, N. D.; Stein, A. Controlling Macro- and Mesostructures  
with Hierarchical Porosity through Combined Hard and Soft Templating. Chem. Soc. Rev. 2013,  
42, 3721-3739. – These parts are reproduced by permission of The Royal Society of Chemistry. 
Available at: http://dx.doi.org/10.1039/C2CS35308C 
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2.1. Introduction to Templated Porous Materials 
 For most of recorded history, humanity was completely unaware of the impressive variety of 
complex, microscopic structures that exist in the natural world. Only in the last 400 years, starting 
with the advent of the optical microscope, have we been able to glimpse the intricate architectures 
of the materials that surround us. What has been found during that time is nothing short of 
astonishing, and perhaps taken for granted, since microscopy is now commonplace. A block of 
wood contains aligned networks of porous cells whose function is to transport water. Certain 
species of algae, diatoms, have porous, silica-containing shells that function as protective cell 
walls. With the development of electron microscopy, researchers have gained the ability to 
resolve natural structures at even smaller length scales. For instance, the wing of the Morpho 
butterfly is composed of periodic nanometer-sized scales that were determined to be the source of 
its iridescent coloration. Minerals, such as aluminosilicate zeolites, possess a crystalline 
framework with pores that are on the Å-scale.  
 While there are many examples of hierarchical complexity in nature, the focus of this chapter 
is how to synthesize materials with complex pore architectures at the µm- and nm-scale. These 
hierarchically-porous materials are an exciting new frontier for materials research. For a variety 
of compounds and composites, it is now possible to simultaneously realize the advantages 
provided by multiple pore size regimes.
1
 Mesopores (2–50 nm in diameter) and micropores  
(<2 nm in diameter) help impart a high surface area and pore volume in a material, providing 
numerous reactive sites, size-selectivity for molecules, and a substantial interfacial area. These 
small pores can then be coupled with larger macropores (>50 nm in diameter) that can improve 
mass transport through a structure, offsetting any diffusion limitations present in purely micro-
/mesoporous materials. Owing to their structure, hierarchical materials provide substantial 
performance boosts in numerous applications: energy storage, energy conversion, catalysis, 
catalytic supports, filtration, sensing, medical diagnostics, and medical therapies.
1
 
Well-controlled “self-assembly” approaches, wherein a host of interactions direct spontaneous 
equilibrium structure formation (or the formation of kinetically-stable states), are elegant 
pathways for the synthesis of hierarchically-porous materials that would be difficult or expensive 
to generate otherwise. Of course, this is all provided that one can find suitable conditions and 
design the proper compounds for self-assembly processes. 
 Every synthesis of porous materials described in this thesis uses some type of rigid or semi-
rigid material as a “hard template.”  A good way to understand this type of templating is through 
an analogy to the millennia-old technique of metal casting. In hard templating, one first finds a 
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rigid, porous object with nm- or µm-scale features.
2
 This is the template or “mold.” Then one 
must find a precursor, generally a liquid, which either adheres to the surface of the template or 
fills the void spaces within the template. After a series of processing steps, the precursor is 
transformed into a solid material. Keeping with the analogy, this solid can be considered the 
“cast” in the “mold.” Finally, one removes the template, liberating the cast. If the precursor was 
coated on the template surface, a hollow replica of the template is obtained.
2
 Alternately, if the 
precursor fills the void spaces of the template, the negative replica of the template is obtained.
1
 
 Another form of templating, soft templating, is a useful pathway for the formation of materials 
with ordered mesopores. The building blocks of soft templates are amphiphilic molecules known 
as surfactants, which contain both hydrophilic and hydrophobic domains. In water or polar 
solvents, these surfactants can self-assemble into supramolecular aggregates called micelles. By 
altering certain variables (temperature, pressure, surfactant concentration), it is possible for the 
micelles to organize even further, undergoing a phase transition to a lyotropic liquid crystalline 
state.
3
 True to the name, a lyotropic liquid crystal possesses crystal-like orientational order and a 
liquid-like mobility of the constituent surfactants.
4
 Researchers discovered that certain inorganic 
precursors can co-assemble with surfactants and form a solid structure surrounding a liquid 
crystalline phase. Unlike hard templating, the precursor actively participates in the self-assembly 
of the liquid crystalline template.
5
 After processing and removal of the liquid crystal, a porous 
mesostructured material, the negative replica of the liquid crystal template, is formed. Further 
research has increased the flexibility of this process far beyond the mesoporous SiO2 materials 
first synthesized in the 1990s, including new syntheses that combine hard and soft templating.
5
   
 The next two sections are a more comprehensive discussion of hard and soft templating for the 
synthesis of porous materials. These sections serve as a framework for an extended discussion of 
the great diversity of porous materials that can be synthesized through multiple templating. The 
discussion on multiple templating is limited to specific examples from the past few years. The 
examples illustrate how pore architectures can be tuned and how different types of compounds 
can be templated. Key examples are also given of how these materials have already shown 
excellent performance in many different applications. 
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2.2 The Fundamentals of Hard Templating  
 Hard templating pathways for the production of porous materials offer an opportunity for the 
accurate replication of a template structure. The mold and cast analogy from the introduction 
works well for these materials. That being said, the analogy slightly breaks down in actual 
syntheses. Different factors, including interactions between the precursor and the template, can 
change the pore architecture present in the final porous material. In other cases, hard templates 
are formed during the course of a synthesis. Ultimately, the product may not be an exact inverse 
replica of the mold. But to understand why that is the case, a description of the possible materials 
that can be used as hard templates and then general steps of hard templating must be presented. 
 
2.2.1 Types of Hard Template 
 Many types of rigid structures with µm- or nm-scale features can be used as templates (Figure 
2.1). Some of these hard templates could be considered mundane, including some materials that 
might not even seem suitable for advanced nanochemistry. For example, a piece of filter paper 
contains a network of µm-sized cellulose fibers that can serve as a template for hollow tubes of 
SiO2.
6
 Other templates are more exotic, and allow for the production of intricate porous 
structures. Going over every possible template is beyond the scope of this chapter. However, key 
families of hard templates can be identified. For the purposes of this section, three distinct groups 
of hard templates are discussed: extended structures, in situ templates, and discrete particles. The 
rationale for this division lies in differences between the general synthesis steps for each of these 
groups, and this point is further discussed in Section 2.2.2. 
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Figure 2.1 A compilation of images that show representative examples for certain categories of hard 
templates. The following materials are presented: a plant stem (a), freeze-dried starch (b), a polymeric 
colloidal crystal (c), a three-dimensionally ordered macroporous structure (d), a polyurethane foam (e), an 
AAO membrane (f), an in situ NaCl crystal template (g), a polymer produced from an AAO membrane (h), 
individual colloidal spheres (i), and rod-shaped nanoparticles (j). Adapted with permission from [29] (a) 
©2010 Springer; from [32] (b) and [48] (inset) ©2010, 2012 Elsevier; from [39] (c), [47] (e), [8] (g), [33] 
(i), and [12] (j) ©2009, 2010, 2011 American Chemical Society; from [26] (f) ©2010 John Wiley and Sons; 
and from [54] (f) ©2010 Royal Society of Chemistry. 
 
2.2.1.1 Macroscopic Structures 
 Many different preassembled hard templates can be used for the synthesis of porous materials 
with spatial dimensions that are resolvable (or nearly resolvable) by the human eye. These 
“macroscopic structures,” as they are referred to in this chapter, include films, fibers, powders  
(up to hundreds of µm), and monolithic objects with dimensions greater than one mm. Certain 
kinds of hard template are only available as a single type of macroscopic structure. For instance, 
sheets of aluminium can be electrooxidized, producing anodized Al2O3 (AAO) membranes with 
cylindrical macropores normal to the surface (Figure 2.1 f).
7
 The macroscopic morphology of this 
type of template is limited to a planar sheet. In contrast, other kinds of hard template have a far 
greater diversity of macroscopic structures. For instance, many different macroscopic 
morphologies are available when using templates derived from biological materials.
2
 Similarly, a 
range of macroscopic structures can also be formed through deliberate changes to the synthesis of 
a hard template. Colloidal crystals are one such example. These templates typically consist of 
self-assembled face-centered cubic arrays of monodisperse polymer or SiO2 spheres (Figure 2.1 
c). To produce colloidal crystals, one typically starts with a suspension of colloidal spheres. 
Depending on how the suspension is processed, different macroscopic structures can be produced. 
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Sedimentation of a sphere suspension under gravity generally leads to the formation of 
monolithic colloidal crystals or powders, while controlled evaporation of the suspension onto a 
substrate leads to the formation of colloidal crystal films.
1
 
 
2.2.1.2 In Situ Templates 
 Hard templates do not always have to be formed (or found) prior to a synthesis; a compound in 
the precursor can be transformed into a template. This compound can either be a solute 
intentionally added to the precursor solution, or even the solvent itself. Subsequent thermal 
processing induces physical or chemical transformations that convert the compound into the solid 
template. Many different materials can function as an in situ hard template. Salts (Figure 2.1 g),
8
 
carbon,
9
 and ice crystals
10
 are a few such examples that are encountered in a subsequent section. 
Carbon is used as an in situ template for several different porous materials discussed in Chapters 
3, 4, and 6. In general, porous materials produced from in situ hard templates have a monolithic 
macroscopic structure. 
 
2.2.1.3 Discrete Particles 
 For a variety of applications, discrete, colloidal particles (smaller than 10 µm in size) are 
favored over macroscopic structures. Different hard templates can be utilized for the formation of 
various templated particles, allowing for precise control over particle dimensions and shape. 
Monodisperse colloidal spheres, such as polymer or SiO2 spheres, are fairly common templates 
for the synthesis of hollow spherical particles (Figure 2.1 i).
11
 Additionally, hollow spheres 
containing encapsulated particles (yolk or rattle structures) are readily synthesized using these 
discrete particle templates. Other nm- or µm-scale particles can serve as hard templates. As an 
example, colloidal metal oxide particles
11,12
 (Figure 2.1 j) can be employed as templates for 
hollow,  non-spherical objects. 
 
2.2.2 Synthesis Routes for Hard Templating 
 Once one has selected a hard template, the next step is to synthesize a templated porous 
material. The general schemes described herein are employed both in hard templating and 
combined hard and soft templating. While the general steps in any hard templating synthesis are 
fairly similar, each of the three groups of hard templates has unique requirements for their use. 
Templating using macroscopic structures serves a good starting point for the discussion of 
synthesis routes, since these types of hard template are frequently used in examples of multiple 
templating described later in this chapter and the rest of the thesis. 
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2.2.2.1 Templating with Macroscopic Structures 
 Four general steps are needed to synthesize a porous material from a hard template (Figure 
2.2), starting with the synthesis of a precursor solution. While gas-phase molecules or solid 
particles can be used as precursors, solution-based precursors are principally used for multiple 
templating.
1
 For the formation of a templated inorganic material, the simplest solution-based 
precursor is a salt dissolved in a polar solvent. Metal alkoxides dissolved in aliphatic alcohols are 
also commonly used as precursors. With metal alkoxides, formation of the final inorganic 
material needs to be catalyzed by acid or base. When SiO2 is the targeted composition of the 
porous material, a common precursor solution is a mixture of the alkoxide tetraethyl orthosilicate 
(TEOS), aqueous hydrochloric acid, and ethanol.
1
 The synthesis of templated carbon-containing 
materials can be accomplished through the use of low molecular weight phenol-formaldehyde 
oligomers (PF sol) dissolved in a polar solvent. An acidic catalyst is also added ensure 
cross-linking of the oligomers.
13
  
 
 
Figure 2.2 Schemes detailing the hard templating process. Left: An example of hard templating conducted 
using an infiltration process. Right: An example of hard templating conducted via a coating process.  
 
 Step two consists of filling or coating a hard template with a precursor. This is done by either 
letting a precursor solution infiltrate the void spaces of hard template via capillary action (Figure 
2.2, left), or by soaking a hard template in the precursor solution (Figure 2.2, right).
2
 Ensuring 
that the precursor uniformly fills or coats the template is a crucial part of this step. Several 
important things need to be considered in order to achieve this goal. First, the precursor solution 
should easily wet the template surface (i.e., have similar polarity). Second, the precursor needs to 
have sufficiently low viscosity so it can easily fill or coat the template. Additional solvent in the 
precursor often helps in this respect, provided the precursor does not become too dilute to 
adequately fill a template. Different methods that rely on the assistance of vacuum suction can 
also improve the infiltration of low viscosity precursors (and remove excess solvent).
1
 Finally, 
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one must check that the precursor does not swell or dissolve the hard template.  
 After the template has been coated or filled, the precursor needs to be transformed into a 
solid-phase material. Chemical or thermal treatments are required for this step. Sol-gel chemistry 
is generally used to form templated inorganic oxides. In the initial step, hydrolysis of the salt 
(equation 2.1) or alkoxide (equation 2.2) takes place. Acid or base-catalyzed condensation occurs 
next, which produces oxo- (equation 2.3) or hydroxo- (equation 2.4) linkages between 
metal/metalloid atoms. Colloidal oxide clusters form during this process, producing a sol (a solid 
colloid dispersed in a liquid).
14
 
 
M–X + H2O → M–OH +ROH, X = Anion (2.1) 
M–OR + H2O → M–OH + ROH (2.2) 
M–OH + XO–M → M–O–M + X–OH, X = H or R (2.3) 
M–OH + M–OX → M–(OH)–M–OX, X = H or R (2.4) 
 
Continued condensation, often at elevated temperatures, leads to the formation of a 
three-dimensional gel. Other non-hydrolytic sol-gel routes can be used, including routes that 
involve the condensation of metal carboxylates and alkoxides.
15
 Citric acid or other 
polycarboxylic acids are capable of binding metal ions and can then undergo a condensation 
polymerization with various polyols.
16,17
 A polyester gel that contains well-distributed metal ions 
is formed though this route, commonly known as the Pechini process. For templated organic or 
carbon materials, polymerization of PF polymeric sol takes place through a similar condensation 
route, leading to a cross-linked resin.
13
 No matter what precursor is used for templating, it is 
essential that rapid gelation or uncontrolled precipitation is avoided. This can be challenging for 
certain precursors. Transition metal alkoxides, for instance, require highly acidic conditions, 
chelators, and/or inert gas environments to slow the rate of condensation.
18,19
 Chelating agents 
and highly acidic conditions are used to stabilize precursors described in Chapters 3, 4, 5, and 6.  
Further consolidation of the network of the templated material is often needed via high 
temperature (>300 °C) thermal treatment. This treatment increases the degree of condensation for 
the templated material and also help removes residual solvent from the structure. Crystallization 
of many metal oxides takes place at elevated temperatures, as does carbonization of PF resin.
13,18
 
Proper control of the temperature, heating rate and hold times is critical. Considerable shrinkage 
of the porous material (~20–40%) generally takes place, and uncontrolled evaporation (or 
combustion) of residual precursor can further exacerbate this phenomenon.
18
 Also, a targeted 
crystalline polymorph may only form in a certain temperature range. Excessive temperatures or 
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prolonged thermal treatment can cause undesired solid-state reactions, sintering, and crystalline 
growth, leading to densification of the structure and closure of pores (if the template is already 
removed).
1
 Removal of the template is the final and sometimes optional step. Chemical etching is 
a viable option for many different templates, including oxide templates. Templates containing 
SiO2 are etched away in hot, concentrated alkali hydroxide or hydrofluoric acid (HF).
3
 Other 
metal oxide templates, such as AAO membranes, can be dissolved in strong acids.
7
 Suitable 
organic solvents are often used to dissolve polymeric templates. Unfortunately, it is difficult to 
remove all residual template material via etching and several cycles of etching may need to be 
performed. One must also make sure that the etching chemical does not dissolve the porous hard 
templated material. Plasma can also be employed to etch out polymeric templates.
20
 A further 
advantage of this is that residual organic groups can be removed and infiltrated nanoparticles can 
be sintered together into a cohesive network.
20
 
 With polymeric templates, another common option for this final step is thermal treatment in 
either an O2-containing environment (calcination) or an inert gas environment (pyrolysis). 
Calcination is quite effective at removing the template; however, appropriate temperature ramps 
should be used to avoid localized heating that can disrupt the structure during combustion.
1
 
Pyrolysis is used to depolymerize polymeric templates into monomers or oligomers. Flowing 
inert gas can be used to flush out these molecules and any other reaction products from a system.  
 
2.2.2.2 In Situ Pathway 
 For syntheses that employ in situ templates, the infiltration or coating step is not required. The 
template is formed during a chemical or thermal processing step. Control over the amount of 
template and the location of the template are the key factors in determining pore morphology.
21
 
Template content is, in principle, easy to control, as one can increase the amount of template 
precursor in the reaction mixture. However, compatibility with the other precursor components 
must be ensured. Additionally, a high content of template can lead to fragile structures that 
collapse during template removal, whereas a low content of template can lead to isolated, closed 
pores.
21
 Phase separation of the template during processing allows for the formation of extended, 
interconnected pore networks.
21
 This process must be carefully controlled and optimized with 
respect to reaction temperature, concentration of precursors, and/or catalyst used for formation of 
the template.   
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2.2.2.3 Templating with Discrete Particles 
 The basic synthesis steps needed for the formation of porous materials via discrete particle 
templates are essentially outlined in the right side of Figure 2.2. However, a new challenge comes 
about that is directly tied to the small dimensions of the discrete particles. When a discrete 
particle template is dispersed in a precursor, that precursor must be directed to the particle surface 
and preferentially coat it. If this is not achieved, the precursor may coat other surfaces in the 
reaction vessel or precipitate without coating the template.
11
 Formation of a contiguous shell can 
be achieved through modification of the exposed surfaces of the particle templates. One needs to 
have a good idea of what intermolecular interactions or reactions are sought to ensure a favorable 
coating. In many cases, electrostatic interactions can be used to draw a precursor to a surface and 
direct the coating process.
11
 Polymer spheres often carry a charge from the initiator used in their 
formation, or can be functionalized with carboxylate groups.
1
 Adsorption of polyelectrolytes, 
generally polystyrene sulfonate (negative charge) or poly(diallyldimethylammonium) salts 
(PDDA, positive charge), can also be used to tune surface charge on a template. SiO2 spheres 
offer additional functionalization options, due to the presence of surface hydroxyls. These groups 
can undergo reactions with alkoxides that are bonded to organic functional groups, such as 
aliphatic amines.
22
   
 Once the appropriate modifications to the discrete particle template surface have been made, 
coating can take place. Salt or alkoxide precursors are added to solution, and these precursors 
precipitate or condense at the template surface.
11
 Surface sites, such as the amines mentioned 
earlier, can initiate sol-gel processes.
23
 Intermolecular forces can also be harnessed to chelate 
precursors or attract precursors of opposite charge.
22
 It cannot be stressed enough that it is not 
trivial to prevent the precursor from precipitating, condensing, or aggregating away from the 
template surface. Strict control of the rate of precipitation/condensation is critical. 
 
2.3 The Fundamentals of Soft Templating 
 The self-assembly that occurs during soft templating is a remarkable phenomenon that 
involves the structuring of surfactant, precursor, and solvent molecules. Comprehending the 
processes that govern self-assembly may seem daunting, but by understanding three interrelated 
topics, a solid foundation in soft templating can be gained. The first topic is the self-assembly of 
surfactants in solutions that do not contain inorganic or organic precursors. The second topic is 
types of surfactant molecules that are used in soft templating. The final topic is the soft-
templating synthesis techniques themselves, including the processes that govern the formation of 
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a mesoporous material. Through a deeper understanding of the variables that impact 
mesostructure formation, better control can be established over the final architecture of the 
mesopore network. Much of this knowledge is the basis for attempts to control mesostructure 
formation in syntheses that employ multiple templates. 
 
2.3.1 Self Assembly of Micelles and Liquid Crystals 
 Without question, the most important part of soft templating is ensuring that micelles and/or a 
liquid crystalline phase develop. Two conditions have to be met before micelles can form in any 
solution. First, micelles do not form below a given temperature range, the Krafft temperature.
4
 
The surfactant does not appreciably dissolve below that temperature and remains a hydrated solid. 
However, solubility increases dramatically once the Krafft temperature is reached.
4
 The 
surfactant concentration can then be increased to a narrow concentration range at which micelles 
spontaneously form. This is the critical micelle concentration (cmc); the second condition 
mentioned above.
3
 After reaching the cmc, any added surfactant is incorporated into micelles. 
 Once micelles form in solution, their shape dictates what liquid crystalline phases can form. 
The shape of a micelle depends on the structure of the surfactant molecule. A useful concept, the 
packing parameter (g), can be used to explain why certain liquid crystals form in solution.
24
 
Simply defined, the packing parameter is g = vo/(aelo), where vo is the volume of the hydrophobic 
tail, ae is the equilibrium area of the headgroup on the micelle surface, and lo is the chain length 
of the tail. Of these variables, ae is the most complex because it depends on the equilibrium 
thermodynamics of the solution, including the interfacial tension and the repulsion between 
surfactant headgroups.
24
 Table 1 shows how the packing parameter is related to the typical shape 
of the micelle. Low values of g imply that the interface between the micelle and solution is highly 
curved, while higher values mean the interface is less curved. In order of increasing g, spherical, 
rod-like, and disc-like micelles are found in solution.
3
 While reversed micelles and liquid crystals 
can also be formed (g > 1), these structures will not be discussed. Even though new 
intermolecular interactions (precursor–surfactant) are present during soft templating, the packing 
parameter is still quite useful for understanding changes in micelle shape. However, the value of 
g may be considerably different for a surfactant dissolved in a precursor solution versus a 
surfactant dissolved in a solvent.
18
   
 In addition to determining micelle shape, the packing parameter can help determine what 
liquid crystalline phases form with the addition of more surfactant to solution.
3
 Figure 2.3 shows 
models of various types of liquid crystals observed in a surfactant-containing solution. For this 
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section, the cubic, 2D hexagonal and lamellar structures are the most commonly encountered in 
templated materials. One set of cubic phases (I) are comprised of spherical micelles that are 
packed in cubic arrangements.
25
 Another set of cubic phases (V1) are composed of surfactant 
bilayers folded into complex cubic geometries. This structure is bicontinuous with a continuous 
surfactant and solvent phase.
3
 The 2D hexagonal phase consists of extended cylindrical surfactant 
structures packed in a hexagonal arrangement.
25
 For the lamellar phase, the surfactants are 
arranged in stacked bilayers. Typical phase changes observed upon increasing the wt% of 
surfactant in solution are listed in Table 2.1 for different g values. These phase changes generally 
hold in soft templating, but exceptions arise because of interactions between various components 
in the precursor solution.
5
 More substantial changes can arise from liquid crystal confinement in 
nm-scale pores.
5
 It is then best to thoroughly a characterize templated material for an accurate 
picture. Small-angle X-ray scattering (SAXS) and transmission electron microscopy (TEM) are 
particularly useful in this regard.
25
 
 
 
Figure 2.3 Computer generated images of common liquid crystalline phases. Fm-3m, Im-3m and Pm-3n are 
all cubic phases (I). Ia-3d is a bicontinuous cubic phase (V1). P6mm is the 2D hexagonal phase and Lam is 
the lamellar phase. Adapted with permission from [25] ©2009 American Chemical Society. 
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Table 2.1 Changes in micelle shape and phase. 
g = vo/(aelo) <1/3 ~1/3–1/2 ~1/2 ~1/2–1 1 
Micelle Shape 
Spherical 
Micelles 
Elliptical 
Micelles 
Rod-Like 
Micelles 
Disc-Like 
Micelles 
Bilayers 
Phase Changes Upon 
Increasing Surfactant 
Concentration 
Cubic (I) to 
2D Hex.  
to 
Cubic (V1) 
to 
Lamellar 
2D Hex. 
 to 
Cubic (V1) 
to 
Lamellar 
2D Hex.  
to 
Cubic (V1) 
to 
Lamellar 
Lamellar 
or 
Cubic (V1) 
to  
Lamellar 
Lamellar 
Packing Shape
a 
Cone 
Truncated 
Cone 
Truncated 
Cone 
Truncated 
Cone 
Cylinder 
a
 Shape of the surfactant in a micelle or liquid crystal. 
 
 Micelles and liquid crystals are dynamic structures that are readily altered when changes are 
made to the surrounding solution. Rapid shifts to new equilibria are possible, since surfactant 
molecules quickly exchange (hundreds to thousands of times per second) from micelles to 
solution and vice versa.
3
 One simple change has already been described, the addition of more 
surfactant. This can increase micelle size or change the liquid crystalline phase.
14
 Aromatic or 
aliphatic hydrocarbons dissolve in the dense hydrophobic cores of some micelles (up to a point).
4
 
This addition causes micelle cores to swell, and is one method to increase pore size in soft 
templating. Addition of salts into solution can impact the packing parameter, causing changes in 
micelle shape or liquid crystal phase. The exact effect of salt addition is highly dependent on both 
the cation/anion and the specific surfactant.
14
 
 
2.3.2 Types of Surfactant 
 A considerable flexibility in synthesis conditions, mesopore size, and precursor compounds is 
possible in soft templating only by changing the surfactant. Fortunately, there are many 
surfactants that have been synthesized for their utility in consumer and industrial products. 
Amphiphilic molecules have many roles to play in commercial products, such as detergents for 
cleaning, emulsifiers (including those used in latex paints), and wetting agents.
4
 While one may 
not be able to choose a soft template by reading the ingredients of a shampoo bottle, the rich 
chemistry of surfactant molecules is ready to be used in conjunction with inorganic and organic 
precursors. 
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 Three major classes of surfactant molecules can be harnessed for soft templating: cationic, 
anionic, and non-ionic surfactants. These surfactants are named because of the charge the head 
group does or does not carry in neutral pH solution. Cationic surfactants are comprised of at least 
one amine functional group that serves as a hydrophilic head group and at least one hydrophobic 
tail.
4
 A greater diversity of head groups available for anionic surfactants, including sulfates, 
sulfonates, carboxylates and phosphates (which are attached to a hydrophobic tail). In soft 
templating, ionic surfactants typically interact with precursors via electrostatic interactions, 
including interactions with intervening ions.
5,18
 Electrostatic interactions are rarely important in 
the most popular class of surfactants, non-ionic surfactants. The structure of non-ionic surfactants 
varies widely from Brij surfactants—which contain a linear alkyl chain connected to a 
hydrophilic polyethylene oxide (-CH2-CH2-O-, PEO) chain—to a panoply of block copolymeric 
surfactants.
14
 Tri-block poly(ethylene oxide)-block-poly(propylene oxide)-block-poly(ethylene 
oxide) surfactants (PEOx-PPOy-PEOx), known as Pluronics® are commonly used. In water, the 
PPO block is sufficiently hydrophobic relative to the PEO block, allowing for micelle 
formation.
18
 Self-assembly processes with non-ionic surfactants are primarily mediated by van 
der Waals interactions and hydrogen bonding.
5
 
 An important question may come to mind, “What surfactants should be used for a synthesis 
that involves soft templating?” While this depends on the specific synthesis, there are some 
general considerations that can be taken into account. First and foremost, the surfactant should be 
compatible with all compounds in the precursor solution. For instance, adjustments to the pH may 
be needed to allow for certain precursor–ionic surfactant interactions or to promote dissolution of 
certain surfactants.
4,18
 Different surfactants are capable of templating different mesopore sizes. 
Ionic surfactants typically produce either micropores or small mesopores (2–4 nm), whereas non-
ionics produce mesopores that range in diameter from a few nm to over 10 nm.
18
 Brij surfactants 
produce small mesopores, and higher molecular weight Pluronics® can template mesopores 
around 4–7 nm in diameter.14 Additionally, PEO blocks in block copolymeric surfactants tend to 
extend into the precursor, leading to the production of microporosity.
1
 Certain mesostructures are 
commonly templated from specific surfactants, as would be predicted by their packing parameter. 
For instance, the cationic surfactant cetyltrimethylammonium bromide (CTAB) tends to produce 
2D hexagonal mesostructures, whereas Pluronic® F127 (nominal composition: 
HO(PEO)101(PPO)56(PEO)101H) tends to template body-centered cubic mesostructures (large head 
group, smaller g).
18,24
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2.3.3 Synthesis Routes for Soft Templating 
 Adding a precursor to a surfactant-containing solution can cause fairly substantial changes to 
the self-assembly process that leads to micelle/liquid crystal formation. These changes are a result 
of the new interactions between the precursor, surfactant, and solvent.
5
 As a result, 
mesostructures that form during soft templating are not necessarily what would be predicted from 
surfactant–solvent phase diagrams. While basic considerations from surfactant science still apply, 
the mechanisms underlying soft templating add some new considerations. Pathways for the 
synthesis of mesoporous materials from soft templates are illustrated in Figure 2.4. The following 
subsection discusses these paths, the processing/template removal step common to all, and the 
factors that impact mesostructure formation.  
 
 
Figure 2.4 Schemes detailing the soft templating process. Top:  The sequence of steps in cooperative 
assembly. Middle: The sequence of steps in liquid crystal templating. Bottom: The sequence of steps in 
evaporation-induced self-assembly. 
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2.3.3.1 Cooperative Assembly 
 For many hydrothermal syntheses of ordered mesoporous materials, formation occurs via the 
simultaneous assembly of the precursor and surfactant.
5
 During this process, termed cooperative 
assembly (CA) or precipitation, small clusters of inorganic (or organic) precursors and surfactants 
initially develop in solution (Figure 2.4, top). These clusters are held together via the 
intermolecular interactions specified in the sections above, such as electrostatic interactions 
between ionic surfactants and hydrolyzed sol-gel precursors.
14
 As the synthesis continues, the 
hybrid precursor–surfactant clusters coalesce into larger structures. Finally, a liquid crystalline 
phase that is surrounded by the precursor is formed, and this templated material precipitates out 
of solution. Throughout this process, it is essential that condensation of precursor does not occur 
rapidly. If condensation takes place to an appreciable extent before the liquid crystalline phase is 
formed, precipitation of an untemplated precursor may occur, or a disordered mesostructure could 
form.
5
 
 
2.3.3.2 True Liquid Crystal Templating 
 In the mid-1990s, an alternate pathway for the formation of mesoporous materials via a soft 
template was demonstrated.
5
 This process, “true liquid crystal templating” (LCT) involves the 
formation of a liquid crystalline phase before condensation of the inorganic network (Figure 2.4, 
middle). Much like hard templating, an inorganic material is “cast” around the “mold” of the 
liquid crystal template. However, special conditions are needed in LCT. LCT requires high 
concentrations of a non-ionic surfactant.
14
 The high content of surfactant increases the viscosity 
of the precursor solution, which can complicate its use in multiple templating. However, certain 
precursors for noble metals, like chloroplatinic acid, are compatible with these solutions, making 
LCT a powerful method for the synthesis of mesoporous metals.
26
 Just like in CA, it is essential 
that the precursor does not condense too rapidly or interfere with the self-assembly of the 
surfactants into a liquid crystal. 
 
2.3.3.3 Evaporation-Induced Self-Assembly 
 An important route for the synthesis of many different mesoporous materials is  
evaporation-induced self-assembly or EISA. EISA is used extensively for the synthesis of 
mesoporous thin films and in multiple templating (Figure 2.4, bottom). While EISA can be 
understood to be closely related to LCT, there are additional interactions (like those at the solid–
liquid interface) that arise due to the nature of the process.
25
 To conduct an EISA synthesis, one 
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must use a dilute solution that contains a volatile solvent (like ethanol), an inorganic/organic 
precursor, and a surfactant. Nanoparticle precursors can also be used, provided that these crystals 
are small enough (<5 nm) to participate in self-assembly.
5
 The solution is then spread over a large 
area and allowed to evaporate. During evaporation, the solution becomes more concentrated and 
the cmc is reached. By this point or after further loss of solvent, the water content reaches 
equilibrium with the atmosphere and a liquid crystalline phase forms.
14
 Many inorganic/organic 
precursors are not fully condensed at this stage and the relative humidity (RH) of the surrounding 
atmosphere can potentially change the mesostructure.
25
 This condition is called the tunable steady 
state.
18
 Further condensation of the precursor around the liquid crystalline phase finally “locks-in” 
the final mesostructure. If condensation happens too rapidly, disordered worm-like mesopores 
may be templated or precipitation of untemplated material may occur.
5
 
 
2.3.3.4 Further Processing and Template Removal 
 Much like hard templating, additional chemical and thermal processing is needed for soft 
templating. In many cases, further condensation of the precursor is desired and accomplished 
through heating at elevated temperatures.
18
 This can also help remove residual solvent. After this 
processing step, the surfactant template can be removed by low-temperature chemical treatment. 
Alternately, the surfactant can be combusted or depolymerized during thermal treatment. For 
chemical treatments, ionic surfactants are removed via ion exchange, while non-ionics are 
extracted in hot ethanol.
14
 Calcination or pyrolysis can be also used to remove the template and 
solidify/carbonize the mesoporous material. However, shrinkage of the mesopores can be 
expected with thermal treatment and alter the mesostructure present.
25
 In mesoporous films, for 
instance, shrinkage normal to the substrate is responsible for the transition from a body-centered 
cubic mesostructure to an orthorhombic mesostructure.
25
 High temperature treatment can also 
cause crystallites to sinter, grow and ultimately destroy pores. Due to the small size of the 
mesopores, retention of porosity is more difficult than for hard-templated macroporous materials. 
Various routes can be taken to avoid this issue, including lowering the calcination temperature, 
using rapid heating, or stabilizing the mesopores by synthesizing a carbon-containing composite 
(carbon can impede crystal growth).
14
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2.4 Multiple Templating and Morphological Control 
 Before exploring the different morphologies produced by multiple templating, a few general 
remarks need to be made. First, the general synthesis scheme for multiple templating (Figure 2.5) 
closely mirrors that of templating conducted with a single hard template. However, depending on 
the soft templating route chosen, certain additional steps may be required. For instance, solvent 
must be allowed to evaporate after infiltration when EISA is employed, so a liquid crystalline 
phase can be formed. Second, the combination of soft and hard templating can induce 
considerable changes in the templated mesostructure. If the liquid crystal template is confined in 
a hard template with nm-scale dimensions, packing constraints (geometrical frustration) will alter 
the structure of the liquid crystal.
5,7
 Confinement also enhances interactions between hard and 
soft templates.
5
 Illustrative examples are given to provide broad overview of the area and outline 
methods for tuning pore morphology.  
 
Figure 2.5 Scheme detailing a multiple templating approach. This particular example shows a combination 
of colloidal crystal templating and surfactant templating 
 
 Most of the materials formed through multiple templating possess structural hierarchy, and 
this section has its own hierarchy intended to aid the reader of this thesis. The six subsections that 
follow are divided by the category of hard template used in the multiple templating synthesis: 
macroscopic templates (biological, colloidal crystal, three-dimensionally ordered macroporous 
(3DOM) structure, foam, AAO membrane) and in situ templates. Discrete particles are not 
discussed, since these templates are not employed in this thesis. Additionally, the different 
compositions that can be formed via multiple templating are highlighted. For the certain 
subsections, especially when confinement effects are especially important (i.e., for colloidal 
crystals and AAO membranes), a focus is placed on the factors that influence mesopore 
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morphology. Whenever possible, applications for multiple templated materials are discussed to 
provide context for why one would want to synthesize these materials in the first place. 
 
2.4.1 Biological Hard Templates and Soft Templates 
 This chapter opened with a description of the diversity of porous structures in the natural 
world, and it is only fitting to open the section on multiple templating by reintroducing some of 
these structures. Biological materials represent a massive category of templates that can be 
readily and inexpensively used to synthesize varied pore morphologies. These templates include 
unicellular organisms, complex tissues, and biomolecules.
2
 A good starting point for this 
discussion is the use of viruses or unicellular organisms as templates. For instance, 
bacteriophages can align into filaments in solution via interactions mediated by the sol-gel SiO2 
precursor 3-aminopropyltriethoxysilane.
27
 By then adding TEOS, the viral chains can be coated. 
Removal of the viruses via calcination produces hierarchical SiO2 fibers with hollow, 
macroporous cores.
27
 Microscopic cells can also be coated with a precursor and calcined, 
producing macropores with the same shape as the cell.
28
 Freeze-dried suspensions of cells 
(bacteria or fungi) may be used for the production of macroscopic structures. In one example 
using multiple templates, these aggregated cells were coated with titanium ethoxide and 
polyethylene glycol (a soft template).
28
 After calcination, TiO2 structures with µm-sized 
macropores and worm-like mesopores were obtained. Macropore morphology was dictated by the 
type of cell used as the hard template.
28
 
 Highly structured, porous tissues offer another choice as a hard template. With respect to these 
tissues, plants possess a vast array of tissues with uniaxially-aligned pores (for water transport) 
that can be used and readily replicated via multiple templating. For example, a variety of plant 
peels and stems were soaked in an acidic solution of TEOS and the Pluronic® surfactant P123 
(nominal composition: HO(PEO)20(PPO)70(PEO)20H).
29
 Calcination removed the templates, 
producing SiO2 with ordered mesopores 3–5 nm in diameter. As expected, the morphology and 
size of the macropores (anywhere from ~10 µm to nearly 1mm) depended on the species of plant, 
but most of the samples possessed various configurations of uniaxially-aligned pores.
29
 A 
different composition of templated material was made from bagasse, a fibrous cellulosic waste 
from sugar cane. In this case, an ethanolic solution of PF sol and F127 was used.
30
 Heat treatment 
and pyrolysis (at 600 °C) of the coated bagasse generated a hierarchically porous carbon. This 
carbon possessed a replica of the macrostructure of bagasse; furthermore, the material had a 2D 
hexagonal mesostructure (with pores ~3 nm in size).
30
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Animals also have intricately structured tissues, like bones and exoskeletons, which can afford 
complex pore morphologies through multiple templating. Xia and his team developed a method to 
template the waste shells of several crab species.
31
 The researchers immersed ground, calcined 
crab shells into an ethanolic solution of PF sol and P123. After this EISA process, the composites 
were pyrolyzed and the calcium carbonate crab shell was removed with an acid wash. Not only 
was a nanofibrous carbon structure produced from the original ~70 nm macropores in the shell, 
but large mesopores were also obtained (~11 nm in diameter) (Figure 2.6 a, 2.6 c).
31
 If the shell 
was removed before pyrolysis, mesopore sizes were far smaller (~2.5 nm) (Figure 2.6 b, 2.6 d). It 
is thought that the PF sol precursor strongly interacts with the shell during the pyrolysis process, 
preserving large mesopores in samples that did not have the shell removed.
31
 These mesoporous 
carbon nanofibers were also shown to have high capacitance in an organic solution, and are a 
potential catalytic support for methanol electrooxidation. 
 
 
Figure 2.6 Electron micrographs of mesoporous carbon nanofibers templated from crab shells. The 
macrostructure (a) and mesostructure (c) of nanofibers made when the template was removed after 
pyrolysis is shown. The macrostructure (b) and smaller mesopores (d) of nanofibers made when the 
template was removed before pyrolysis is shown, as well. Adapted with permission from [31] © 2010 
Royal Society of Chemistry. 
 
 All of the aforementioned biological templates are comprised of organic macromolecules that 
serve as essential structural elements responsible for the morphology of the template. These 
macromolecules can be used on their own for templating; fibers of cellulose from filter paper 
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were used by Huang and his team.
6
 The cellulose was initially coated with TiO2 via a sol-gel 
route, imparting a negative surface charge to the cellulose. Sequential adsorption of CTAB and 
then TEOS was performed, generating a mesostructured SiO2 coating. Calcination and treatment 
in boiling sulfuric acid (to remove TiO2) produced hollow tubes of silica with ~30–40 nm thick 
walls. The mesopore size was around 2 nm and the Brunauer-Emmett-Teller (BET) surface area 
(obtained from gas sorption) was 765 m
2
/g.
6
 By immersing an aqueous solution of starch and 
polyvinyl alcohol in liquid nitrogen, another type of template was synthesized (see Fig 2.1 b).
32
 
These templates contained uniaxially-aligned macropores (~3–12 µm in size) that were similar in 
appearance to the pores found in vascular plant templates. Subsequent soaking in an ethanolic 
solution of TEOS and a cationic surfactant produced a micro-/mesoporous SiO2 replica of the 
starch structure. When the templates were soaked for a longer duration, the hierarchically porous 
SiO2 had thicker walls and a higher surface area.
32
  
 
2.4.2 Colloidal Crystal Templates and Soft Templates 
 Two different self-assembly routes can be coupled by first letting colloidal particles assemble 
into colloidal crystals (in the form of powders, fibers, films, or monoliths), and then infiltrating 
the colloidal crystal with a surfactant-containing precursor (Figure 2.5). This approach allows for 
the synthesis of hierarchical materials with an interconnected, face-centered cubic macropore 
network and a mesopore network, i.e., three-dimensionally ordered macroporous materials with 
mesoporous walls (3DOM/m materials).
1
 Many different strategies exist for tailoring aspects of 
the 3DOM/m structure to meet specific goals for materials design. Since the diversity of available 
hard templates is no longer the focus, changes to the 3DOM structure generated from the 
colloidal crystal template are especially important. A rendering of this structure is shown in 
Figure 2.7. Several important structural features are highlighted in Figure 2.7. Td and Oh denote 
the solid nodes generated by the inversion replication of the tetrahedral and octahedral holes of 
the parent colloidal crystal, respectively. The black arrow points the “walls” that connect the 
nodes, and the white arrow points to one of the twelve “windows” that connect the spherical 
macropores. Strategies to change the macropore size and alter the pore interconnectivity are 
covered in this section. Other aspects of the synthesis of 3DOM/m materials are discussed, 
including control of the micropore/mesopore morphology, changing the composition of 3DOM/m 
materials composition (including how that impacts morphology), and methods to convert the 
3DOM/m structure into discrete nanoparticles. 
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Figure 2.7 Computer rendering of the 3DOM structure. Oh denotes an octahedral node that was produced 
from an octahedral interstitial void in the parent colloidal crystal. Td denotes a tetrahedral node that was 
produced from a tetrahedral interstitial void in the parent colloidal crystal. The black arrow points to a wall 
that connects the nodes (a ring is place around the wall). The white arrow points to a smaller pore window 
that connects the larger spherical macropores. Adapted with permission from [1] © 2012 John Wiley and 
Sons. 
  
 Several options exist for changing the diameter of the macropores present in a 3DOM/m 
structure. For instance, the diameter of the ordered macropores can be increased or decreased by 
changing the diameter of the spheres in the colloidal crystal template (from ~100 nm to a few 
µm).
1
 The diameter of the windows that connect each macropore to its neighbors can be tuned, as 
well. This is done by sintering the spheres in the colloidal crystal together, forming necks that 
increase in diameter as the length of a thermal treatment is increased.
1
 Sun et al. exploited this 
sintering strategy with a colloidal crystal of poly(styrene-co-3-(trimethoxysilyl)propyl 
methacrylate) that was infiltrated with a TEOS and P123-containing precursor solution.
33
 This 
templating process produced a 3DOM/m SiO2 structure without any interconnecting windows. It 
was hypothesized that co-polymer spheres swelled during infiltration and allowed the precursor to 
completely surround the spheres.
33
 However, by sintering the spheres, the precursor could not 
enclose the spheres and interconnecting windows were observed. Interconnecting windows 
allowed for adsorption of proteins that would have otherwise been excluded from a closed 
structure.
33
 
 In addition to the macropore structure, morphological characteristics of the mesopores can be 
altered in a 3DOM/m structure. As is the case with purely mesoporous materials, the diameter of 
the mesopores in 3DOM/m materials can be tuned by changing the surfactant or through addition 
of a swelling agent.
34
 The morphology of the liquid crystal (and resulting mesostructure) confined 
in a colloidal crystal can also be changed. Whereas cubic (I) mesostructures are typically 
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unaffected by confinement in a colloidal crystal, the pores in the 2D hexagonal mesostructure 
bend and curve along the precursor–hard template interface.34 Additionally, the pores can be 
aligned perpendicular or parallel to the surface of the spheres. Stein and his team gained some 
insight into the factors that can impact the alignment of these pores via a combined computational 
and experimental study.
35
 Dissipative particle dynamics was used to simulate triblock copolymer, 
solvent, and SiO2 confined between two walls. If the walls had an affinity for the PEO block, 
vertically-aligned columnar mesostructures were formed. A mixture of parallel and perpendicular 
channels was generated if neither block has affinity for the walls.
35
 To explore these results, the 
authors synthesized a monolayer of polystyrene (PS) hemispheres arranged a hexagonal array. 
When this template was spin-coated with a methanolic precursor solution of P123 and tetramethyl 
orthosilicate, the mesostructure in the calcined SiO2 consists of hexagonally arranged pores 
running parallel to the substrate (Figure 2.8 a).
35
 By increasing the water content in the precursor 
and thereby increasing the affinity of the PEO block for the wall, spherical and hexagonally 
arranged columnar pores were obtained (Figure 2.8 b, 2.8 c). 
 
Figure 2.8 The top row shows TEM images and computer renderings of meso-/macroporous SiO2. The 
mesopores were confined in a template of PS hemispheres. Water content in the precursor solution was 
increased from (a) to (c), inducing a transition to a columnar mesostructure. (d) Image of the 
macrostructure molecularly-imprinted 3DOM/m organosilica and the mesostructure (e). (f) Scheme 
detailing the molecular imprinting process. Adapted with permission from [35] (a–c) and [36] (d–f) ©2011, 
2012 American Chemical Society. 
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 Micropores are often present in 3DOM/m materials, but precise control over microporosity in 
these materials is difficult to achieve. Most carbon-containing 3DOM/m materials have 
significant microporosity that develops during the pyrolysis of phenolic resin-based precursors.
13
 
Aside from this, the synthesis of 3DOM/m organosilica with engineered, well-defined micropores 
was reported by Zhu et al. (Figure 2.8 d, 2.8 e).
36
 To achieve this level of control, the authors 
synthesized 1,5-bis(3-(triethoxysilyl)propoxy)naphthane (BTPN) to be included in an ethanolic 
precursor solution of BTPN, 1,2-bis(trimethoxysilyl)ethane (BTME), F127 and 
2,4,6-trinitrotoluene (TNT). This precursor was infiltrated into a colloidal crystal film, gelled, and 
the surfactant was then extracted. Micropore cavities were present in the material, formed through 
bonding between BTPN with BTME (Figure 2.8 f).
36
 This molecularly-imprinted cavity provided 
high selectivity (as observed in time-resolved fluorescence studies) for TNT over its analogue,  
2-dinitrotoluene, leading to potential use as a sensor for explosives.
36
 
 Research groups have also developed routes for the formation of several different 3DOM/m 
main group and transition metal oxides. One oxide, Al2O3, is amenable to dual templating, since it 
resists sintering and has stable alkoxide precursors.
1
 Song and co-workers harnessed both of these 
properties to produce gamma-phase 3DOM/m Al2O3.
37
 A precursor solution was made by mixing 
aluminum isopropoxide, concentrated hydrochloric acid, citric acid (for chelation), and P123 in 
ethanol. After infiltration of a template and calcination at 500 °C, 3DOM/m γ-Al2O3 with 
mesopores 3.6 nm in diameter was produced. When the authors increased the calcination 
temperature to 900 °C, the hierarchical structure of the material was maintained. However, 
crystallite growth disrupted the mesopore network, lowering the surface area and broadening the 
distribution of mesopore sizes.
37
 
 Hierarchically porous 3DOM/m transition metal oxides are more prone to sintering and 
mesopore collapse than Al2O3; however, that has not hindered research on these materials. Zhao 
et al. synthesized 3DOM/m TiO2 by infiltrating a PS colloidal crystal film with an ethanolic 
solution of concentrated HCl, titanium butoxide, P123, and a chelator, 2,4-pentanedione.
38
 When 
the infiltrated film was calcined at 350 °C or 400 °C, 3DOM/m TiO2 was obtained that had a 2D 
hexagonal mesostructure with ~7 nm pores (Figure 2.9 a). However, calcination at 500 °C caused 
considerable crystallite growth that destroyed ordered mesoporosity in the 3DOM/m TiO2.
38
 
Nanostructured iron oxides have even lower thermal stability than TiO2, but Dai and co-workers 
were able to synthesize 3DOM/m α-Fe2O3.
39
 Poly(methyl methacrylate) (PMMA) colloidal 
crystals were soaked in an ethanolic solution of iron nitrate and P123, and then calcined at a low 
temperature (550 °C). Large disordered mesopores were present in the 3DOM/m structure (Figure 
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2.9 b), tripling the surface area of the 3DOM/m material when compared to 3DOM α-Fe2O3.
39
 An 
explanation for these voids was put forward by the authors, who proposed that Fe
3+
 ions were 
chelated by the PEO blocks of the surfactant, which organized into disordered micelles during 
drying.39 
 
 
Figure 2.9 Images of 3DOM/m materials that contain transition metal ions. (a) A 2D hexagonal ordered 
mesostructure was present in 3DOM/m TiO2. (b) Large, disordered mesopores were present in 3DOM/m 
α-Fe2O3. Phase separation of LiFePO4 and carbon occurred in a 3DOM/m LiFePO4/C composite, as shown 
in a computer rendering (c) and a TEM image (d). Adapted with permission from [38] (a) ©2011 Elsevier; 
and from [39] (b) and [40] ©2011 American Chemical Society. 
 
 Various properties of 3DOM/m transition metal oxides (and other materials) can be improved 
through the formation of a carbon-containing composite. This includes improved thermal stability 
and electrical conductivity. Vu and Stein utilized those advantages in 3DOM/m LiFePO4/C for 
use as a Li
+
 battery cathode.
40
 This complex composition was made by infiltrating PMMA 
colloidal crystals with a PF sol-containing, multi-constituent precursor. It was determined that 
significant phase segregation after pyrolysis, with the LiFePO4 phase located in the octahedral 
nodes of the 3DOM structure (Figure 2.9 c, 2.9 d).
40
 The non-conductive LiFePO4 crystals were 
“wired” together by the surrounding electronically conductive carbon matrix, allowing for 
excellent specific capacities at high charge/discharge rates.
40
 Another composite, 3DOM/m 
TiO2/C, was synthesized by Du et al.
41
 Instead of using PF sol to produce amorphous carbon, they 
dispersed graphite oxide (GO) in an ethanolic solution of P123, TTIP and titanium tetrachloride. 
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The final templated porous film contained randomly-oriented 2D hexagonal mesopores. Both the 
hierarchical porosity and the presence of graphene improved the ability of the 3DOM/m TiO2/C 
to photocatalytically degrade methylene blue.
41
 
 Although 3DOM/m materials are typically macroscopic structures, the disassembly of the 
ordered framework into individual parts is possible. During heat treatment, octahedral particles 
and smaller tetrahedral particles can be produced from the nodes of the 3DOM/m network.
42
 This 
is accomplished when the mesoporous walls of the 3DOM/m network are mechanically weak 
enough to fracture. Many of the aspects of this pathway for morphological control were studied 
by Stein and his team for first-row transition metal oxides and phosphates.
42
 The precursor 
solution used in the syntheses was a combination of a metal acetate, short-chain alcohol, Brij 56, 
and triethyl phosphate. Condensation of the precursors continued during calcination of the 
infiltrated template, inducing the stresses necessary for disassembly. In most cases, uniform 
rounded cubes were obtained after calcination due to the combined effects of Ostwald ripening 
(tetrahedral particles merge with octahedral ones) and surface energy minimization.
42
 These 
rounded cubes were also found to self-assemble into a low-energy configuration, a simple cubic 
lattice. Capillary forces originating from the evaporation of the phosphate precursor were 
hypothesized to drive this process.
42
 
 
2.4.3 3DOM Templates and Soft Templates 
 Not only are colloidal crystals a versatile hard template for multiple templating, but their 
inverse replicas, 3DOM materials (Figure 2.1 d), are also useful in multiple templating. Both 
3DOM materials filled with a mesoporous material (Figure 2.10 a) and hierarchical colloidal 
crystal structures can be synthesized via this route. A good example of a filled 3DOM structure 
was reported by Bein and his team. They synthesized this material by dropping a minimal volume 
of a P123 and titanium ethoxide solution, onto a 3DOM TiO2 film.
43
 Two confinement effects 
were observed in the material. First, 3DOM template restricted mesopore shrinkage, which 
resulted in a larger mesopore diameter than in similarly-made TiO2 thin films.
43
 Second, the 
orientation of the cubic mesopore network changed from macropore to macropore (Figure 2.10 
b). Beyond the morphological investigations, this material was tested as an anode in a dye-
sensitized solar cell and provided a ten-fold higher efficiency when compared 3DOM TiO2.
43
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Figure 2.10 (a) Illustrates 3DOM TiO2 structure before/after it is filled with mesoporous TiO2. (b) High-
angle annular dark-field scanning transmission microscopy of the filled TiO2 structure. (c) The ordered 
mesostructure present in a hierarchically porous carbon colloidal crystal. (d) The opaline macrostructure of 
the same material from (c). Adapted with permission from [43] (a, b) ©2011 American Chemical Society; 
and from [45] (c, d) ©2012 Royal Society of Chemistry. 
 
 In other cases, removal of the 3DOM template is preferred in multiple templating, allowing for 
the formation of hierarchical colloidal crystals. Ozin and his team were the first to utilize 3DOM 
materials in such a fashion, and called the process micromolding in inverted polymer opals 
(MIPO).
44
 First, a SiO2 colloidal crystal was infiltrated with a styrene monomer solution that 
contained a radical initiator. After heat-treatment and HF etching, a 3DOM PS template was 
formed. To infiltrate the 3DOM PS, a solution of tetramethyl orthosilicate, hydrochloric acid, and 
the surfactant C12H25(OCH2CH2)10OH was prepared. In this case, vacuum suction was needed to 
help infiltration and remove excess solvent. After calcination, a hierarchical SiO2 colloidal crystal 
was formed. A 2D hexagonal mesostructure was formed in the colloidal crystal, with mesopore 
channels running parallel to the original 3DOM template.
44
 MIPO was more recently used for 
synthesis of a micro-, meso-, and macroporous carbon colloidal crystal. Xia and his team 
infiltrated 3DOM PMMA with F127, titanium citrate, and PF sol.
45
 Carbothermal reduction of 
TiO2 was conducted in an inert gas at 900 °C, producing a carbon and TiC composite. A further 
step, chlorination at 500 °C, removed all the TiC, generating additional micropores. Both 8 nm 
mesopores ordered in a hexagonal arrangement (Figure 2.10 c) and a well-ordered colloidal 
crystal structure were present (Figure 2.10 d). Additional micropores helped increase the surface 
area in the final hierarchical material, which boosted its capacitance (~150 F/g) by a factor of 
three when compared to the hierarchical carbon and TiC composite colloidal crystal.
45
 
 74 
 
2.4.4 Foam Templates and Soft Templates 
 The hierarchical 3DOM/m and colloidal crystal structures described above contain macropores 
no larger than a few µm; however, large, interconnected macropores, up to hundreds of µm in 
size, are accessible by using various foam templates (see Figure 2.1 e). Large macropores, such as 
the ones afforded by polyurethane (PU) foams, allow for the confinement of large guests, like 
cells. Not surprisingly, hierarchical bioactive glass made via PU foam templates is being studied 
as an implantable scaffold for the regrowth of bone tissue.
46
 A PU foam with a precursor solution 
containing TEOS, P123, calcium nitrate, triethyl phosphate, and another metal salt (one that has 
Zr, Sr, or Mg cations). Addition of other metal ions slightly decreased the observed surface area, 
but all calcined samples had a 2D hexagonal mesostructure with pores ~4 nm in diameter. Zr ions 
significantly inhibited the leaching of Si into a solution of simulated body fluid, and improved 
cell proliferation on the scaffold.  
 Pure SiO2 and carbon hierarchical structures have also been synthesized using PU foams. Zhao 
and his team produced hierarchical SiO2 via an EISA pathway, using an ethanolic coating 
solution of TEOS and P123.
47
 Two different types of macrostructures were formed after 
calcination. At a ratio of 1:4 (precursor to foam), the resultant SiO2 was shaped like the PU foam 
and contained a hollow core (Figure 2.11 a).
47
 When a 1:2 ratio was used, the precursor coated 
the perimeter of each cell in the foam, producing closed SiO2 polyhedra (Figure 2.11 b). Despite 
changes in the macrostructure, the mesopore size was similar in both samples. Another 
publication from the same research team further investigated the closed polyhedral morphology.
48
 
EISA was performed using an ethanolic PF sol and F127 precursor. Instead of combusting the PU 
foam, the PU was dissolved solvothermally in triethyl phosphate. This process liberated 
individual phenolic resin polyhedra that were carbonized. Addition of TEOS to the precursor 
improved the mesostructure, reinforcing it against collapse.
48
 Polyhedral carbon pieces with a 
BET surface area of 1384 m
2
/g and good adsorptive properties were then obtained.  
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Figure 2.11 (a) A hollow replica of PU foam made from mesoporous SiO2. The bar in the inset represents 
20 µm. (b) Closed, mesoporous SiO2 polyhedra made from the same templates as in (a). (c) The 
macrostructure of carbon templated by Si(HIPE). The white arrow points to an interconnecting window. (d) 
The mesostructure of the Si(HIPE) templated carbon. Adapted with permission from [47] (a, b) and [49]  
(c, d) ©2010, 2012 American Chemical Society. 
 
 Polyurethane foams are perhaps the most popular foams for use in multiple templating (again, 
stemming from biomedical applications), but other foam templates can be used for the production 
of different macropore morphologies. High internal phase emulsions—where the droplet phase 
takes up >74% of the emulsion—can be used to make SiO2 foams, Si(HIPE).
49
 Brun et al. used 
Si(HIPE), made from an emulsion of TEOS, dodecane, and a cationic surfactant, as a hard temple 
for meso-/macroporous carbon (Figure 2.11 c, d).
49
 The Si(HIPE) was infiltrated with an 
ethanolic solution of phenolic resin and P123 or F127. One key factor in determining the 
morphology of the final sample was whether the Si(HIPE) was etched out before or after 
carbonization. Better order in the mesostructure was obtained by etching out the Si(HIPE) after 
carbonization, which is attributed to the stabilizing effect of the hard template.
49
 However, in all 
cases the macrostructure was found to be similar, consisting of spherical macropores with a high 
variance of sizes connected by ~5–6 µm windows (Figure 2.11 c).49 
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2.4.5 AAO Membrane Templates and Soft Templates 
 Anodic Al2O3 (AAO) membranes are excellent platforms for studying mesostructures under 
confinement. The cylindrical channel morphology is responsible for a unique type of confinement 
that produces radially-symmetric mesostructures along the channel axis.
7
 Multiple variables 
dramatically impact the formation and orientation of these mesostructures: the type of precursor, 
the precursor concentration, the channel diameter, and the affinity of the precursor for the channel 
wall.
5,7
 Since this is a fairly well studied system, it is possible to identify key mesostructures and 
specific factors that can change the morphology of the confined mesostructures. 
 Much like the case in 3DOM/m materials, confinement of liquid crystalline phases within 
AAO membranes can radically alter their structure. By coupling SAXS and TEM, researchers 
have identified mesostructures that are present in these membranes.
7
 Several of the 
mesostructures are closely related to the 2D hexagonal arrangement observed in non-confined 
systems (Figure 2.12 a).
7
 In the circular hexagonal mesostructure, hexagonally-packed pores are 
arranged in a torus around the central axis of the AAO channel. The mesopores in this structure 
can also be tilted so that they are no longer parallel to the surface of the membrane, forming the 
helical phase. Another related mesostructure, the columnar structure, contains 
hexagonally-packed pores parallel to the central channel axis. A tubular lamellar mesostructure is 
also found that has pores arranged in concentric cylinders. Undistorted cubic mesostructures are 
sometimes observed, especially in templated carbons. In many cases, different mesostructures co-
exist along the length of the channel.
7
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Figure 2.12 (a) Computer renderings of mesostructures found in AAO membranes. For a SiO2 
mesostructure produced using a THF solvent, a distorted lamellar phase was formed at low RH (b). When 
humidity was increased, circular hexagonal and columnar phases were formed (c). Adapted with 
permission from [7] (a) ©2011 John Wiley and Sons; and from [51] (b, c) ©2012 American Chemical 
Society. 
 
 Bein and his team conducted extensive investigations on the variables that control the 
mesostructure in confined SiO2 made via an ethanolic EISA route.
50
 As in any EISA-type 
synthesis, mesostructure evolution was found to be highly dependent on both the ratio of 
surfactant to TEOS and the relative humidity. Low concentrations of surfactant in the precursor 
favored circular hexagonal phases, while increasing the concentration of surfactant in the 
confined space led to the less curved (higher g) columnar and lamellar mesostructures.
50
 The 
effect of humidity was more complex. Structural evolution was reported to be under kinetic 
control when Brij 56 is used a surfactant. Increasing the relative humidity slowed condensation 
and promoted partial conversion of the initially formed circular hexagonal mesostructure to the 
columnar phase. In contrast, structure formation was under equilibrium control for systems with 
P123.
50
 The equilibrium water content was then increased at high relative humidity (RH) in the 
P123 system, which led to a larger, more hydrated surfactant head group (lower g). This 
promoted the highly curved circular hexagonal mesostructure at high RH, while domains of the 
columnar phase were also present at low RH.
50
 
 Changing the solvent from ethanol to tetrahydrofuran (THF) for this EISA synthesis can 
change how certain variables control the templated mesostructure.
51
 Increasing the ratio of 
surfactant to TEOS precursor has the same effect as in the ethanolic system. A high concentration 
of the chosen surfactant, Brij 56 or P123, produced a greater fraction of the columnar phase and a 
larger d-spacing. The effect of relative humidity was explored with P123 as the surfactant. At 
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45% RH, a highly distorted mesostructure (possibly collapsed lamellar) was formed (Figure 2.12 
b).
51
 However, at 90% RH, a circular hexagonal mesostructure with some columnar phase (in the 
less curved center) was obtained (Figure 2.12 c). This difference between ethanol versus THF 
was attributed to lower water content in the THF system. Severe dehydration of the surfactant 
headgroups at low RH reduced the curvature of the mesostructure, resulting in the lamellar 
mesostructure.
51
 High RH allowed for rehydration of the surfactant. Beyond the mesostructure 
characterization, the authors also demonstrated that the THF precursor could dissolve 
hydrophobic conjugated polymers, leading to their incorporation in the SiO2.
51
 
 Researchers have also explored mesostructure formation in carbon-containing materials 
confined in AAO membranes. Holmes and co-workers investigated mesoporous organosilica in 
an AAO membrane using a precursor solution containing, 2-bis-(triethoxysilyl)ethane (BTME), 
TEOS, P123, and ethanol.
52
 Much like what was observed in the ethanolic EISA system with 
TEOS, high RH (80%) led to the formation of the circular hexagonal mesostructure, while lower 
RH promoted the formation of the columnar phase. When the BTME content was increased in the 
precursor, formation of the circular hexagonal phase was favored.
52
 In an even more carbon-rich 
material, mesostructured amorphous carbon, Bein and his team found several features that are (so 
far) unique to this type of system.
53
 EISA was employed with a simple ethanolic precursor of PF 
sol and surfactant (P123 or F127). Changing the surfactant resulted in a circular hexagonal 
mesostructure for P123 and a body-centered cubic mesostructure for F127 (lower g). 
Interestingly, the cubic mesostructure had a different orientation near the edge versus the interior, 
due to confinement-induced interactions with the AAO membrane wall.
53
 The other key finding 
was that structure formation in this system occurred only at the elevated temperature of the 
thermopolymerization process. 
 One of the most fascinating pathways for morphological control of confined mesostructures in 
these membranes is through adjustment of the diameter of the pore channels. This confinement 
can lead to interesting helical configurations or straight channels.
5
 Kim et al. analyzed the effect 
of very strong confinement, using AAO membranes with 34, 50 and 83 nm pore diameters and a 
precursor solution that contained TEOS and F127.
54
 Use of a hydrophilic membrane surface led 
to the formation of helical mesopore structures, culminating in a double-helix arrangement at 34 
nm (Figure 2.13 a, 2.13 b). However, a functionalized, hydrophobic surface produced strong 
interfacial interactions with the PPO blocks that dominate at small diameters (34, 50 nm), leading 
to tubular pore structures (Figure 2.13 c, 2.13 d).
54
 These confinement effects were also observed 
in SiO2 nanotubes that were made by first infiltrating membrane pores with TEOS.
55
 This was 
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followed by infiltration of a P123 solution that was spread on the membrane surface. Under the 
appropriate conditions most of the resulting nanotubes had hexagonally-packed pores 
perpendicular to the nanotube wall (Figure 2.13 e). In AAO and polycarbonate membrane 
channels with diameters smaller than 200 nm, hexagonally-packed arrangements could not be 
accommodated and disordered pores resulted (Figure 2.13 f).
55
 
 
 
Figure 2.13 Helical mesostructures were formed in AAO membranes with hydrophilic walls (a, b). The 
diameter of the original AAO membrane channel was 50 nm in (a) and 34 nm in (b).  Addition of a 
hydrophobic coating changed the mesostructure to a tubular lamellar arrangement (c, d). Again, the channel 
diameter for the original template was 50 nm in (c) and 34 nm in (d). Mesostructural disorder was increased 
with reduction in the PC membrane channel diameter from 200 nm (e) to 50 nm (f) for SiO2 nanotubes. 
This nanotube morphology is highlighted in the inset in (e); scale bar is 500 nm. Adapted with permission 
from [54] ©2010 Royal Society of Chemistry (a–d) and [55] (e, f) ©2012 American Chemical Society. 
 
 These multiply-templated materials can be used for various applications. Some of the 
mesostructures present in these confined materials can serve as hard templates for nanowires, 
including metal nanowires synthesized via electrodeposition. For instance, µm-long helical Au 
wires were synthesized in mesoporous SiO2 confined in 50 nm-wide AAO channels.
54
 Filtration 
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or separation is an obvious application of these templated materials. El-Safty et al. demonstrated 
that organically-functionalized SiO2 with a bicontinuous cubic (V1) mesostructure effectively 
separated certain proteins.
56
 The cubic mesostructure was produced through a microemulsion 
procedure, wherein Pluronic® F108 served as the surfactant and dodecane as the oil phase.  Pore 
openings in the mesostructure were ~5 nm in diameter, reducing the apparent diffusion co-
efficient for hemoglobin protein molecules versus smaller cytochrome c protein molecules.
56
 
 
2.4.6 In Situ Templates and Soft Templates 
 Recently, in situ hard templates have been combined with soft templates. Hard templates made 
from either the solute or the solvent have been used, and each hard template has required special 
processing considerations. In terms of solutes, NaCl might not seem like an obvious choice. 
However, Innocenzi and his team discovered a method to control the crystallization of NaCl in a 
mesostructured SiO2 film (formed via EISA).
8
 To accomplish this, Na2HPO4 was added to an 
acidic solution of TEOS, methyltriethoxysilane, F127, NaCl and ethanol. The Na2HPO4 was 
essential to prevent uncontrolled precipitation of the NaCl. Within a certain concentration range 
for both salts, cubes of crystalline NaCl (~200 nm) were formed in a mesostructured SiO2 matrix 
(Figure 2.1 g).
8
 A key advantage was that removal of NaCl requires only washing in water.  
 Caruso and her team took a different approach for in situ templating, and used an organic 
polymer solute, polyfurfuryl alcohol (PFA), as a template.
9
 They used a precursor solution that 
contained a metal chloride or alkoxide, F127, ethanol, acidified water, and furfuryl alcohol (FA). 
In an initial report, different porous materials were synthesized, including TiO2, SiO2, ZrO2, and 
some mixed oxides.
9
 The hard template was produced when FA polymerized in the ethanol/water 
solution, and then phase separated in the form of spherical colloids. During a subsequent 
evaporation step at 16–33 °C, sol-gel precursors and surfactant co-assembled around PFA 
colloids.
9
 After calcination, small spherical macropores (~0.2–3 µm in diameter) were formed 
from the PFA colloids (Figure 2.14 a). Larger pore channels (10 µm wide) resulted from 
evaporated solvent. Mesopore sizes vary from composition to composition; however, templated 
mesopores were found in only one material, titanium zirconium oxide (Figure 2.14 b).
9
 A later 
report detailed the key factors of morphological control for porous SiO2.
21
 First, macropores only 
formed if FA was present. Control over the acid concentration was critical, as well.
21
 Lower acid 
concentration inhibited rapid condensation of the precursor, TEOS, allowing for co-assembly of 
condensing sol around micelles and swelling of the PFA with surfactant. At high acid 
concentration, condensation of silica and FA was rapid, so co-assembly could not take place.
21
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Figure 2.14 The top row highlights the macrostructure (a) and mesostructure (b) of titanium zirconium 
oxide made using a PFA in situ hard template. In (a) the spherical voids are formed from the PFA, while in 
(b) the mesopores are templated from F127 surfactant. Two types of ice templated materials are shown in 
the bottom row. (c) A meso-/macroporous SiO2 material formed via uniaxial freezing. (d) Co3O4 templated 
with surfactant and ice crystals. The scale bar is 50 nm. Adapted with permission from [9] (a, b) and [57] 
(d) ©2010, 2012 American Chemical Society; and from [10] (c) ©2011 Royal Society of Chemistry. 
 
 The preceding discussion focused on in situ templates produced from a solute in some sort of 
precursor; however, water is also used as an in situ hard template. Rapid freezing of water 
produces ice crystals that can be removed by freeze-drying. With this ice templating it is possible 
to form cellular structures with uniaxially-aligned macropores that resemble those in plant 
tissue.
10
 Zhang and his team prepared hierarchically porous SiO2 using ice templating.
10
 Aligned 
macropores were obtained by slowly dipping a suspension of mesoporous SiO2 colloidal spheres 
in a bath of liquid N2, and then freeze-drying the suspension. Additional porosity was obtained by 
soaking and thermally-treating the dried monolith in TEOS and surfactant (Figure 2.14 c). 
Bimodal mesoporosity was obtained from the mesoporous SiO2 particles (CTAB-templated) and 
the coated mesoporous SiO2.
10
 Ice templating can also be used to make disordered porous 
structures. One example from Wang et al. involved freezing a mixture of P123, cobalt nitrate, and 
citric acid.
57
 At an optimum pH of 3, mesoporous Co3O4 was obtained. This material was 
composed of spherical aggregates of mesoporous Co3O4 nanoparticles (Figure 2.14 d) that had 
excellent pseudocapacitive performance (742.3 F/g at 0.5 A/g).
57
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2.5 Conclusions 
 The simultaneous development of hard and soft templating methods unlocked a wealth of new 
possibilities for the synthesis of materials with a variety of morphologies. This is especially true 
for syntheses that combine both hard and soft templating to produce hierarchically structured 
materials with complex architectures. With multiple templating, any number of hard templates 
can be coated or filled with a surfactant-containing precursor solution. It is even possible to form 
the hard template in situ. While the morphology produced by a hard template is typically simple 
to predict, unexpected structures can result from multiple templating. For example, cubic 
nanoparticles can be made from the disassembly of 3DOM materials.
42
 As for mesostructures 
formed from soft templates, structure prediction can be more challenging. Aspects of the 
chemistry of surfactants, such as the packing parameter and common liquid crystalline phase 
transformations, are useful for interpreting results from these often EISA-like syntheses. 
However, untangling the numerous factors that control the aspects of mesopore size, spacing, and 
morphology remains somewhat problematic in multiple templating, and an ad hoc approach 
predominates. 
 Despite limitations in the prediction of pore structures, hierarchically porous materials 
obtained from multiple templating possess structures that are beneficial for many different 
applications. For instance, in energy storage applications, the large surface area afforded by the 
presence of mesopores provides short diffusion lengths and a large electrode–electrolyte contact 
area.
40
 Macropores in the structure can improve transport properties, assist in the infiltration of an 
electrolyte, and can act as reservoirs for electrochemically-active ions. In this manner, rate 
performance can be improved in capacitor and battery electrodes. These advantages are the 
motivation for the synthesis and testing of the lithium-ion battery anode materials described in the 
next four chapters. Hierarchical TiO2/C composites were synthesized through a combination of 
colloidal crystal templating and surfactant templating. A carbon in situ template was also used for 
the synthesis of a 3DOM TiO2 material with high specific surface area. As is seen in next chapter, 
actually achieving a boost in performance for the hierarchical electrodes is not as simple as it may 
initially appear.  
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Chapter Three 
Control of TiO2 Grain Size and Positioning in Three-
Dimensionally Ordered Macroporous TiO2/C Composite 
Anodes for Lithium Ion Batteries 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Parts of this chapter are from: Petkovich, N. D.; Rudisill, S.G.; Wilson, B. E.; Mukherjee, A.; 
Stein, A. Control of TiO2 Grain Size and Positioning in Three-Dimensionally Ordered 
Macroporous TiO2/C Composite Anodes for Lithium Ion Batteries Inorg. Chem. 2014, 53,  
1100-1112. – These parts are reproduced by permission of The American Chemical Society. 
Available at: http://dx.doi.org/10.1021/ic402648f 
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3.1 Introduction and Motivation 
 Titanium is the second most abundant transition metal in the Earth’s crust, and its oxide, TiO2, 
finds use in a wide array of applications. Since TiO2 is a wide band gap semiconductor, its 
electronic properties have been harnessed for photocatalysis,
1,2
 electronic device fabrication,
3,4
 
and the creation of dye-sensitized solar cells.
5,6
 TiO2 also serves as an important component in 
many pigments
7
 and in stable supports for catalytic materials.
8-10
 While many of these 
applications for TiO2 have been developed over decades, the emergence of TiO2 as a material for 
lithium-ion battery anodes has happened only recently.
10
 Despite limitations inherent to TiO2, 
researchers have begun to utilize TiO2 effectively in batteries. Some of the benefits of using TiO2 
are clear, e.g., its cost, low toxicity, and density, while others were discovered through the 
electrochemical testing of TiO2. In many cases, these benefits can only be realized when 
modifications are made to the various polymorphs of TiO2, as described below. 
 Huang et al. first reported on the use of anatase TiO2 as an intercalation-based anode material 
that could potentially compete with graphite-based anodes used in lithium ion batteries.
11
 As 
research into the electrochemistry of TiO2 progressed from that point, two advantages of using 
TiO2 were touted.
12-14
 First, the lithium intercalation and deintercalation processes in TiO2 take 
place at a higher voltage than in graphite (~1.4 to 1.8 V vs. Li/Li
+
, depending on the 
polymorph).
10
 While this operating potential does not necessarily eliminate irreversible capacity 
due to formation of the solid-electrolyte interphase,
15
 it avoids the problems of lithium plating and 
dendrite formation. With continued concerns over lithium ion battery safety, especially in light of 
recent incidents in the transportation sector, this advantage is especially relevant.
16
 Another key 
advantage of TiO2 is that it can retain its capacity at fast charge/discharge rates, but only in TiO2 
materials with nanoscale features, not in their bulk counterparts.
17-20
 Careful control of the overall 
morphology of TiO2 is needed to obtain good rate performance and to obtain reasonable 
capacities that make TiO2 competitive with graphite.
10,20
 
 The past decade of research into TiO2 electrodes has been marked by a continued push to 
synthesize materials that can deliver good capacities at high rates. These efforts have focused on 
the synthesis of nanoporous TiO2,
21-23
 TiO2 particles with extremely small crystallite sizes,
18,24,25
 
and intricate hierarchical structures of TiO2.
26,27
 Most of these engineered materials possess high 
surface areas and have an open morphology that allows the electrolyte to completely wet the 
active material. As a result of these morphologies, lithium ion diffusion distances are reduced and 
a large interfacial area can be utilized for insertion/extraction reactions. In addition, the extensive 
interface between the active material and the electrolyte helps contribute to pseudocapacitance 
 90 
 
charge storage.
22,28
 Pseudocapacitance becomes the dominant reversible charge storage 
mechanism for TiO2 at high charge/discharge rates.
22
 Significant reductions in the crystallite size 
of TiO2 also assist in increasing the extent of lithium intercalation, leading to improvements in 
capacity.
22,29
 
 Moving beyond simply considering the morphology of pure TiO2, substantial research has 
been performed on composite materials that contain TiO2 and a secondary conductive phase. As a 
wide–band gap semiconductor, TiO2 has low intrinsic electronic conductivity. The low electronic 
conductivity of TiO2 can significantly reduce battery capacities at high rates when electron 
transport lengths are relatively long, as is the case for nanoporous materials that extend over 
micrometers in length. This limitation is overcome through doping with heteroatoms
30
 or though 
the formation of composite materials.
10
 Most TiO2 electrodes are fairly “low-tech” composites, in 
which TiO2 is mechanically mixed with a conductive additive, typically carbon black. Better 
“wiring” of the TiO2 grains can be realized through the formation of a nanocomposite, wherein 
the active TiO2 is intimately mixed with the conductive phase during materials synthesis.
31
 Guo et 
al. accomplished this by using sol–gel-derived RuO2 “wires” with a matrix of TiO2 crystals.
32
 
Owing to the expense of RuO2, other groups have focused on forming nanocomposites with 
conductive carbon allotropes. Various composites have been produced that exhibit a wide range 
of morphologies that are often determined by the type of carbon used. For instance, TiO2 
nanosheets have been grown on carbon nanotubes that easily transport electrons away from the 
sheets, thereby improving performance at fast charge/discharge rates.
33
 The use of graphene in 
nanocomposites with TiO2 has allowed for the generation of different morphologies. Graphene 
can be used to wrap TiO2 crystallites in a conductive matrix
34,35
 and has also been used to produce 
sandwich-like composites with TiO2 sheets.
36
 Amorphous carbon is another allotrope that can be 
combined with TiO2 in a variety of syntheses.
37-40
 Its versatility comes in part from the numerous 
compounds that can be pyrolyzed to form a conductive phase, and one such compound is critical 
in the study described herein.  
 This chapter describes an effort to improve the performance of TiO2 for lithium ion battery 
anodes through the formation of nanostructured TiO2/C composites. In addition, it explores the 
use of the carbon as a secondary template to minimize TiO2 crystallite growth during thermal 
processing. To obtain a suitable morphology, a combination of colloidal crystal templating (CCT) 
and surfactant templating is employed. As described in Chapter 2, hierarchical materials can be 
synthesized via this dual-templating method.
41
 For the preparation of the TiO2/C composites 
discussed here, a multiconstituent precursor is used that contains titanium isopropoxide (TiO2 
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source), a phenol-formaldehyde (PF) sol (amorphous carbon source), and a block copolymeric 
surfactant. Further processing at elevated temperatures removes the colloidal crystal template, 
crystallizes the TiO2, and carbonizes the PF sol. Ultimately, a porous structure is formed that 
contains nanocrystals of TiO2 in a conductive carbon matrix, allowing better utilization of TiO2 as 
an anode material. 
 Specific alterations to the synthesis procedure have an impact on the performance of these 
materials as lithium-ion battery anodes. First, both the choice of chelating agent and the 
temperature used for pyrolysis influence the TiO2 crystallite size. This translates into significant 
differences in the performance of the TiO2/C composites. Second, removal of the carbon 
framework through combustion at low temperatures yields a three-dimensionally ordered 
macroporous (3DOM) TiO2 with void spaces between crystallites (intrinsic mesopores). The 
carbon restricts TiO2 crystallite growth prior to burnout and allows us to achieve good capacities 
with this particular material.  
 
3.2 Experimental 
3.2.1 Materials 
 Methyl methacrylate (99 %), titanium(IV) isopropoxide (>97%), 2,4-pentanedione (acac, 
99+%), trifluoroacetic acid (TFA, 99 %), poly(ethylene oxide)–block–poly(propylene oxide)–
block-poly(ethylene oxide) copolymer (molecular weight of 5800, P123), and sodium 
carboxymethyl cellulose (CMC, molecular weight of 250,000) were all purchased from Sigma-
Aldrich. Phenol (ACS reagent grade), formaldehyde (37 wt% in water), and potassium persulfate 
(ACS reagent grade) were obtained from Fisher Scientific. Hydrochloric acid (37 wt% in water) 
and sodium hydroxide pellets (ACS reagent grade) were obtained from Macron Chemicals. A 
suspension of styrene–butadiene rubber (SBR, 50 wt% in water) was purchased from the MTI 
Corp. Ethanol (200 proof, USP grade) was purchased from Decon Laboratories. Aeroxide
®
 P25 
TiO2 was provided by Evonik Industries. All chemicals were used without further purification. 
Deionized water was produced on-site using a Barnstead Sybron purification system (final 
resistivity >18 MΩ·cm). 
 
3.2.2 Preparation of the PF Sol and PMMA Colloidal Crystals 
 To produce these materials, monodisperse colloidal spheres of poly(methyl methacrylate) 
(PMMA) were synthesized using a previously reported emulsifier-free emulsion 
polymerization.
42
 Colloidal crystal templates were obtained by letting the sphere suspension 
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sediment under the force of gravity and then by allowing the supernatant to evaporate. Phenol-
formaldehyde prepolymer sol was synthesized following a well-established literature procedure.
43
 
The final sol was produced by dispersing dried resol oligomers in an equal mass of ethanol, 
forming a 50 wt% ethanolic PF sol. 
 
3.2.3 Preparation of the TFA-TiO2/C Composites 
 After the PF sol was obtained, two separate solutions (solutions A and B) were made. In 
solution A, 3.5 g of titanium isopropoxide was mixed with 1.4 g of TFA. This solution was 
stirred, and 2 g of ethanol was then added. After 5 min of stirring, 0.6 g of concentrated HCl was 
added dropwise to it. P123 (0.75 g), gently heated to a liquid state, was then added to the solution. 
Solution A was stirred until complete dissolution of the P123 was achieved. In solution B, 0.3 g 
of PF sol was mixed with 2 g of ethanol. Water (0.88 g) and liquid P123 (1 g) were added to 
solution B. Solution B was stirred until the P123 completely dissolved. Once the P123 had 
dissolved in both solutions, solution B was added dropwise to solution A. The final precursor 
solution was allowed to stir overnight.    
 For infiltration, millimeter-sized monolithic colloidal crystal templates were first placed in 20 
mL scintillation vials. The precursor solution was then injected into the vials up to half the height 
of the template monoliths. Capillary action drew the precursor into the templates over a period of 
4–6 h. If all the precursor solution was taken up into the templates, a small amount of additional 
precursor was added to the vials. After infiltration was completed, excess precursor was wiped 
from the monoliths using laboratory wipes. Excess solvent was removed by placing the infiltrated 
templates under low vacuum at ambient temperature for 15 min. This was done to prevent 
destruction of the 3DOM structure during subsequent pyrolysis. The infiltrated monoliths were 
then thermally treated (in capped vials) at 100 °C for 24 h and then at 140 °C for 24 h to further 
condense and cross-link the components of the precursor. They were then placed in alumina boats 
in a quartz tube under Ar gas flow (0.7 L/min) to remove the template, crystallize the TiO2, and 
carbonize the PF resin. Samples were heated in a tube furnace to 350 °C at 1 °C/min and held for 
4 h and then to 500 °C, 600 °C, 700 °C, 800, or 900 °C at 1 °C/min and held for 2 h. 
 
3.2.4 Preparation of the acac-TiO2/C Composites 
 A similar procedure to the one described above was used for the precursor solutions that 
contained acac as a chelating agent. Once again, a 50 wt% PF sol in ethanol was used for this 
synthesis. Two solutions (A and B) were prepared. Solution A was made by first combining 3.5 g 
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of titanium isopropoxide with 1.23 g of acac. Shortly after these were mixed, 1.75 g of ethanol 
was added to solution A. After 5 min of stirring, 1 g of concentrated HCl was added dropwise 
while solution A was stirred. Liquid P123 (0.75 g) was then dissolved in solution A. For solution 
B, ethanol (1.75 g) and PF sol (0.27 g) were mixed. Subsequently, 0.75 g of water and 1 g of 
liquid P123 was added to the solution. Once P123 had dissolved in both solution A and B, 
solution B was added dropwise to solution A. The final precursor was allowed to stir overnight. 
Infiltration of the colloidal crystal templates and subsequent processing was conducted following 
the procedure detailed above for the TFA-TiO2/C composites. 
 
3.2.5 Preparation of Single-Phase 3DOM TiO2 
 For the single-phase 3DOM TiO2, a TFA-based composite was first prepared. Pyrolysis was 
conducted at 350 °C and 500 °C following the procedure detailed above. Carbon was removed 
from the composites by calcining them at 400 °C for 2 h in a tube furnace under static air. A ramp 
rate of 2 °C/min was used. 
   
3.2.6 Product Characterization 
 All the of samples were characterized by powder X-ray diffraction (PXRD) using a 
PANalytical X’Pert PRO diffractometer operated with a Co anode at 45 kV and 40 mA and an 
X’Celerator detector. The Scherrer equation was used to estimate crystallite sizes via line 
broadening in the PXRD patterns. Further characterization of the crystal structures present in the 
samples was performed using a WITec Alpha300R confocal Raman microscope fitted with a 
514.5 nm Ar
+
 laser (operated at 15 mW). Raman scattering was detected using a DV401 CCD 
thermoelectric-cooled detector. Multiple spectra were collected for a given area and then 
averaged to give the final, reported spectrum. A 10 aperture was used for all measurements. 
Morphological information was obtained via scanning electron microscopy (SEM) performed 
with a JEOL 6700 instrument operated at 5 kV. Samples were mounted on Al stubs covered with 
double-sided sticky carbon tape. A 5-nm layer of Pt was deposited on the samples prior to 
imaging. Additional morphological information was obtained by transmission electron 
microscopy (TEM). An FEI Technai T12 operated at 120 kV with LaB6 filament was used for 
TEM imaging. Samples were prepared by bath sonicating powders suspended in ethanol for 5 
min. The suspensions were dropped onto Cu grids coated with Formvar. Small-angle X-ray 
scattering (SAXS) patterns were collected on a Rigaku RU-200BVH instrument equipped with a 
rotating copper anode and a Siemens Hi-Star multiwire area detector. Gas sorption isotherms 
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were obtained using a Quantachrome Autosorb IQ2 with N2 gas at 77 K. Samples were outgassed 
at 200 ºC and 0.001 Torr for 12 h prior to measurement. Surface areas were calculated using the 
Brunauer-Emmitt-Teller (BET) method. Pore volumes were calculated from the point P/P0 = 
0.995 on the adsorption branch. Micropore volumes were estimated using a quenched solid 
density functional theory (QSDFT) kernel supplied by Quantachrome Instruments. 
Thermogravimetric analysis was conducted using a Netzsch STA 409 PC Luxx Instrument to 
determine the TiO2 content. Analyses were carried out in flowing air using a 10 ºC/min ramp up 
to 1000 ºC. Fluorine content in the TFA composite samples was determined via a combination of 
flask combustion and ion chromatography carried out by Atlantic Microlab (Norcross, GA). 
 
3.2.7 Electrochemical Characterization 
 Electrodes were assembled by mixing ground, ultrasonicated active material, Timcal Super P 
carbon black, and the aqueous binder suspensions. This electrode paste was spread onto carbon-
coated aluminum foil (provided by Exopack
® 
Advanced Coatings), dried overnight at ambient 
conditions, and finally under vacuum at 105 °C for 24 h. The composition of the dried electrode 
film was 84 wt% active material, 10 wt% conductive additive, 4 wt% CMC binder, and 2 wt% 
SBR binder. Disks with a diameter of 0.5 in were punched out of the film. Typically, the mass of 
active material in the electrodes was between 1 and 1.5 mg cm
-2
. The electrode disks were placed 
in 2032 coin cells in a half-cell configuration with metallic lithium as the counter electrode. A 
Celgard
®
 3501 polypropylene membrane was used as the separator. A commercial electrolyte (1 
M LiPF6 in a 1:1:1 mixture by volume of ethylene carbonate, dimethyl carbonate, and diethyl 
carbonate) purchased from the MTI Corporation was used in the cells. Coin cell assembly was 
performed in a glovebox filled with helium gas. Cells were tested using an Arbin Instruments BT-
2000. Cycling was conducted between 1 and 3 V vs. Li/Li
+
. The C-rate was set so that 1 C = 335 
mA per g of TiO2 in the electrode.  
 Impedance spectroscopy was carried out on the coin cells by using a Solartron 1255B 
frequency response analyzer with an attached SI1287 electrochemical interface. The electrode 
film served as the active electrode, while lithium foil served as the reference and counter 
electrodes. A frequency range of 50 kHz to 50 mHz was used, along with an AC signal of 20 mV. 
During the measurement, a constant potential of 2.1 V vs. Li/Li
+
 was applied. The impedance 
spectra were fitted to equivalent circuits using Wolfram Mathematica 9. 
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3.3 Results and Discussion 
3.3.1 Structural Characterization of TFA-TiO2/C and acac-TiO2/C 
 Numerous variables can be altered in the synthesis of the composite materials, but three 
variables are the main focus of this section: the type of chelating agent used in the synthesis, the 
pyrolysis temperature attained by the composite, and the use of carbon as a secondary template. 
 Two different chelating agents were used to stabilize the titanium isopropoxide in the 
multiconsitituent precursor. Without chelation, TiO2 quickly precipitates out of the precursor 
prior to complete infiltration of the template. Trifluoroacetic acid had previously been used for 
arresting the condensation of a precursor that contained titanium alkoxide, allowing for the 
successful synthesis of mesoporous TiO2 and 3DOM TiO2.
44,45
 2,4-Pentanedione is another 
chelating agent commonly used to prevent rapid condensation of titanium alkoxides.
46
 Both 
agents yielded precursors stable enough for the infiltration process. The overall TiO2 content in 
the pyrolyzed composites was also similar: TFA-TiO2/C pyrolyzed at 800 °C was 74 wt% TiO2, 
while acac-TiO2/C pyrolyzed at 800 °C was 71.5 wt% TiO2. In addition to the TiO2 content,  
elemental analysis was used to calculate fluorine content for the TFA-TiO2/C pyrolyzed at 800 
°C. Within the detection limits of the technique (0.25 wt%), no fluorine was found in the samples. 
While this does not completely eliminate possible low-level fluorine ion doping in the materials 
made via the TFA precursor, we postulate that fluorine does not play a significant role in the 
overall electrochemical properties. 
 Figure 3.1 shows PXRD patterns of both TFA- and acac-TiO2/C composites together with the 
temperature reached during the final pyrolysis step. Carbon and four polymorphs of TiO2 are 
observed in the patterns. While no strong peak exists for the amorphous carbon, a broad shoulder 
(essentially, a sloping background) is observed below 40 °2θ for all samples. Unlike the carbon, 
the TiO2 present in both TFA-TiO2/C and acac-TiO2/C undergoes several phase transformations 
at different pyrolysis temperatures. At the lowest pyrolysis temperatures, anatase co-exists with 
the monoclinic TiO2-B phase. Identification of TiO2-B is fairly uncomplicated due to the 
appearance of two overlapping peaks near 52 °2θ (Figure 3.1). In syntheses with TiO2 sol-gel 
precursors and surfactants, TiO2-B can appear as a minor phase when the resulting materials are 
thermally treated at temperatures from 400 to 600 °C.
13,47,48
 This is also observed with the TFA- 
and acac-TiO2/C. Even the relatively featureless pattern for acac-TiO2/C pyrolyzed at 500 °C 
contains a very broad peak between 50 and 55 °2θ (Figure 3.1 b). This feature is the result of 
several overlapping TiO2-B reflections. It is important to note that the thermal stability of the 
TiO2-B phase is quite high for these materials,
48
 with acac-TiO2/C retaining the phase at 600 °C. 
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This stability is likely enhanced from the carbon matrix that impedes crystal growth and 
consequent transformation to the anatase phase.  
 
Figure 3.1 PXRD patterns of (a) TFA-TiO2/C and (b) acac-TiO2/C composites. The temperature reached in 
the final pyrolysis step is given. Reference patterns are presented underneath the collected patterns. The 
insets highlight the main reflections of anatase and rutile. The asterisk indicates a reflection from the Al 
sample holder. 
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 As stated above, both TFA-TiO2/C and acac-TiO2/C contain the reflections characteristic of 
anatase TiO2 (Figure 3.1). The main (101) reflection is clearly observed at ~29.4 °2θ for all 
samples. Anatase is the majority phase detected in sol-gel syntheses when TiO2 first crystallizes 
during thermal treatment, especially with syntheses conducted at low pH.
49,50
 This can be ascribed 
to the fact that anatase is the thermodynamically stable polymorph for high-surface-area TiO2 
crystallites below ~14 nm in size.
51,52
 As the pyrolysis temperature increases, transformation from 
the anatase to the rutile polymorph accompanies an increase in crystallite size, since rutile is the 
thermodynamically stable phase for bulk TiO2.
49
 In TFA-TiO2/C, the rutile (110) peak at ~31.9 
°2θ appears when the final pyrolysis temperature reaches 700 °C. Rutile remains a very minor 
phase until the pyrolysis temperature reaches 900 °C, when rutile becomes the majority phase. 
For acac-TiO2/C, a similar sequence of phase transformation with respect to temperature is 
observed; however, the pyrolysis temperature has to reach 800 °C before rutile peaks appear. 
Both the acac- and TFA-TiO2/C composite materials clearly stabilize the anatase phase at high 
temperatures, consistent with other reports on TiO2/C composites.
37,39,53,54
 A delay in the phase 
transformation is caused by the carbon matrix that confines the TiO2 crystallites and prevents 
diffusion of ions/vacancies. Grain growth is therefore lessened and the crystallites do not grow to 
the diameter required for the transformation from anatase to rutile. Also, nucleation of the rutile 
phase at the interface of anatase crystallites is limited due to confinement.
55
 
 Estimates of crystallite size were made using the line broadening of the PXRD reflections 
(Table 3.1). TiO2-B reflections were too weak to be adequately fit and were not analyzed. 
Unsurprisingly, crystallite size increases for the anatase grains as pyrolysis temperature increases. 
The crystallite growth is more pronounced for TFA-TiO2/C samples. This can be observed 
starting with samples pyrolyzed at 500 °C. With acac-TiO2/C, the reflections are so broad that it 
is not possible to accurately assess crystallite size. In contrast, TFA-TiO2/C has an estimated 
grain size of 3.0 nm after pyrolysis at 500 °C. For acac-TiO2/C, pyrolysis temperatures have to be 
increased by 100 °C to obtain an estimated crystallite size that corresponds to those in TFA-
TiO2/C (e.g., the crystallites in TFA-TiO2/C at 700 °C are similar in size to acac-TiO2/C at 600 
°C). Larger crystallites negatively impact overall electrode performance, an important point that 
will be quite relevant in the subsequent discussion of these materials. By 900 °C, both samples 
contain anatase crystallites over 10 nm in size. Again, this is close to the predicted size range 
where rutile becomes the thermodynamically stable phase;
51
 therefore, it is understandable that 
rutile is the major phase for samples pyrolyzed at 900 °C. Rutile also exhibits a larger crystallite 
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size for both types of composite; this is consistent with observations that rutile crystallites grow 
faster than anatase crystallites.
56
 
 
Table 3.1. Structural and textural parameters of 3DOM TiO2/C and 3DOM TiO2 samples. 
sample 
anatase 
crystallite 
size (nm) 
rutile 
crystallite 
size (nm) 
BET surface 
area 
(m
2
/g) 
pore volume 
(cm
3
/g) 
QSDFT 
micropore S.A. 
(m
2
/g)
a 
TFA-TiO2/C,  
500 °C 
3.0  261 0.24 172 
TFA-TiO2/C,  
600 °C 
5.8  332 0.46 222 
TFA-TiO2/C,  
700 °C 
8.5 b
 
394 0.44 244 
TFA-TiO2/C,  
800 °C 
11.5 b
 
451 0.46 232 
TFA-TiO2/C,  
900 °C 
14.0 15.8 505 0.63 304 
acac-TiO2/C, 
500 °C 
c  262 0.75 86.7 
acac-TiO2/C, 
600 °C 
3.0  272 0.56 144 
acac-TiO2/C, 
700 °C 
5.8  378 0.86 252 
acac-TiO2/C, 
800 °C 
8.4 b
 
428 0.50 277 
acac-TiO2/C, 
900 °C 
10.3 10.8 490 0.94 276 
3DOM TiO2 7.8  126 0.32 
d 
a 
 Calculated using a QSDFT kernel for adsorption of N2 on carbon at 77 K. 
b
 Rutile (110) peak too weak to accurately fit. 
c
 Anatase (101) line width too broad to accurately fit. Crystallite size is below 2 nm. 
d
 Sample devoid of carbon, so QSDFT was not used. 
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 One final note should be made about the PXRD patterns: a set of anomalous peaks are present 
in the TFA-TiO2/C composite pyrolyzed at 900 °C. An intense peak is clearly observed near 36.5 
°2θ, and others can be found in the pattern (Figure 3.1 a). In the presence of carbon, TiO2 can 
undergo carbothermic reduction to form various Magnelí phases with ordered defect structures.
53
 
Titanium carbide can also be formed.
57
 None of the reduced phases of TiO2 or TiC have a 
diffraction pattern that matches the additional peaks. Instead the peaks match an orthorhombic 
phase of TiO2 (TiO2-II) that is generally synthesized by subjecting TiO2 to high pressures.
58
 The 
presence of TiO2-II cannot fully explained, but it may be related to the reduction of TiO2. The 
high temperature form of Ti3O5, β-Ti3O5, has an orthorhombic lattice (related to the pseudo-
brookite structure).
59
 It may be possible that a phase transition occurred from the Ti3O5 form to 
TiO2-II when the sample was exposed to oxygen. Alternately, stresses induced by the 
confinement of TiO2 in the 3DOM framework that contains carbon might induce the shear 
necessary for transformation to TiO2-II.  
 More information concerning the crystal polymorphs present in the composite materials was 
obtained through confocal Raman microscopy. As is shown in Figure 3.2, characteristic 
vibrational modes for certain TiO2 crystal structures can be found in TFA- and acac-TiO2/C 
samples.
60
 TiO2-B modes, albeit extremely weak (Figure 3.2, orange arrows), are present in the 
spectra of composites that have TiO2-B reflections in their PXRD patterns. The anatase Eg mode 
centered near 150 cm
-1
 is generally the strongest mode in any given spectrum, a typical 
observation when examining nanocrystalline anatase that has long-range order.
61
 Since the grain 
size for the anatase is below 20 nm in the samples, no sharp peaks were observed in the spectra of 
any of the samples. This can be explained by phonon confinement that results in broadening of 
Raman modes for small crystallites.
61
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Figure 3.2 Raman spectra of (a) TFA-TiO2/C and (b) acac-TiO2/C. These spectra are from the region 
where TiO2 lattice vibrations can be observed. Pyrolysis temperatures are given next to corresponding 
spectra. Arrows have been placed over some of the characteristic modes for anatase, rutile, and TiO2-B in 
the spectra. The insets show the variation in the crystal polymorphs observed across a sample. 
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 At high pyrolysis temperatures, the anatase modes, most notably the Eg mode, lose intensity. 
Rutile vibrational modes, especially the Eg and A1g modes, appear as the transformation from 
anatase to rutile begins. For TFA-TiO2/C, rutile vibrational modes are found in various areas of 
the composite starting at 700 °C (Figure 3.2 a). By 900 °C, the rutile modes dominate most 
spectra, and only weak peaks are observed that correspond to anatase modes. Some areas contain 
fairly intense anatase modes (top inset in Figure 3.2 a), which might be indicative of regions with 
low TiO2 content and consequently less sintering. Alternately, local variations in temperature 
during pyrolysis might contribute to the heterogeneity. Rutile peaks and heterogeneities in the 
observed polymorphs are also observed for acac-TiO2/C composites. However, the pyrolysis 
temperature has to reach 800 °C before rutile modes are observed. The peak near 400 cm
-1
 shifts 
and a shoulder appears for some spectra due to the rutile Eg peak (see inset in Figure 3.2 b). Even 
then, rutile remains a minor phase. Scanning a specific area, it was determined that acac-TiO2/C 
pyrolyzed at 900 °C contains rutile, and the modes are most intense on the surface of the 
monolithic pieces (see inset in Figure 3.2 a). Any excess precursor left on the sample forms an 
untemplated surface “crust” after processing. Sintering can be quite severe in these regions, since 
large clusters of TiO2 are aggregated on the surface. These observations all serve to largely 
confirm the data gathered from the XRD patterns. Furthermore, they indicate that the relative 
abundance of anatase vs. rutile is not uniform for samples pyrolyzed at high temperatures. 
 In addition to providing information on the structure of TiO2, Raman spectroscopy was 
conducted on the D/G bands for the carbon framework. These bands are related to specific 
vibrational modes in aromatic six membered rings. The G band is found in pristine graphite (or 
planar sp
2
 carbon) and comes from bond stretching. In contrast, the D band comes from a 
breathing mode that can only occur in carbon materials that contain disorder.
62
 Figure 3.3 shows, 
for all of the samples, the region of the Raman spectra that contains the D/G bands. The same 
general trend is observed for both TFA-TiO2/C and acac-TiO2/C. As the pyrolysis temperature 
increases, the intensity of the D band increases relative to the G band (Table 3.2). This may seem 
surprising at first glance, since the conductivity of hard, amorphous carbon derived from phenolic 
resins is known to increase with increasing temperature.
63,64
 However, the intensity of the G peak 
has been reported to decrease with increasing pyrolysis temperature below 1000 °C for 
carbonized phenolic resins.
65
 Ferrari and Robertson note that for small (< 2 nm) clusters of 
aromatic rings in amorphous carbon, the D band intensity increases as the cluster size becomes 
larger.
62
 In this case, the observed increase in D band intensity is simply a reflection of the 
presence of more aromatic rings in the minute clusters that make up the amorphous carbon. 
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Figure 3.3 The D/G Raman bands are shown for (a) TFA-TiO2/C and (b) acac-TiO2/C. The two bands are 
labeled, along with the final pyrolysis temperature reached during processing. The D band intensity 
increases as pyrolysis temperature increases, indicating a growth in carbon cluster size. 
 
Table 3.2 Relative Intensities of the D/G Raman Bands for the 3DOM TiO2/C samples. 
Sample ID/IG 
TFA-TiO2/C, 500 °C 0.76 
TFA-TiO2/C, 600 °C 0.90 
TFA-TiO2/C, 700 °C 0.82 
TFA-TiO2/C, 800 °C 1.0 
TFA-TiO2/C, 900 °C 1.1 
acac-TiO2/C, 500 °C 0.81
 
acac-TiO2/C, 600 °C 1.0 
acac-TiO2/C, 700 °C 1.1 
acac-TiO2/C, 800 °C 1.3 
acac-TiO2/C, 900 °C 0.97 
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3.3.2 Morphology and Textural Properties of TFA-TiO2/C and acac-TiO2/C 
 An assessment of the structure of the 3DOM network was conducted using SEM. Figure 3.4 
contains a panel of SEM images for all TFA- and acac-TiO2/C pyrolyzed at different 
temperatures. In all of the images, the face-centered cubic (fcc) lattice of macropores is clearly 
visible. Interconnecting windows are present between the large macropores, but unlike the case 
for the larger macropores, there is variation in the diameter of the windows.  
 
 
Figure 3.4 SEM images of TFA-TiO2/C (a–e, 500–900 °C, 100 °C increments) and acac-TiO2 composites 
(f–j, 500–900 °C, 100 °C increments). The 3DOM morphology is present in all of the materials processed. 
A well-ordered 3DOM morphology is observed across the majority (>50%) of any given sample. 
 
 Differences in crystallite size and location can also be ascertained using SEM for some of the 
composites. Figure 3.5 highlights the significant difference in crystallite size between TFA- and 
acac-TiO2/C in the materials pyrolyzed at 800 °C. The aggregation is more pronounced in TFA-
TiO2/C, as is expected from the PXRD patterns. This trend continues at higher temperatures, as 
well. SEM micrographs also suggest that a substantial fraction of the TiO2 exists on the surface of 
TFA-TiO2/C samples. 
 
 
Figure 3.5 Two high-magnification SEM images are shown for (a) TFA-TiO2/C and (b) acac-TiO2/C 
pyrolyzed at 800 °C. The size of the TiO2 aggregates is clearly larger in the TFA-TiO2/C composite. 
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 More information concerning the textural properties of the composites can be determined 
using N2 sorption. This includes information concerning the presence of any mesopores created 
by the surfactant present in the precursor. The sorption isotherms for TFA- and acac-TiO2/C are 
presented in Figure 3.6. An analysis of the general shape of the isotherms yields several insights 
into the porosity present in the composites. First, the hysteresis that is characteristic of 
mesoporous materials is absent for the majority of the isotherms. Weak hysteresis is observed for 
the samples pyrolyzed at 500 °C/600 °C, and also at 900 °C. The hysteresis at 900 °C is clearly 
not related to the surfactant template. Second, a sharp rise in the isotherm at P/P0 > 0.9 reflects 
the presence of macroporosity. Third, another sharp rise is present at very low P/P0 that comes 
from microporosity in the amorphous carbon matrix.
66
 Finally, closure of the isotherms does not 
occur for the samples pyrolyzed at 500 °C. Many polymeric materials (like the PF resin) have 
isotherms that do not close,
66
 which would explain why this phenomenon happens only at low 
temperatures. 
 
 
Figure 3.6 Nitrogen gas sorption isotherms of the TFA- and acac-TiO2/C composites. Sharp rises in the 
isotherms are observed at both low and high P/P0. This is characteristic of a material containing both 
micropores and macropores.  
 
 Table 3.1 presents additional information derived from the isotherms. Examining the BET 
surface areas first, an increase in surface area is observed as the pyrolysis temperature increases. 
This is in line with reports on mesoporous TiO2/C composites derived using PF sol.
37,53
 Much of 
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this increase can be attributed to the development of microporosity in the carbon phase. An 
estimate of the micropore area was found via a quenched state density functional theory (QSDFT) 
kernel for carbon. While the fits to the isotherms are good, this can only be considered an 
estimate due to differences in surface energetics between carbon and TiO2. In general, the surface 
area due to microporosity increases for both TFA- and acac-TiO2/C at higher pyrolysis 
temperatures, which can be attributed to the carbon in the composites. It is likely that the majority 
of the BET surface area increase is from the carbon, but mesoporosity that arises from the spaces 
between TiO2 grains may also contribute. Since micropores in the carbon will not greatly increase 
the capacity of the composite material in the 1–3 V range,54 the enhanced surface areas are not a 
major factor in the electrochemical performance of these composites. Pore volume does not 
follow a clear trend with increasing pyrolysis temperature for either TFA- or acac-TiO2/C. At 
high P/P0, there is a sharp increase in the volume adsorbed. Some factor other than the geometry 
of the 3DOM network may be responsible, including breakdown of the material into smaller 
particles. 
 Since only limited evidence of mesoporosity was found with gas sorption, SAXS was used to 
obtain evidence that a mesostructure exists in some of the composites. Before pyrolysis, the 
infiltrated, thermally-treated TFA- and acac-TiO2/C both have a broad peak in their SAXS 
patterns (Figure 3.7). The peak in the patterns comes from a disordered mesostructure that arises 
from the co-assembly of surfactant molecules with other components of the precursor. 
Differences in d-spacing are observed between peaks in the patterns for TFA- and acac-TiO2/C 
(10.0 nm versus 12.3 nm). Even though the same block-co-polymer was used as the soft template 
for both syntheses, the type of chelating agent and amounts of solvent used were changed. This 
change could result in a difference in the swelling of any P123 micelles and explain the altered  
d-spacing.
41
 Once the samples are pyrolyzed, the disordered mesopore network disappears 
(Figure 3.8). Weak scattering peaks are observed for TFA-TiO2/C at 6.9 nm (the contraction is 
due to condensation and shrinkage of the 3DOM network) until pyrolysis at 600 °C. The acac-
TiO2/C material fares better with regards to mesostructural stability; a weak scattering peak at 8.9 
nm does not disappear until pyrolysis at 800 °C. Mesostructural collapse in both types of 
composite is likely a result of the sintering of TiO2 crystallites. If pores are present in the TiO2 
phase, thermally-induced densification will ultimately close them. Pores present in the carbon 
phase can undergo collapse as growing TiO2 crystallites pierce through their sides. Since acac-
TiO2/C has a consistently smaller crystallite size than TFA-TiO2/C, better mesostructural stability 
is expected.  
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Figure 3.7 SAXS patterns of unpyrolyzed TFA-TiO2/C and acac-TiO2/C. Both types of material have 
single diffraction peaks indicative of a disordered mesostructure formed from the P123 surfactant. 
 
 
Figure 3.8 SAXS patterns of (a) pyrolyzed TFA-TiO2/C and (b) acac-TiO2/C. Diffraction peaks are fairly 
weak, if present at all, in the patterns. The position of the peak is shifted to high angles relative to the 
unpyrolyzed samples. This is a result of the contraction in the 3DOM structure during thermal treatment.   
  
 TEM analysis of the TiO2/C composites further confirms these experimental results. TiO2 
crystallites contained within the walls of the 3DOM structure gradually increase in size as the 
pyrolysis temperature increases, due to thermally-induced grain growth. Figure 3.9 shows this 
effect, and also demonstrates the impact of chelating agent; crystallites present in acac-TiO2/C are 
considerably smaller than crystallites in TFA-TiO2/C. Additionally, as the pyrolysis temperature 
exceeds ~700 °C for TFA-TiO2/C, the crystallites become larger than the confines of the walls. 
With increasing temperature, the TiO2 grows outward, no longer contained by the carbon 
framework (Figure 3.10). This may result in poorer performance due to loss of carbon/TiO2 
interfacial area. Finally, low pyrolysis temperatures are associated with retention of disordered 
mesoporosity within the walls of the structure, offering confirmation of the SAXS results (Figure 
3.11).  
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Figure 3.9 TEM images of TFA-TiO2/C (a, c, e, g, and i, 500–900 °C, 100 °C increments) and acac-TiO2/C 
(b, d, f, h, and j, 500–900 °C, 100 °C increments) composites. The TiO2 crystallite size increases as the 
pyrolysis temperature is increased. At higher temperatures, the substantially larger TiO2 crystallites present 
in TFA-TiO2/C are clearly observed in comparison to images from acac-TiO2/C. TEM images taken by 
Stephen Rudisill. 
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Figure 3.10 TEM images of (a) TFA-TiO2/C and (b) acac-TiO2/C, both pyrolyzed at 800 °C. These higher 
magnification images highlight the disparity in crystallite size between the TFA-TiO2/C and acac-TiO2/C 
samples. TEM images taken by Stephen Rudisill. 
 
 
Figure 3.11 TEM images of (a) TFA-TiO2/C pyrolyzed at 500 °C and (b) acac-TiO2/C at 600 °C. These 
images show that disordered mesoporosity remains, as long as the pyrolysis temperature is sufficiently low. 
TEM images taken by Stephen Rudisill. 
 
3.3.3 Discussion of the Differences Caused by Changing the Chelating Agent 
 From the structural analysis conducted above, there are clear differences caused by the use of 
trifluoroacetic acid vs. 2,4-pentanedione as a chelating agent. No matter what chelating agent is 
used, TiO2 crystallites can be found embedded in the carbon phase. However, TEM and SEM 
imaging reveals that the TiO2 crystallites in TFA-TiO2/C are concentrated on the exterior surface 
of the 3DOM network. This localization also results in enhanced sintering and crystal growth of 
TiO2, despite the fact that TFA-TiO2/C has carbon content nearly identical to that of acac-TiO2/C. 
The origin of the pronounced differences in the distribution of TiO2 lies in the compatibility of 
the chelated complex with the other components of the precursor. When trifluoroacetic acid is 
used to chelate titanium isopropoxide (in a 1:1 molar ratio), the resulting complex contains 
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numerous trifluoromethyl groups.
44
 Most of the other components of the precursor (water, 
alcohols, and the resol clusters) contain O–H moieties that can participate in hydrogen bonding. 
Interactions between the hydrophobic titanium-containing complex and the rest of the precursor 
should be unfavorable for TFA-TiO2/C. Separation of the complex to the relatively hydrophobic 
surface of the PMMA template should then occur, in line with what we observe. A far different 
result should be expected for the acac-TiO2/C precursor. Prior studies in the literature have 
determined that various monomers and dimers form when 2,4-pentanedione and titanium 
alkoxides are combined in solution.
46,67
 No matter what particular complexes are found in the 
precursor, these titanium-containing complexes will contain aquo- and hydroxo- groups that can 
participate in hydrogen-bonding. Since the complexes in the acac-TiO2/C precursor are relatively 
hydrophilic, they should be well-distributed throughout the other components of the precursor. 
Ultimately, this would lead to a situation where TiO2 condenses and nucleates throughout the 
interstitial space of the colloidal crystal template. The surrounding carbon can more effectively 
restrict the growth of TiO2 crystals and impede sintering, explaining the reduced crystal size for 
acac-TiO2/C. 
 TFA-TiO2/C and acac-TiO2/C exemplify two possible distributions of an active material in a 
secondary matrix for a 3DOM/m nanocomposite. Taking these materials and a 3DOM/m 
LiFePO4/C composite described by Vu and Stein into consideration,
68
 three distinct types of 
3DOM/m metal oxide/phosphate and carbon composites can be identified. Figure 3.12 offers 
computer renderings highlighting the difference in the distribution of the active phase in the three 
composites. In Figure 3.12 a, the active material is confined in confined in the octahedral nodes, 
as in the case for the 3DOM/m LiFePO4/C. The precursors for LiFePO4 are more ionic and 
minimize interactions with the nonpolar PMMA template by aggregating in the octahedral 
nodes.
68
 Figure 3.12 b shows an intermediate distribution where the active material is distributed 
throughout the composite. This is observed for acac-TiO2/C, owing to the favorable interaction 
between the titanium complex and the other components of the precursor. Finally, Figure 3.12 c is 
the other extreme case, where the active material is primarily localized on the outer surface. 
Unfavorable interactions between the titanium complex and the other precursor components lead 
to the situation shown in Figure 3.12 c for TFA-TiO2/C. It is clear that the structure of the metal 
complex can dictate overall positioning of the active material in the carbon composite. Future 
work on templated composites should consider optimization of the interactions between any 
metal-containing complex, the solvent, additional precursors, and a hard template to achieve a 
distribution of active material favorable for the application at hand. 
 110 
 
 
Figure 3.12 Computer renderings of three different distributions of an active material (yellow) in a 
secondary matrix (brown) for 3DOM/m composites. In (a) the active material is localized in the octahedral 
nodes, in (b) the active material is well-distributed through the structure, and in (c) the active material is 
localized on the exterior surface. 
 
3.3.4 Structural and Morphological Characterization of 3DOM TiO2 
 Before moving on to a discussion of the anodes made from the composites, one other material 
needs to be discussed: the 3DOM TiO2 produced using carbon as a secondary template. This 
material was obtained by calcination of TFA-TiO2/C pyrolyzed at 500 °C. The choice of TFA-
TiO2/C was made due to its slightly higher TiO2 content than acac-TiO2/C. In this initial step, the 
crystallite size was minimized both by the low pyrolysis temperature and the presence of a 
confining partially carbonized phase. Burnout of the partially carbonized PF resin increased the 
crystallite size of the anatase phase, as shown by the clear decrease in the line width of the XRD 
peaks (Figure 3.13 a and Table 3.1). Also, the shoulder below 40 °2θ from the PF component 
disappeared. The material retained a BET specific surface area of 126 m
2
/g (Figure 3.13 b and 
Table 3.1), which is a value similar to that obtained in mesoporous TiO2 made using soft 
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templating.
10
 SEM micrographs reveal that the 3DOM structure is preserved after the combustion 
of the carbon matrix (Figure 3.13 c). Some variation in the size of interconnecting windows is 
present in the 3DOM structure and likely arose from the original composite. Finally, TEM 
imaging (Figure 3.13 d) reveals that the walls and nodes of the 3DOM network are comprised of 
aggregated TiO2 crystallites. Textural mesoporosity exists between the crystals (enhanced by 
removal of the carbon phase), but no ordered mesoporosity can be found. 
 
 
Figure 3.13 The characterization of the 3DOM TiO2 produced from TFA-TiO2/C pyrolyzed at 500 °C. (a) 
PXRD patterns of the original composite and 3DOM TiO2. (b) Nitrogen sorption isotherm for the 3DOM 
TiO2. (c) SEM and (d) TEM images show the 3DOM network that is made from fused TiO2 crystallites. 
TEM image taken by Stephen Rudisill. 
 
3.3.5 Electrochemical Characterization and Analysis  
 The TFA- and acac-TiO2/C composites pyrolyzed at 800 °C and the 3DOM TiO2 were 
selected for electrochemical tests and processed into electrodes for the half cells. The choice for 
the pyrolysis temperature was made by taking two factors into consideration. First, the PF resin 
needs to be brought to a sufficiently high temperature to adequately carbonize that particular 
component of the composite. As observed in Figure 3.3, the Raman D-band intensity increases at 
higher temperatures for the composites, indicating that the degree of graphitization increases. It is 
also known from DC conductivity testing using carbonized phenolic resin and carbonized 3DOM 
resorcinol-formaldehyde that temperatures in excess of 700 °C are needed to obtain 
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conductivities near 10 S·m
-1
.
63,64
 However, the crystallite size increases substantially as the 
pyrolysis temperature increases (Table 3.1). As a compromise, 800 °C was chosen for a 
comparison between the capacity of TFA-TiO2/C and acac-TiO2/C at different rates. 
 Figure 3.14 a shows the results of electrochemical lithiation and delithiation cycles at different 
rates for the composites pyrolyzed at 800 °C and 3DOM TiO2. At all rates, the capacity of acac-
TiO2/C is significantly higher than that of TFA-TiO2/C. Clearly, the decreased TiO2 crystallite 
size in acac-TiO2/C can account for most of the capacity boost. Aside from crystal size, another 
contributing factor could be the location of the TiO2 crystallites in the matrix. In TFA-TiO2/C, 
crystallites are observed in sizable clusters on the surface. Electronic and ionic transport through 
the TiO2 aggregates is then constrained to the contact points with the carbon matrix.
31
 In contrast, 
acac-TiO2/C contains many TiO2 crystallites embedded in the carbon matrix, which might lead to 
better “wiring” for the TiO2. The voltage profiles of the materials cycled in Figure 3.14 a are also 
shown in Figure 3.15. A characteristic plateau is observed in the profiles that results from the 
coexistence of a lithium-poor tetragonal and lithium-rich orthorhombic phase.
29
 For the two 
composites, a greater contribution comes from a voltage range below the plateau region. This 
could be from small crystallites that can undergo primarily solid solution storage
22
 or from 
intercalation into the carbon phase itself.   
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Figure 3.14 (a) rate performance data for various samples including, TFA-TiO2/C pyrolyzed at 800 °C, the 
acac-TiO2/C pyrolyzed at 800 °C, and 3DOM TiO2. In (b), the rate performance data for the acac-TiO2/C 
pyrolyzed at 700 °C, 800 °C, and 900 °C are shown. All specific capacities are plotted with respect to the 
mass of TiO2 in the electrode. 
 
 
Figure 3.15 Voltage profiles for the three different 3DOM materials, the TFA-chelated composite 
pyrolyzed at 800 C (a), the acac-chelated composite pyrolyzed at 800 C (b), and the 3DOM TiO2 (c). The 
expected plateau indicative of a two-phase intercalation is found in all the samples.  
 
 Perhaps the most surprising result in Figure 3.14 a is the excellent capacity of the 3DOM TiO2 
relative to the composites. At high rates, the capacity of 3DOM TiO2 is greater than that of both 
composites. When the total mass of the electrode is taken into account (active and inactive 
components), 3DOM TiO2 has the highest capacity, even at slow charge/discharge rates. The 
capacity boost in this compositionally simpler material may originate from several factors. First, 
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crystallite size in 3DOM TiO2 is smaller (7.8 nm) than TiO2 crystallites in the composites (11.4 
nm for the TFA-TiO2/C and 8.5 nm for the acac-TiO2/C) due to the lower temperatures needed 
for processing. Second, burnout of the secondary carbon template produces numerous void 
spaces. These pores allow for penetration of the electrolyte throughout the structure, shortening 
diffusion lengths. With acac-TiO2/C, numerous TiO2 particles are buried in the carbon network, 
which restricts lithium ion transport. Finally, the only conductive additive in the 3DOM TiO2 
electrode is Super P carbon black. This carbon black has an electronic conductivity higher than 
the amorphous carbon present in the composites. Electronic transport through the amorphous 
carbon network may be a hindrance during rapid charging/discharging. 
 To further investigate the effects of the pyrolysis temperature, acac-TiO2/C materials 
pyrolyzed at 700 °C, 800 °C, and 900 °C were processed into electrodes and tested. The results 
are shown in Figure 3.14 b. These pyrolysis temperatures are within the range in which carbon 
should be suitably conductive for cycling.
64
 Pyrolysis at 800 °C results in the highest capacities at 
all rates, validating the choice of pyrolysis temperature made earlier. However, acac-TiO2/C 
pyrolyzed at 700 °C exhibits similar capacities, especially upon the return to cycling at a rate of 
C/5. Overall, Figure 3.14 b demonstrates a major tradeoff that must be considered when using 
these composites as anode materials. While it is necessary to carbonize the PF resin at high 
temperatures, thereby increasing its conductivity, this necessity comes with a price. Crystallite 
size increases to the point at which diffusion through the large grains offsets any gains in carbon 
conductivity (i.e., acac-TiO2/C at 900 °C). 
 The capacities of TFA-TiO2/C, acac-TiO2/C, and 3DOM TiO2 after extended cycling at C/2 
are shown in Figure 3.16. Coulombic efficiencies are good for the materials and exceed 99 % 
after ca. 20 cycles. The order of charge/discharge capacities for the materials is the same as that 
observed in Figure 3.14 a. The acac-TiO2/C material has the highest capacities over all cycles, 
followed closely by 3DOM TiO2, and TFA-TiO2/C has the lowest capacity by a considerable 
margin. While acac-TiO2/C has the best capacity, it suffers from a decay in capacity of roughly 
25% when cycle 2 is compared to cycle 100. This decay in capacity has been observed in TiO2/C 
composite systems;
69
 thus, it is possible that the volume expansion and contraction during 
lithiation of TiO2 (albeit small)
20
 is damaging the contact between the carbon framework and the 
TiO2. In contrast, the capacity of the 3DOM TiO2 is fairly constant and the capacity of TFA-
TiO2/C increases. Any increases in capacity may be related to a more complete diffusion of 
electrolyte through a prepared electrode.
69
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Figure 3.16 Cycle performance of TFA-TiO2/C pyrolyzed at 800 °C, acac-TiO2/C pyrolyzed at 800 °C, and 
3DOM TiO2 are shown over 100 cycles. Coulombic efficiencies are also plotted for the materials (brown 
pluses are from TFA-TiO2/C, purple asterisks are from 3DOM TiO2, and red “x”s are from acac-TiO2/C). 
The rate was set at C/2. 
 
 Taking all of the cycling results into consideration, the materials attain capacities equal to or 
greater than that of the mass-produced, fumed TiO2 Aeroxide
®
 P25. Capacities for the 
nanocrystalline P25 are comparable to those for TFA-TiO2/C (Figure 3.17); however, the carbon 
phase present in the composite appears to improve its performance at high rates. Both 
acac-TiO2/C and 3DOM TiO2 have significantly elevated capacities in comparison to P25 owing 
to reduced crystal sizes and interconnected porosity.  
 
 
Figure 3.17 Comparison of the capacities of the TFA-TiO2/C composite pyrolyzed at 800 °C and a 
similarly-made electrode that contains Aeroxide
®
 P25. Capacities for both materials are similar, but the 
TFA-TiO2/C has higher capacities at high rates and better capacity retention.   
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 The two materials with the highest capacities, 3DOM TiO2 and acac-TiO2/C pyrolyzed at 800 
°C, possess lithium-ion intercalation behavior that matches similar materials. With regard to the 
composite, for instance, equivalent capacities were reported for mesoporous, hollow TiO2 spheres 
coated with amorphous carbon.
40
 At a C/2 rate, some of these spheres composites have capacities 
of ~200 mAh/g, similar to that of acac-TiO2/C (198 mAh/g). Additionally, acac-TiO2/C compares 
favorably to ordered mesoporous TiO2/C, when cycled at a rate of 2C (both have capacities of 
~150 mAh/g).
54
 It should also be noted that a larger voltage window was used for the mesoporous 
TiO2/C (0–3 V vs. Li
+
/Li). 3DOM TiO2 also has capacities that exceed those of many other 
nanostructured TiO2 materials. For instance, Jiang et al. synthesized 3DOM TiO2 without a 
secondary template and achieved a capacity of 125 mAh/g at ~2 C.
70
 Even with a lower wt% of 
carbon black in the electrode (10 wt% versus 15 wt%), the 3DOM TiO2 prepared in this report 
has a capacity of 145 mAh/g. However, when more conductive carbon materials are used, such as 
graphene or carbon fibers, greater capacities are attainable at high rates (i.e. <100 mAh/g at 30 
C).
71,72
 The 3DOM TiO2 also has capacities that match those of several different mesoporous 
TiO2 materials at a rate of 1 C. Both mesoporous anatase
69,73
 and rutile
74
 have been produced that 
have capacities slightly lower than the ~160 mAh/g achieved by 3DOM TiO2. When TiO2 
crystallite size is decreased further than what is observed in 3DOM TiO2 or porous TiO2-B is 
used as an anode, it is possible to achieve even higher rates.
22,75,76
 Still, it appears that the small 
crystallites and disordered pores that are present in the 3DOM TiO2 structure are sufficient to 
allow for shortened diffusion lengths. This structure provides good performance at moderate 
cycling rates.   
 To further study the effect of the pyrolysis temperature and chelating agent on the 
electrochemical properties and kinetic processes of the electrode reaction, electrochemical 
impedance spectroscopy (EIS) was used, both before and after 10 cycles at C/2. The impedance 
spectra (Figure 3.18) show a depressed semicircle in the high- to medium-frequency regions and 
a linear section in the low-frequency region, as would be expected for a lithium insertion/de-
insertion mechanism.
77
 The spectra were fitted to the equivalent circuit shown in Figure 3.18 c 
(see Table 3.3 for the calculated parameters). This circuit is comprised of a series resistor and 
capacitor (Rs and Cs, respectively), two elements each comprised of a parallel capacitor and 
resistor (R1, R2, C1, and C2), and a modified Randles cell (comprised of R3, C3, and Warburg 
impedance): a model similar to those used for other TiO2-based anodes.
77,78
 Moving across the 
circuit, the series resistor models the electrical resistance of the cell casing, testing apparatus, 
electrodes, and electrolyte, while the series capacitor models reversible ion sorption on exposed, 
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non-electrode surfaces inside the cell. A series capacitor is not needed in all cases, specifically 
TFA-TiO2/C and acac-TiO2/C samples pyrolyzed at 800 °C. Both of the next capacitor/resistor 
elements model surfaces at the electrode within the cell. R1 and C1 model the SEI layer, electrode 
roughness, and ion transport across the surface, while R2 and C2 model surfaces that are relatively 
inaccessible to the electrolyte and have a high resistance (i.e. TiO2 embedded in the carbon 
matrix, TiO2 that suffers from poor electrolyte wetting).
77,79
 In all samples except for the acac-
TiO2/C pyrolyzed at 700 °C, all of the resistances dropped, consistent with improved electrolyte 
wetting allowing for improved ionic conductivity. The anomaly may be a result of an SEI layer 
blocking access to the small, embedded crystallites of TiO2. Overall, the sample with the best 
performance, acac-TiO2/C pyrolyzed at 800 °C, has the lowest resistances. 
 
Figure 3.18 Nyquist plots of (a) as-made coin cells and (b) cells after 10 cycles at C/2. The equivalent 
circuit used to model the impedance spectra is shown in (c). Spectra fitted by Benjamin Wilson. 
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Table 3.3 Relevant parameters extracted from the electrochemical impedance spectra for the as-made 
samples and the samples cycled 10 times at C/2. Parameters calculated by Benjamin Wilson. 
sample 
Rs 
(Ω) 
R1  
(Ω) 
R2 
(Ω) 
R3 
 (Ω) 
Cs 
(mF) 
C1 
(µF) 
C2 
(µF) 
C3 
(µF) Σ 
As-made 
3DOM TiO2 
7.5 64 210 184 60 3.3 8.4 36 140 
Cycled 
3DOM TiO2 
6.6 12 35 33 37 2.8 14 56 65 
As-made  
TFA-TiO2/C,  
800 °C 
8.1 51 110 43 n/a 3.5 12 190 36 
Cycled  
TFA-TiO2/C,  
800 °C 
6.1 8.1 25 33 39 4.9 19 5.4 31 
As-made 
acac-TiO2/C,  
700 °C 
6.7 9.2 30 71 36 16 2.2 7.2 150 
Cycled 
acac-TiO2/C,  
700 °C 
9.6 26 31 58 23 12 3.0 16 190 
As-made 
acac-TiO2/C,  
800 °C 
12 13 34 61 n/a 14 3.4 16 21 
Cycled 
acac-TiO2/C,  
800 °C 
6 5.5 14 14 34 4.7 28 125 24 
As-made 
acac-TiO2/C,  
900 °C 
9.4 35 94 54 92 2.7 6.7 56 44 
Cycled 
acac-TiO2/C,  
900 °C 
7.8 10 27 29 53 2.8 11 41 63 
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 Looking beyond the resistances, it is seen that the Warburg coefficient (σ) decreases after 
electrochemical cycling of the samples made with TFA, indicating an increase in the Li
+
 diffusion 
coefficient.
80
 In contrast, the samples made with acac show an increase in σ, indicating a decrease 
in the Li
+
 diffusion coefficient. This is consistent with the overall trends observed in Figure 3.16, 
where TFA-TiO2/C and 3DOM TiO2 show an increase in capacity after repeated cycling, while 
the capacity in the acac-TiO2/C decays. Interestingly, the values for σ in the TFA-TiO2/C 
compare favorably to acac-TiO2/C, despite its poor performance during cycling. The lower-than-
expected values for σ in TFA-TiO2/C can be ascribed to the higher accessible TiO2 surface area 
for this sample, since the grains are, in general, on the surface of the 3DOM network. However, 
while the Li
+
 diffusion rate may be higher, the larger TiO2 crystals found in that sample would 
limit the extent of discharge, leading to the overall lower capacity. This also explains why σ is 
lower for the acac-TiO2/C pyrolyzed at 900 °C (a sample that has many crystallites protruding out 
of the carbon), when compared to the sample pyrolyzed at 700 °C.  
 
3.4 Conclusions 
 Through the analysis of two types of 3DOM/m TiO2/C materials, this chapter investigates 
several variables that control the structure of these porous composites. By influencing the 
structural features, lithium ion insertion properties for the porous anodes made from TiO2/C were 
optimized. The chelating agent used to stabilize the titanium alkoxide in the precursor has a great 
impact on the resulting structure of the composite. The relatively hydrophobic trifluoroacetic acid 
causes the formation of a titanium complex that segregates to the surface of the PMMA colloidal 
crystal template. As a consequence, when the pyrolysis temperature is altered, TFA-TiO2/C 
experiences severe TiO2 crystallite growth from the clustering of TiO2 on the surface of the 
3DOM network. In contrast, the hydrophilic complexes produced using 2,4-pentanedione as a 
chelating agent allow for distribution of TiO2 throughout the structure. These crystallites remain 
within the carbon phase, restricting overall crystallite growth. Ultimately, this results in a much 
higher capacity for reversible Li
+
 intercalation than in the case of TFA-TiO2/C. After pyrolysis at 
800 °C, the acac-TiO2/C displays excellent capacities (over 180 mAh/g at C/2), low resistances in 
the cell, and low Warberg impedance. However, burial of the TiO2 grains in the carbon network 
may impede performance in certain cases. Removing the partially carbonized phase for TFA-
TiO2/C pyrolyzed at 500 °C results in the formation of 3DOM TiO2 with additional porosity 
between TiO2 crystallites. Since this material has an open structure with a fairly small crystallite 
size (< 8 nm) that reduces overall diffusion lengths, its capacity (<160 mAh/g) at moderate 
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lithiation and delithiation rates is comparable to that of the acac-TiO2/C pyrolyzed at 800 °C. It 
can be envisioned that similar approaches to adjusting the chelating agent, pyrolysis temperature, 
and the presence of the carbon phase will allow for better structural control over other 3DOM/m 
composites. Improved performance for these materials in a wide range of applications (not just 
battery electrodes) could then be attained. 
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Chapter 4 
Addition of Extra Carbon and Dopant Cations to 3DOM 
TiO2/C Materials: Impacts on Structural Features and 
Lithium Ion Capacity 
  
 128 
 
4.1 Introduction and Motivation 
 It is well-understood that the addition of dopants into TiO2 has profound effects on the 
properties of the resultant material. Many different elements can be incorporated into the various 
polymorphs of TiO2, albeit to varying extents due to differences in ionic radius and preferred 
coordination environment.
1,2
 When solid solutions of TiO2 and dopants can be synthesized, it is 
possible to tailor the structure and a host of properties of these materials. While this is by no 
means an exhaustive list, researchers have been able to change (relative to undoped TiO2): the 
crystallite size,
3
 the temperature of polymorphic transformations,
4
 the electronic conductivity,
5,6
 
the ionic conductivity,
7
 the electronic band gap,
8,9
 the optical absorption spectra,
10,11
 the ability of 
the lattice to gain/lose oxygen,
12
 and the reactivity of surface sites.
13,14
 The impact on the 
structure/properties of the doped material is, not surprisingly, highly dependent on the heteroatom 
incorporated into the crystal lattice and its concentration.
15
 Considerable research activity in 
doping TiO2 continues, in order to optimize the properties of the material for a host of 
applications. While it would be beyond the scope of this chapter to provide a comprehensive 
review of the many facets of doping TiO2 with heteroatoms, an effort is instead made to address 
salient points required for understanding results presented in this chapter. The main questions are 
how doping can impact TiO2 crystallite size/polymorph, and how doping impacts lithium ion 
insertion and extraction into TiO2. 
 As research into ceramics has progressed, methods to control the structure of the crystals that 
comprise these materials have received considerable research attention. With the increasing 
technological relevance of nanocrystalline and nanostructured ceramics, one crucial aspect of 
structural control for these materials is to ensure that the constituent crystallites retain small 
dimensions.
16,17
 For nanocrystalline ceramics, including nanocrystalline TiO2, the same strategies 
used to regulate crystal growth in coarser grained materials are employed.
2
 Since the growth of 
crystallites is controlled by the movement of grain boundaries, it is critical to restrict the 
movement of these planar defects.
18,19
 This task is often a bit more complicated in nanocrystalline 
ceramics because of a high density of grain boundaries. Doping offers a means to suppress the 
movement of grain boundaries through a variety of effects.
19,20
 Most notably, dopants tend to 
either segregate towards or away from grain boundaries.
18
 The diffusion of a dopant results in a 
concentration gradient that extends normal to the plane of the grain boundary. This imposes a 
kinetic limitation on grain boundary movement that is known as solute drag.
19,21
 With doped 
TiO2, this phenomenon has been observed for several different cationic dopants, such as 
calcium,
22
 niobium,
23
 zirconium,
23
 lanthanum,
24
 and iron.
25
 In other cases, the dopant can alter the 
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concentration, identity, or diffusion rate of a slowly-diffusing defect that controls the movement 
of the grain boundary (essentially the rate-limiting defect).
18
 Ideally, if diffusion is slowed by 
these changes, crystal growth can also be suppressed. Beyond changes to the kinetics of 
crystallite growth, the presence of a dopant can alter the energetics of a grain boundary.
19
 A large 
enough change to the thermodynamics of the grain boundary can lead to cessation of grain 
boundary movement and the formation of stable grain boundary interfaces. Finally, the dopant 
can even segregate as a secondary phase that can pin grain boundaries in place.
21
 In TiO2, 
addition of more than 0.1 mol% of yttrium results in the precipitation of Y2Ti2O7 at grain 
boundaries, alongside the enrichment of the grain boundaries with yttrium.
26
  
 One brief aside should also be made concerning a method to control crystallite growth. For 
most of the materials discussed in this chapter, a secondary phase of carbon is present alongside 
the oxide phase. This secondary phase is capable of isolating crystals from one another. Since the 
number of oxide crystal-to-oxide crystal contacts is very limited, sintering and crystal growth is 
retarded.
27
 Chapter 3 explores this point for the TFA- and acac-TiO2/C composites, and this 
method to restrict crystal growth is revisited in the current chapter. One other important feature of 
the secondary phase is that it releases gases during pyrolysis that can act as reducing agents. 
Though it was not mentioned explicitly in the paragraph above, the gaseous atmosphere 
surrounding a ceramic material undergoing thermal treatment has a substantial impact on its 
sintering and crystal growth.
27
 After all, the concentration and identity of defects in a ceramic 
material can be changed by the partial pressures of reactive gases (such as O2, CO, H2, etc.) in the 
atmosphere.
28
 Several materials studied in this chapter are impacted by the atmosphere, most 
noticeably changing the relative amounts of the anatase and rutile polymorphs present in the 
oxide phase. 
 Establishing ways to control the transformation of one polymorph to another in ceramic 
materials is frequently crucial for obtaining desirable material properties. While the focus in this 
introduction is on the use of dopants, other means are available to either induce or prevent 
changes in a crystalline polymorph. For instance, if crystallites are confined in a secondary phase, 
transformations that require a critical crystallite size (i.e. transformations that are surface energy 
dependent) can be suppressed.
29
 With TiO2, the anatase-to-rutile phase transition is commonly 
encountered in the thermal treatment of TiO2 initially synthesized at low temperatures (via sol-
gel, hydrothermal, precipitation, solvothermal, or other methods).
2
 Many dopants have been used 
in TiO2 to influence the temperature at which the anatase-rutile transition occurs. Hanaor and 
Sorrell reviewed the literature and presented a comprehensive listing of the dopants that can 
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either promote or inhibit the phase transformation from anatase to rutile.
30
 The defect chemistry 
of the dopant in TiO2 plays a pivotal role in determining whether or not it promotes the transition. 
Dopants with a lower valance (< 4) than Ti
4+
 promote the transition from anatase to rutile, while 
those with a higher valence inhibit the transition.
30
 Compensating oxygen vacancies are formed 
upon incorporation of lower valence dopants in the anatase lattice. These vacancies allow for 
either easier structural rearrangement from anatase to rutile
30,31
 or better mass transport during 
this process.
32
 When oxygen vacancies are not formed, high valence cationic dopants generate 
strain in the anatase lattice and make the phase transformation less favorable.
30
 This point is 
extremely important for understanding the structural characteristics of materials analyzed in this 
chapter. As discussed above, dopants also impact the growth of TiO2 crystallites. Since the 
transformation from anatase to rutile occurs once TiO2 crystals reach a certain critical size, 
dopants that facilitate crystal growth can make the transition occur at lower temperature and vise-
versa.
32
 However, some evidence indicates that the critical size for the anatase-to-rutile 
transformation does not change upon addition of certain dopants, suggesting that changes to the 
diffusion of cations/anions in the lattice are crucial.
32
 
 Since the maintenance of nanoscale dimensions in crystallites and nanoporosity is critical for 
achieving good capacities in TiO2, it is no shock that many researchers have investigated doped 
TiO2 for use in LIBs. Crystal growth can be curtailed via the use of dopants, preserving the 
structural features required to obtain adequate performance from TiO2 anodes. Moreover, as was 
stated in Chapter 3, doping frequently changes the electronic and ionic conductivity of TiO2, 
which (in the best case) improves capacities across a wide range of charge/discharge rates.
33
 
While dopants that can replace oxygen in the lattice are not a focus of this chapter, other research 
teams have investigated their use in TiO2 anode materials. Nitrogen doping,
34
 sulfur doping,
35
 
fluorine doping,
36
 carbon/nitrogen co-doping,
37
 and nitrogen/sulfur co-doping
35
 have all been 
used to improve the capacities of TiO2 anode materials relative to their undoped counterparts. 
More directly applicable to this chapter are the studies conducted using aliovalent cationic 
dopants. Dopants with a lower valence than Ti
4+
 (acceptors) and those with a higher valence than 
Ti
4+
 (donors) have proven to be effective at increasing the capacity of the resulting doped 
electrodes. For some doped TiO2 anodes, an increase in electronic conductivity is thought to 
contribute to the improvement in capacity. This improvement has been postulated to originate 
from the formation of electrons
38,39
 or titanium vacancies.
40
 The higher surface areas and smaller 
crystallite sizes attainable in these doped materials are also thought to contribute to the improved 
capacities.
41,42
 Hutchings et al. postulated that the improvement in capacities observed in TiO2 
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doped with cobalt or nickel is the result of increased interfacial storage.
43
 A radically different 
mechanism was also considered by Das et al. for the improvement in the capacity of iron-doped 
TiO2.
44
 They provided evidence that the iron undergoes a conversion reaction, forming Fe and 
Li2O in localized regions of the structure. As these studies demonstrate, dopants can be used to 
increase the capacity of TiO2, providing a key motivation for the work detailed in this chapter. 
 Both of the main synthesis routes for TiO2/C described in Chapter 3, TFA-TiO2/C and acac-
TiO2/C, can be tailored to allow for the incorporation of heteroatoms into the TiO2 phase. The 
remainder of this chapter concerns the characterization of different TFA- and acac-TiO2/C 
materials that are synthesized with either increased carbon content or with dopants. Several 
promising doped materials are then tested in as lithium ion batteries in the half-cell configuration 
described in Chapter 3. While not strictly a dopant (though it is presumably present in the TiO2 
lattice at low levels), the carbon content of the final composites can be adjusted by changing the 
amount PF sol in the precursor. This chapter starts with an exploration of such an adjustment for 
the TFA-TiO2/C system, where the weight percent of the carbon phase is increased. Notably, the 
material does not provide a reduction in TiO2 crystal size that could be beneficial for the 
electrochemical performance. Efforts to dope the TiO2 phase in the TFA-TiO2/C system are also 
described. An initial discussion focuses on the use of several dopants (Nb, Cu, and Fe) to attempt 
to reduce the crystal size of TiO2 and improve the degree of graphitization at a relatively low 
pyrolysis temperature. Subsequently, an in-depth study of the use of tantalum as a dopant for 
TFA-TiO2/C is discussed, with a focus on the structural changes caused by doping when 
compared to undoped TFA-TiO2/C. Since the acac-TiO2/C showed improved lithium ion 
insertion/extraction capacities over TFA-TiO2/C, the structural characterization and 
electrochemical performance of different doped acac-TiO2/C samples are described. Finally, 
much like the 3DOM TiO2 described in Chapter 3, TFA-TiO2/C with two different levels of 
tantalum content are first pyrolyzed and then calcined. These 3DOM mixed oxides of titanium 
and tantalum are characterized and then electrochemically tested. Most doped materials described 
in this chapter have lower capacities for lithium ion insertion/extraction, and this point is also 
addressed. 
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4.2 Experimental 
4.2.1 Materials 
 Methyl methacrylate (99 %), titanium isopropoxide (>97%), trifluoroacetic acid (99 %), 2,4–
pentanedione (99+%), iron(III) chloride hexahydrate (ACS reagent, 97 %), tantalum(V) ethoxide 
(99.98%), poly(ethylene oxide)–block-poly(propylene oxide)–block-poly(ethylene oxide) 
copolymer (molecular weight of 5800, P123), sodium carboxymethyl cellulose (molecular weight 
of 250000), and lithium ribbon (0.75 mm thickness, 99.9%) were bought from Sigma-Aldrich. 
Phenol (ACS reagent grade), formaldehyde (certified ACS, 37 wt% in water), potassium 
persulfate (ACS reagent grade) and copper(II) chloride dihydrate (laboratory grade) were 
purchased from Fischer Scientific. Hydrochloric acid (ACS regent grade, 37 wt% in water) and 
sodium hydroxide pellets (ACS reagent grade) were obtained from Macron Chemicals. Niobium 
ethoxide (99.9%) was purchased from Alfa Aesar. Nickel(II) chloride hexahydrate (laboratory 
grade) was purchased Mallinckrodt. Ethanol (200 proof, USP grade) was obtained from Decon 
Labs. A suspension of styrene-butadiene rubber (50 wt% in water) was purchased from the MTI 
Corporation. Chemicals were used without any additional purification. Water was purified using a 
Barnstead Sybron purification system (final resistivity >18 MΩ·cm). 
 
4.2.2 Preparation of PMMA Colloidal Crystal Templates and PF Sol 
 Both the PMMA colloidal crystal templates and the PF sol were synthesized following the 
procedures outlined in Chapter 3. Literature procedures were followed.
45,46
 
 
4.2.3 Preparation of TFA2-TiO2/C Composites 
 The synthesis of the TFA2-TiO2/C precursor is similar to that of the TFA-TiO2/C described in 
Chapter 3. Two solutions were first synthesized, solution A and solution B. For solution A, 
titanium isopropoxide (2.00 g) and trifluoroacetic acid (1.10 g) were combined in a scintillation 
vial. Ethanol (0.500 g) was immediately added to the vial and the solution was stirred for 5 
minutes. While stirring was maintained, 0.350 g of concentrated HCl was added dropwise to 
solution A. Heated (at ~40 °C), liquid P123 (0.500 g) was then added to solution A, and this 
mixture was stirred until P123 fully dissolved. Solution B was prepared by mixing 1.00 g of PF 
sol into 2.00 g of ethanol and 0.400 g of water. This mixture was stirred briefly and 0.750 g of 
heated, liquid P123 was added. Stirring was continued in solution B until the P123 dissolved. 
When the surfactant had dissolved, stirring was maintained for solution A and solution B was 
added dropwise to it. The combined TFA2-TiO2/C precursor was stirred overnight. 
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 Infiltration of the TFA2-TiO2/C precursor into PMMA colloidal crystals was performed next. 
As before, monolithic pieces of the colloidal crystal template were placed in scintillation vials. 
The precursor solution was slowly added to the vial until the level of the liquid precursor was at 
roughly half the thickness of the monoliths. If the volume of precursor added was not sufficient 
for full infiltration of the templates, extra precursor was added to the vials. Infiltration took 
approximately 4 to 8 h. After infiltration, excess TFA2-TiO2/C precursor was wiped off the 
surface of the monoliths. The templates were then placed in a vacuum oven under low vacuum at 
ambient temperature for 30 minutes. Once excess solvent was removed, the infiltrated templates 
were heated at 100 °C for 24 h and 140 °C for 24 h. Composites were pyrolyzed in a tube furnace 
under flowing Ar (0.7 L/min). All samples were heated at a rate of 1 °C/min to 350 °C and held at 
350 °C for 4 h. The temperature was then raised at 1 °C/min to 500 °C, 600 °C, 700 °C, or 800 °C 
and held at the chosen temperature for 2 h. 
 
4.2.4 Preparation of Undoped, Nb, Cu, and Fe-Doped TFA3-TiO2/C Composites 
 These composites were prepared in a manner similar to the undoped TFA-TiO2/C, except that 
water was omitted from solution B. Again, two solutions were prepared, denoted solution A and 
solution B. In solution A, titanium isopropoxide and the dopant precursor were mixed. The 
number of moles of titanium ions plus the dopant ions was fixed at 0.0123 moles. For the 
undoped precursor 3.50 g of titanium isopropoxide was used. For the 6 mol% Nb-doped sample, 
0.235 g of niobium(V) ethoxide and 3.29 g of titanium ispropoxide were combined. For the 5 
mol% Fe-doped sample, 0.166 g of iron(III) chloride hexahydrate and 3.33 g of titanium 
isopropoxide were added. For the 10 mol% Cu-doped sample, 0.210 g of copper(II) chloride 
dihydrate and 3.15 g of titanium isopropoxide were mixed in solution A. All subsequent synthesis 
steps are similar to those described in Chapter 3 for TFA-TiO2/C. Briefly, the dopant and titanium 
isopropoxide were combined with trifluoroacetic acid (1.40 g), absolute ethanol (2.00 g), 
concentrated hydrochloric acid (0.600 g) and P123 surfactant (0.750 g). Solution B was prepared 
by mixing PF sol (0.300 g), absolute ethanol (2.00 g), and P123 surfactant (1.00 g). Upon 
dissolution of all P123, solution B was added to solution A drop by drop. Stirring was continued 
overnight.   
 The precursors were then infiltrated into PMMA colloidal crystal templates. Again, these 
monolithic templates were placed in scintillation vials and the precursor was injected into each 
vial. Infiltration of the precursor was allowed to proceed in the capped vials for 4–6 h. Removal 
of solvent was accomplished by wiping the monoliths and then evacuating them (at ambient 
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temperature) for 15 min under low vacuum. Templates were treated at 100 °C for 24 h and then 
140 °C for 24 h. Pyrolysis was performed in a tube furnace (using alumina boats and a quartz 
tube) under a flow of Ar (0.7 L/min). First, the temperature was ramped to 350 °C at 1 °C/min, 
and held there for 4 h. The temperature was then increased to 600 °C at a rate of 1 °C/min and 
held at that temperature for 8 h. These samples are denoted: TFA3-TiO2/C, TFA3-Nb:TiO2/C (6 
mol%), TFA3-Fe:TiO2/C (5 mol%), and TFA3-Cu:TiO2/C (10 mol%). The mol% listed in 
parentheses is calculated based on the mol% of the dopant ion in the initial precursor. For 
example, 0.0123 moles of titanium/dopant are used in the TFA3-Cu:TiO2/C precursor, and the 
0.210 g of added copper(II) chloride dehydrate contains 0.00123 moles of Cu
2+
 ions. This is 10 
mol% of the combined moles of titanium/dopant, hence the name of the sample. 
 
4.2.5 Preparation of Ta-Doped TFA-TiO2/C and TFA2-TiO2/C Composites 
 A systematic study of the effects of dopant concentration was carried out for the tantalum 
system using a modified TFA-TiO2/C precursor synthesis. As was the case for the previous 
materials, the number of moles of titanium ions plus the number of moles of dopant ions was 
fixed at 0.0123 moles, total. Four different levels of doping were targeted: 3.125 mol% Ta, 6.25 
mol% Ta, 9.375 mol% Ta, and 12.5 mol% Ta. In these syntheses, tantalum(V) ethoxide was 
initially combined with titanium isopropoxide. The total amounts of the alkoxide precursors and 
other components of solution A are given in Table 4.1. For all precursors irrespective of doping 
level, solution B contains 0.300 g of PF sol, 2.00 g of ethanol, 0.880 g of water, and 1.00 g of 
P123. Once again, all of the other steps for the synthesis of the doped precursors were carried out 
identically to what was described in Chapter 3 for the synthesis of TFA-TiO2/C.  
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Table 4.1. Contents of solution “A” for the Ta-doped TFA-TiO2/C and TFA2-TiO2/C precursors. 
 
 Additionally, tantalum(V) ethoxide was added to the TFA2-TiO2/C precursor to generate Ta-
doped composites with a high wt% of carbon. For these syntheses, the number of moles of 
titanium and dopant was fixed at 0.00704 moles. The contents of solution A for these precursors 
are listed in Table 4.1. Solution B, irrespective of the concentration of dopant, contained 1.00 g of 
PF sol, 2.00 g of ethanol, 0.400 g of water, and 0.750 g P123 surfactant. Aside from the 
Sample 
tantalum(V) 
ethoxide (g) 
titanium(IV) 
isopropoxide 
(g) 
TFA 
(g) 
ethanol 
(g) 
concentrated 
HCl (g) 
P123 
surfactant 
(g) 
TFA-
Ta:TiO2/C,  
(3.125 mol%)
a 
0.156 3.39 1.40 2.00 0.600 0.750 
TFA-
Ta:TiO2/C,  
(6.25 mol%)
a 
0.313 3.28 1.40 2.00 0.600 0.750 
TFA-
Ta:TiO2/C,  
(9.375 mol%)
a 
0.469 3.17 1.40 2.00 0.600 0.750 
TFA-
Ta:TiO2/C 
(12.5 mol%)
a 
0.625 3.06 1.40 2.00 0.600 0.750 
TFA2-
Ta:TiO2/C,  
(6.25 mol%)
b 
0.179 1.88 1.10 0.500 0.350 0.500 
TFA2-
Ta:TiO2/C,  
(12.5 mol%)
b 
0.357 1.75 1.10
 
0.500 0.350 0.500 
a 
The precursor contains 0.0123 moles total of Ti
4+
 plus Ta
5+
 ions. The mol% given in 
parentheses is the mol% of Ta ions in the precursor relative to the total moles of Ti plus Ta.  
b
 The precursor contains 0.00704 moles total of Ti
4+
 plus Ta
5+
 ions. The mol% given in 
parentheses is calculated the same as above.    
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aforementioned adjustment to the precursor composition, all other steps for these syntheses were 
identical to what was described for the undoped TFA2-TiO2/C.  
 Both types of precursor, the tantalum-containing TFA-TiO2/C and TFA2-TiO2/C, were 
infiltrated into PMMA colloidal crystal templates. Infiltration took place over approximately 4–6 
h, and extra precursor was wiped from the surface of templates. Solvent was removed under low 
vacuum for 15 min (TFA-Ta:TiO2/C) or 30 min (TFA2-Ta:TiO2/C). The templates were heated at 
100 °C for 24 h and 140 °C for 24 h. All materials were pyrolyzed in a tube furnace under 0.7 
L/min of flowing Ar. The temperature was ramped 1 °C/min to 350 °C (4 h hold) and 1 °C/min to 
800 °C (2 h hold). These samples are denoted either TFA-Ta:TiO2/C (x mol%) or TFA2-
Ta:TiO2/C (x mol%).  
 
4.2.6 Preparation of Doped acac-TiO2/C Composites 
 The other TiO2/C precursor described in Chapter 3, acac-TiO2/C, was also modified with 
several different dopants (Nb, Ta, and Ni). Two solutions were made, solution A and solution B. 
Solution A was prepared by first combining titanium isopropoxide and the precursor for the 
dopant. As was the case for the doped TFA-TiO2/C precursors, the number of moles of titanium 
ions plus the moles of the dopant ions was fixed at 0.0123 moles, total. For the 6.5 mol% Nb-
doped sample, 3.27 g of titanium isopropoxide was combined with 0.255 g of niobium(V) 
ethoxide. For the 6.5 mol% Ta-doped sample, 3.27 g of titanium isopropoxide was combined with 
0.325 g of tantalum(V) ethoxide. Finally, for the 5 mol% Ni-doped sample, 3.33 g of titanium 
isopropoxide was combined with 0.146 g nickel(II) chloride hexahydrate. No matter what dopant 
was used, 1.23 g of 2,4-pentanedione and 1.75 g of ethanol was added to solution A, and the 
solution was stirred for 5 min. While solution A was stirred, 1.00 g of concentrated HCl was 
added dropwise to it. Liquid P123 (0.75 g) was dissolved in the solution afterward. In solution B, 
0.27 g of PF sol, 1.75 g of ethanol, 0.75 g of water, and 1 g of liquid P123. This solution was 
stirred until the P123 was dissolved. Solution B was then added to solution A, and the combined 
precursor was stirred overnight. 
 All subsequent processing steps were the same as those described for acac-TiO2/C in Chapter 
3. The same pyrolysis procedure was used for all doped samples. First, the materials were loaded 
into a tube furnace under a flow of 0.7 L/min of Ar. Using a temperature ramp rate of 1 °C/min, 
the infiltrated templates were pyrolyzed at 350 °C for 4 h and 800 °C for 2 h. These samples are 
denoted acac-Nb:TiO2/C (6.5 mol%), acac-Ta:TiO2/C (6.5 mol%), and acac-Ni:TiO2/C (5 mol%). 
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The mol% listed in parentheses is calculated based on the mol% of the dopant ion in the initial 
precursor. This is the same notation used for the other materials described in this chapter. 
 
4.2.7 Preparation of 3DOM Ta:TiO2 
 Two TFA-Ta:TiO2/C precursor solutions (one with 6.25 mol% Ta and the other with 12.5 
mol% Ta) were prepared and infiltrated into PMMA colloidal crystal as indicated above. After 
the samples were heat-treated 100 °C and 140 °C, they were pyrolyzed under flowing N2 (0.7 
L/min). The composites were heated at 1 °C/min to 350 °C and held at that temperature for 4 h. 
The temperature was then raised at 1 °C/min to 500 °C and held at that temperature for 2 h. Once 
pyrolysis was completed, the composites were calcined under static air at 2 °C/min to 400 °C 
with a 2 h hold. These samples are denoted 3DOM Ta:TiO2 (6.25 mol%) and 3DOM Ta:TiO2 
(12.5 mol%). 
 
4.2.8 Structural Characterization 
 SEM was conducted using a JEOL 6700 with a 5 kV accelerating voltage. Samples were 
placed on Al stubs coated with double-sided sticky carbon tape, and then coated with 5 nm of Pt. 
PXRD was carried out using a PANalytical X’Pert Pro fitted with a Co anode and an X’Celerator 
strip detector. A voltage of 45 kV and current of 40 mA was used for obtaining the patterns. 
Weight fractions of the anatase and rutile polymorphs were determined using an empirical 
method developed by Spurr and Meyers.
47
 Nitrogen sorption isotherms were collected on a 
Quantachrome Autosorb IQ2-MP. Samples were outgassed at 200 °C for 12 h under a pressure of 
0.001 torr, and all isotherms were collected at 77 K. Specific surface areas were estimated using 
the BET method and total pore volumes were determined from the point P/Po = 0.995. 
Thermogravimetry was used to determine oxide content. Samples were heated under flowing air 
at 10 °C/min to 1000 °C in a Netzsch STA 409 PC Luxx. Several other techniques were used for 
some groups of materials, but not others. For instance, confocal Raman microscopy was 
performed on a WiTec Alpha 300R using an Ar
+
 ion laser with a wavelength of 514.5 nm and a 
power of 15 mW. This instrument was equipped with a DV401 CCD thermoelectric-cooled 
detector. An FEI T12 was used to collect TEM micrographs. This particular instrument was 
equipped with a LaB6 filament and operated with an accelerating voltage of 120 kV. All samples 
were ground, placed in ethanol, and sonicated for 5 min. The ethanolic dispersions were dropped 
on Cu grids coated with holey carbon. SAXS patterns were gathered using a Rigaku RU-200BVH 
that had a rotating copper anode. A Siemens Hi-Star multiwire area detector was used with this 
instrument. 
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4.2.9 Electrochemical Characterization 
 Electrodes for galvanostatic charge/discharge experiments were prepared similarly to what 
was described in Chapter 3. Once again, the active material was ground and ultrasonicated prior 
to use. This material was combined with Timcal Super P® carbon black, CMC binder, and SBR 
binder. The weight percent of each solid component in the final paste was: 84 wt% active 
material, 10 wt% carbon black, 4 wt% CMC binder, and 2 wt% SBR binder. Carbon-coated 
aluminum foil (donated by Exopack® Advanced Coatings) was used as a current collector. A 
doctor blade was used to spread electrode pastes, and these films were dried overnight at ambient 
and then at 105 °C for 24 h under low vacuum. A 0.5 in punch was used to obtain electrode disks 
with a typical loading of active material of 1 to 1.5 mg/cm
2
. The electrode disks, Celgard® 3501 
polypropylene separator (donated by Celgard®), and lithium ribbon were assembled in a type 
2032 casing. One molar LiPF6 in a mixture (1:1:1 by mass) of ethylene carbonate, dimethyl 
carbonate, and diethyl carbonate was used as the electrolyte (solution purchased from MTI 
Corp.). All cells were assembled in a He-filled glove box. These half-cells were cycled on an 
Arbin Instruments BT-2000 testing system between 1 V and 3 V vs. Li/Li
+
 at varying rates. The 
C-rate was set to 335 mA/g of the doped oxide. For half cells containing 3DOM Ta:TiO2 (6.25 
mol%) and the 3DOM Ta:TiO2 (12.5 mol%), impedance spectroscopy was performed using a 
Solartron 1255B frequency response analyzer connected to a SI1287 electrochemical interface. 
All other relevant parameters are same as those listed in Chapter 3. Cells were tested both prior to 
cycling and after ten cycles at a rate of C/2.  
 
4.3 Results and Discussion 
 Owing to the substantial differences between the syntheses and analyses performed for each 
material discussed in this chapter, this section is split into five parts. First, the TFA2-TiO2/C 
materials are discussed with a focus on how changing the pyrolysis temperature changes the 
structure of the composites. Second, the structures of the TFA3-TiO2/C materials are analyzed. 
Third, the effect of changing the concentration of Ta on the TFA- and TFA2-TiO2/C materials 
pyrolyzed at 800 °C is studied with an emphasis how this affects the polymorph/crystallite size of 
the doped TiO2. Fourth, the structural and electrochemical characterization of the doped acac-
TiO2/C materials is discussed. Finally, the 3DOM Ta:TiO2 materials are discussed with a focus 
on the electrochemical properties of the two doped materials.  Each subsection has its own set of 
conclusions and a brief, global summary is also given at the end of this chapter.  
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4.3.1 TFA2-TiO2/C System 
4.3.1.1 Composition and Morphology of Samples 
 Overall, the TFA2-TiO2/C system is fairly similar to TFA-TiO2/C with the key differences 
resulting from the enhanced carbon content. Since less titanium isopropoxide and more PF sol 
was used in the TFA2-TiO2/C precursor, the final content of the carbonaceous phase in the 
composite is 50.7 wt% for the sample pyrolyzed at 800 °C. This is nearly 25 wt% more carbon 
than in the matching TFA-TiO2/C material pyrolyzed at the same temperature. The TFA2-TiO2/C 
precursor is also stable for weeks, like its counterpart, but efforts to increase the content of PF sol 
or lower the amount of titanium isopropoxide were unsuccessful (precipitation rapidly occurs). 
Even for the TFA2-TiO2/C, the molar ratio of TFA to Ti has to be increased above one to prevent 
rapid condensation. It appears that the minimum weight percent of TiO2 in composites attainable 
through this synthesis pathway is only around 50 wt%. Still, this difference in TiO2 and carbon 
content does result in structural changes. 
 From the standpoint of the morphology, the TFA2-TiO2/C contains an interconnected network 
of macropores. The colloidal crystal templating process clearly works as illustrated in Figure 4.1; 
however, some disorder is present in the 3DOM network. Despite the higher carbon content of 
the TFA2-TiO2/C, sintering of TiO2 crystallites is quite severe in the composite pyrolyzed at 800 
°C (Figure 4.1 e, f). This level of sintering and crystallite growth is more extensive than what is 
observed in the TFA-TiO2/C composites in Chapter 3. However, crystallites of TiO2 are not 
visible in the micrographs of samples pyrolyzed at lower temperatures. This indicates that the 
TiO2 was successfully confined by the carbonaceous phase at final pyrolysis temperatures of 700 
°C or below. Returning to the sample pyrolyzed at 800 °C (Figure 4.1 d, e), it is also observed 
that the crystallites of TiO2 are present on the surface of the 3DOM network. Once again, the use 
of hydrophobic TFA as a chelating agent leads to segregation of the Ti-containing precursor 
complex. As discussed in chapter 3, the TFA-chelated complex separates to the surface of the 
hydrophobic PMMA template, which leads to the localization of TiO2 crystallites on the surface 
of the pyrolyzed 3DOM TiO2/C materials. 
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Figure 4.1 SEM micrographs of the TFA2-TiO2/C pyrolyzed at (a) 500 °C, (b) 600 °C, (c) 700 °C, (d) 800 
°C, and a higher magnification view of the sample pyrolyzed at (e) 800 °C. The 3DOM morphology is 
present in all micrographs. After pyrolysis at 800 °C, crystallites of sintered TiO2 are noticeable on the 
surface of the composite. 
 
 Both TEM micrographs and SAXS patterns obtained from the TFA2-TiO2/C composites 
highlight other features of the morphology, including similarities to the TFA-TiO2/C composites. 
By examining the micrographs of the samples pyrolyzed at 500 °C and 600 °C (Figure 4.2), it is 
observed that the TiO2 crystallites are so small that they cannot be resolved by TEM imaging. 
However, numerous bright spots do appear in the TEM images. These spots are from disordered 
mesopores that were produced from removal of the P123 soft template. Carbon appears to 
adequately confine any growing crystallites and allows for retention of a mesostructure at 
pyrolysis temperatures higher than what observed for TFA-TiO2/C. SAXS patterns (Figure 4.3) 
offer further confirmation that a mesostructure is retained; a weak scattering peak with a d-
spacing of ~6.8 nm is present for the TFA2-TiO2/C patterns until the pyrolysis temperature hits 
800 °C. Incidentally, this spacing is the same as the one measured for the TFA-TiO2/C samples in 
Chapter 3. A peak with a similar d-spacing of ~10.0 nm is also shared by the unpyrolyzed TFA- 
and TFA2-TiO2/C. 
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Figure 4.2 TEM micrographs of selected TFA2-TiO2/C samples pyrolyzed at (a, c) 500 °C and (b, d) 600 
°C. At low pyrolysis temperatures, crystallites are not resolvable. However, disordered mesopores are 
present in the 3DOM network. Images taken by Stephen Rudisill. 
  
 
Figure 4.3 SAXS patterns for the TFA2-TiO2/C pyrolyzed at different temperatures. Pyrolysis decreases 
the measured d-spacing due to contraction of the 3DOM structure. A remnant of the mesostructure exists in 
the TFA2-TiO2/C samples until the pyrolysis temperature is increased to 800 °C. 
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4.3.1.2 PXRD Analysis and Textural Properties 
 Further information concerning both the TiO2 crystallite size and the polymorphs present can 
be obtained from PXRD (Figure 4.4). As is the case for the TFA-TiO2/C, the anatase phase 
crystalizes at low pyrolysis temperatures. At 500 °C, the crystallites of TiO2 are so small that only 
peaks corresponding to the amorphous carbon are found near 30 and 52 °2θ.48 Once the 
crystallites sinter and grow, the expected transformation to the thermodynamically stable (for 
grains <10 nm) rutile TiO2 occurs.
30
 Since 50 wt% amorphous carbon is in this material, the 
phase transition to rutile is delayed until 800 °C. The carbon phase prevents crystallites of TiO2 
from coming in contact with each other and sintering. Applying the Scherrer equation (as outlined 
in Chapter 3), the estimated anatase TiO2 crystallite size for the TFA2-TiO2/C is below 5 nm for 
composites pyrolyzed at temperatures below 800 °C (see Table 4.2). A transformation to rutile 
TiO2 would not be expected for such small crystallites. Surprisingly, the anatase phase 
completely disappears when the pyrolysis temperature is raised to 800 °C. Strong rutile TiO2 
reflections are found, in addition to an unidentified minor phase that shares some reflections with 
reduced Magnelí TiO2 phases.
49
 The estimated crystallite size is also quite high, 35.2 nm for the 
rutile TiO2/C. These observations stand in stark contrast to the case of the TFA-TiO2/C. In that 
material, anatase remains the dominant phase at 800 °C and the average crystallite size of the 
anatase phase is one-third of that calculated for rutile TiO2 in TFA2-TiO2/C. 
 
Table 4.2 TiO2 crystallite sizes and textural properties of TFA2-TiO2/C. 
Sample 
anatase crystallite 
size (nm) 
rutile crystallite 
size (nm) 
BET surface area 
(m
2
/g) 
pore volume 
(cm
3
/g) 
TFA2-TiO2/C,  
500 °C, 2 h 
< 2 a
 
293 0.24 
TFA2-TiO2/C,  
600 °C, 2 h 
2.7 a
 
358 0.46 
TFA2-TiO2/C,  
700 °C, 2 h 
3.3 a
 
368 0.46 
TFA2-TiO2/C,  
800 °C, 2 h 
b 35.2 647 0.63 
a
 Rutile polymorph is not found in these samples. 
b
 Anatase polymorph has been completely transformed to rutile at this temperature. 
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Figure 4.4 PXRD patterns of the TFA2-TiO2/C composites pyrolyzed at different temperatures. The 
asterisk is above a peak originating from the Al sample holder. 
 
 More information concerning the types of pores present in the TFA2-TiO2/C and other textural 
properties was obtained by using gas sorption (Figure 4.5). Unlike the TEM images and SAXS 
patterns, little evidence of mesoporosity is found in the gas sorption isotherms. These isotherms 
contain extremely narrow hysteresis loops. The disordered mesopores in the samples appear to 
contribute little to the overall sorption of N2 gas. For high and low relative pressures, significant 
rises are noted in the volume of gas adsorbed. Macropores originating from the colloidal crystal 
template contribute to the rise near P/Po = 1, whereas micropores from the carbon phase 
contribute at low P/Po. Since amorphous carbon is the source of the micropores, the quantity of 
gas adsorbed at very low P/Po increases with increasing pyrolysis temperature.
49
 This also 
contributes to the rise in the BET surface area for samples pyrolyzed at higher temperatures 
(Table 4.2). Specific surface areas are greater than for TFA-TiO2/C, which is likely a result of the 
increase in amorphous carbon content.  
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Figure 4.5 Nitrogen sorption isotherms for the TFA2-TiO2/C samples. Hysteresis is limited for these 
materials, suggesting that little mesoporosity is present. Pressure rises occur at low and high P/Po from 
micropores and macropores, respectively. 
 
4.3.1.3 Concluding Remarks 
 One of the most intriguing features of this system is the dramatic change in the size and 
polymorph of TiO2 crystallites when the final pyrolysis temperature is set to 800 °C. The change 
in crystallite size as the pyrolysis temperature is raised from 700 °C to 800 °C is far larger than in 
the case for TFA-TiO2. It is possible that the changes to the precursor for TFA-TiO2/C and TFA2-
TiO2/C, such as the higher content of TFA relative to the other components, induce a greater 
degree of phase separation. This could drive the increased sintering and crystal growth at 800 °C 
for the TFA2-TiO2/C. Another possible reason for the extensive sintering could be the carbon 
phase. Pyrolysis of the carbonaceous phase releases reducing gases into the inert gas stream 
flowing over the samples.
50
 For TFA2-TiO2/C, this reducing environment should induce the 
formation of a substantial amount of oxygen vacancies, which can hasten the phase 
transformation.
31
 Sintering of rutile is facile, leading to the sharp increase in crystallite size.
30
 No 
matter what caused these changes, the substantial increase in crystallite size after pyrolysis at 800 
°C makes TFA2-TiO2/C a poor choice for an anode material. As a consequence, the  
TFA2-TiO2/C composites were not electrochemically tested. 
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4.3.2 Structural Characterization of TFA3-TiO2/C Materials 
4.3.2.1 Compositional, PXRD, and Raman Analysis of the TFA3-TiO2/C Materials 
 A variant of the TFA-TiO2/C synthesis presented in Chapter 3, denoted TFA3-TiO2/C was 
used as an initial test bed for studying doping of the TiO2 phase. The principle difference between 
the TFA-TiO2/C system and the TFA3-TiO2/C system is that the latter contains 0.88 g less H2O 
than the TFA-TiO2/C. This change should assist in preventing hydrolysis of the niobium ethoxide 
precursor. Overall, the oxide content of the TFA3-TiO2/C (Table 4.2) is similar to what is 
observed in the TFA-TiO2/C, as reported in Chapter 3. All the doped materials have slightly 
lower oxide content, but the oxide content exceeds 65 % in the composites. For these materials, 
Nb was chosen as a potential dopant to improve electronic conductivity of TiO2;
51
 Fe was chosen 
to possibly act as an electrochemically active secondary phase and to enhance the degree of 
graphitization in carbon;
44,52,53
 and Cu was chosen to improve the electronic conductivity of the 
carbon phase via catalytic graphitization.
54,55
 A lower pyrolysis temperature (600 °C) was also 
used for the TFA3-TiO2/C to observe if doping could substantially improve the degree of 
graphitization, while simultaneously allowing for the retention of small crystal sizes in the doped 
oxide phase. Owing to the differences between the TFA-TiO2/C system and TFA3-TiO2/C, the 
discussion will be limited to the four composites that were prepared for TFA3-TiO2/C. 
 
Table 4.3 Selected structural properties of the TFA3-TiO2/C composites. 
sample
a 
oxide 
content 
(wt %) 
anatase 
crystallite size 
(nm) 
BET surface 
area 
(m
2
/g) 
pore 
volume 
(cm
3
/g) 
ratio of Id/Ig 
from Raman 
spectra 
TFA3-TiO2/C 71.5 5.3 288 0.43 1.0 
TFA3-Nb:TiO2/C  
(6 mol%) 
69.1 5.5 203 0.29 1.0 
TFA3-Fe:TiO2/C  
(5 mol%) 
68.1 5.8
 
250 0.39 0.98 
TFA3-Cu:TiO2/C  
(10 mol%) 
66.9 5.1
 
233 0.35 0.82 
a
 All materials pyrolyzed at 600 °C.   
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 PXRD and Raman spectroscopy were used in tandem to determine if doping strategies worked 
for the TFA3-TiO2/C system and to determine what impact these changes had on the crystal 
structure of both the TiO2 and the carbon phase. Figure 4.6 shows the PXRD patterns obtained for 
the samples. Reflections that match anatase TiO2 are found in all of the samples. For the 
TFA3-Nb:TiO2/C (6 mol%) and TFA3-Fe:TiO2/C (5 mol%), no evidence of a secondary phase is 
found and slight shifts are observed in the positions of the TiO2 reflections. This provides 
evidence that doping into TiO2 was successful for both Nb and Fe. Another indication that doping 
was achieved for TFA3-Fe:TiO2/C (5 mol%) is that this particular material contains a greater 
concentration of the rutile polymorph. Compensating oxygen vacancies generated by doping with 
Fe
3+
 facilitate the change to rutile at lower temperatures.
30,56
 In contrast to the aforementioned 
dopants, Cu separates from the TiO2 and reflections from metallic Cu are found in TFA3-
Cu:TiO2/C (10 mol%). Pyrolysis of the phenolic resin causes the release of reducing gases (CO 
and CH4) at intermediate temperatures (400 to 800 °C).
50
 The reduction of copper oxide to copper 
metal in the presence of these gases occurs below 400 °C,
57
 which explains the phase separation. 
Confocal Raman microscopy confirms that anatase is present in these samples, since the 
characteristic modes are observed (Figure 4.7 a).
58
 Rutile TiO2 vibrations are also found in some 
areas of the TFA3-Fe:TiO2/C (5 mol%) samples, including the surface of the monoliths. 
Unfortunately, little enhancement can be observed in the intensity of the G band for any of the 
doped samples relative to TFA3-TiO2/C (Figure 4.7 b and Table 4.3). For the Fe-doped sample, 
the dopant content may be too low to induce catalytic graphitization. In TFA3-Cu:TiO2/C (10 
mol%), the Cu phase separated and sintered. The G band is slightly stronger in this particular 
sample, which is an indication that graphitization progressed to a greater extent. However, both 
the D and G bands are broad in the case of TFA3-Cu:TiO2/C (10 mol%), likely due to poor 
crystallinity.
59
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Figure 4.6 PXRD patterns of the undoped and doped TFA3-TiO2/C samples. Rutile TiO2 reflections 
intensify for the TFA3-Fe:TiO2/C (5 mol%) and metallic copper is present in the TFA3-Cu:TiO2/C (10 
mol%). The asterisk denotes a peak originating from the Al sample holder. 
 
 
Figure 4.7 Raman spectra of the TFA3-TiO2/C samples for both (a) the TiO2 lattice vibration region and 
(b) the spectral region containing the D/G bands of amorphous carbon. Isolated regions of the TFA3-
Fe:TiO2/C (5 mol%) contain intense vibrational modes that correspond to rutile TiO2 (a, inset). The 
intensity of the D/G bands only differs for the sample that contains Cu. 
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4.3.2.2 Analysis of Morphology and Surface Texture of the TFA3-TiO2/C Materials 
 Analysis of the morphology via SEM yields insights into both the pore structure and the 
location of crystallites present in the TFA3-TiO2/C materials. Figure 4.8 presents a set of lower 
magnification images that show the ordered network of macropores present in all the TFA3-
TiO2/C samples. Much like the cases of TFA- and TFA2-TiO2/C, some distortions are present in 
the 3DOM network, but an interconnected pore structure exists throughout the sample. At higher 
magnifications (Figure 4.9), crystallites are spotted in the samples. These crystallites are observed 
on the surface of the 3DOM network in the TFA3 composites. Calculations of the anatase 
crystallite size using the Scherrer equation (Table 4.3) show that crystallite size in all the samples 
is similar. TFA3-Fe:TiO2/C (5 mol%) has a slightly larger average anatase crystallite size (and 
also rutile crystals), and these grains are easily resolved in the SEM micrographs (see inset in 
Figure 4.10 c). For TFA3-Cu:TiO2/C (10 mol%), spherical objects that extend over tens of nm 
and even micrometer-scale rods are found, albeit infrequently, across the sample. Judging from 
the narrow Cu reflections in PXRD pattern and the fact that Cu sinters readily at elevated 
temperatures,
57
 these objects are Cu crystallites trapped in the 3DOM TiO2/C network. It is 
unclear if the anisotropic rods were formed because the Cu melted (due to the small size of Cu 
nuclei) and underwent liquid phase sintering.
27
 Even with the addition of 10 mol% Cu, it does not 
appear that a percolation threshold has been reached that could be beneficial for the transport of 
electrons through the structure.  
 
Figure 4.8 SEM micrographs of the TFA3-TiO2/C (a), TFA3-Nb:TiO2/C (b), TFA3-Fe:TiO2/C (c), and 
TFA3-Cu:TiO2/C (d). All samples possess a 3DOM structure, albeit with some disorder present.  
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Figure 4.9 Higher magnification SEM micrographs of (a) TFA3-TiO2/C, (b) TFA3-Nb:TiO2/C, (c) TFA3-
Fe:TiO2/C, and (d) TFA3-Cu:TiO2/C. Crystallites are not easily resolved for the TFA3-TiO2/C and TFA3-
Nb:TiO2/C. Small crystallites are visible on the surface of TFA3-Fe:TiO2/C (see white arrow in the inset). 
Much large crystals (the spoon-like structures in (d)) of Cu are scattered across the TFA3-Cu:TiO2/C. The 
scale bar in the inset represents 200 nm. 
 
 Gas sorption isotherms were obtained for the TFA3-TiO2/C samples, and these isotherms were 
used to determine BET surface areas and total pore volumes (Figure 4.10 and Table 4.3). The 
shape of the isotherms matches those of TFA- and TFA2-TiO2/C. A very small hysteresis loop is 
observed for the isotherm from the undoped TFA3-TiO2/C. Increases in the volume of gas 
adsorbed at low and high P/Po (from micropores and macropores, respectively) are observed for 
all isotherms. Doping, at least in this case, does not lead to an increase the BET specific surface 
area or better preservation of the mesostructure when compared to the undoped sample. Since the 
size of the anatase TiO2 changes little from sample to sample, this result is expected (Table 4.3).  
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Figure 4.10 Nitrogen sorption isotherms for the undoped and doped TFA3-TiO2/C samples. The isotherms 
resemble those of the TFA- and TFA2-TiO2/C samples. Only limited hysteresis is observed. 
 
4.3.2.3 Concluding Remarks 
 For the materials made using the TFA3-based precursor, no significant structural changes are 
observed in the doped composites that could potentially improve their lithium insertion/extraction 
properties. Consequently, these materials were not tested any further. For Fe and Cu, increases in 
the crystallite size and phase separation (respectively) are not favorable for any end use as an 
anode material. When this is coupled with the observation that the G band intensity is essentially 
unchanged with respect to the undoped material, continued studies are unwarranted. The use of 
Nb as a dopant is revisited later for the acac-TiO2/C system. A related dopant, Ta, is explored for 
the TFA- and TFA2-TiO2/C systems, and is discussed below.   
 
4.3.3 Tantalum Doping of TFA-TiO2/C and TFA2-TiO2/C 
 Tantalum has, to the best of this author’s knowledge, not been explored as a potential dopant 
for TiO2 anodes in lithium ion battery applications. In many ways, this is fairly surprising. Studies 
have revealed that Ta can decrease the resistivity of TiO2 by over two orders of magnitude 
through the generation of conducting electrons.
60
 Since Ta-doped TiO2 can be synthesized as a 
conductive, transparent film, it is a potential candidate to replace indium tin oxide.
60
 Indeed, a 
recent computational study showed that doping with Ta steadily improves the electronic 
conductivity of TiO2 up to 12.5 mol% Ta.
61
 Coincidentally, this is close to the solubility limit of 
Ta in TiO2, since TiTa2O7 begins to form at around 10 to 15 mol% doping.
62
 TFA- and TFA2-
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TiO2/C precursors are stable (for many weeks) up to at least 12.5 mol% doping with Ta (by 
stoichiometry of the metal alkoxides), so these precursor systems serve as an excellent test bed 
for doping in porous TiO2/C composites. Due to the relatively high levels of doping possible in 
the system, the hypothesis is that doping with Ta can also effectively limit crystal growth, which 
is quite severe in TFA- and TFA2-TiO2/C. As is discussed in this section, the hypothesis is 
supported at certain doping levels, but not at others. The final pyrolysis temperature used for 
materials discussed in this section is fixed at 800 °C, which was the optimum for maximizing Li 
insertion/extraction in acac-TiO2/C (see Chapter 3).  
 
4.3.3.1 SEM Characterization of Ta-Doped Samples 
 Undoped TFA- and TFA2-TiO2/C contains TiO2 crystallites agglomerated on the surface of 
the 3DOM network, and unfortunately, the same problematic localization of crystallites occurs 
with the Ta-doped composites. However, some improvements are observed as a result of higher 
levels of doping. As was reasonably anticipated, colloidal crystal templating was successful when 
the TFA- and TFA2-Ta:TiO2/C precursors were used. Figure 4.11 shows that all doped 
composites possess the 3DOM structure, irrespective of the amount of Ta added. At higher 
magnifications (Figure 4.12) it is clear that a high density of doped TiO2 crystals is present on the 
surface of the 3DOM network. When qualitatively comparing the grain size for TFA-Ta:TiO2/C 
(3.125 mol%) and TFA-Ta:TiO2/C (12.5 mol%), it is observed in Figure 4.13 that the composite 
with higher mol% of dopant contains smaller grains. Generally, as the concentration of a dopant 
increases in an oxide, solute drag (or a change in grain boundary energetics) should increasingly 
restrict crystallite growth (as long as phase separation does not occur, see Chapter 7 for more 
examples).
19
 By comparing TFA-Ta:TiO2/C (12.5 mol%) and TFA2-Ta:TiO2/C (12.5 mol%) the 
changes caused by an increase in the weight percent of carbon can be observed (Figure 4.13). 
Crystallites with dimensions greater than 10 nm are visible on the TFA-Ta:TiO2/C (12.5 mol%), 
but crystallites of doped TiO2 are barely visible in the TFA2-Ta:TiO2/C (12.5 mol%). This is 
different from the undoped TFA- and TFA2-TiO2/C, since crystal growth is far more severe in the 
latter. More on this contrasting situation is discussed below. 
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Figure 4.11 SEM micrographs for the six tantalum-doped composites investigated in this section: (a) TFA-
Ta:TiO2/C (3.125 mol%), (b) TFA-Ta:TiO2/C (6.25 mol%), (c) TFA-Ta:TiO2/C (9.375 mol%), (d) TFA-
Ta:TiO2/C (12.5 mol%), (e) TFA2-Ta:TiO2/C (6.25 mol%), and (f) TFA2-Ta:TiO2/C (12.5 mol%). 
 
 
Figure 4.12 SEM micrographs of (a) TFA-Ta:TiO2/C (3.125 mol%) and (b) TFA-Ta:TiO2/C (12.5 mol%) 
at higher magnification than those shown above. The size of the doped TiO2 crystallites decreases with 
increasing Ta content. 
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Figure 4.13 SEM micrographs of (a) TFA-Ta:TiO2/C (12.5 mol%) and (b) TFA2-Ta:TiO2/C (12.5 mol%) 
taken at high magnification to show the size/location of crystallites. In this case, the additional carbon 
content in the TFA2-Ta:TiO2/C sample effectively stops crystallite growth. 
 
4.3.3.2 Analysis of the Ta-Doped TiO2 Phase by X-Ray Diffraction and Raman 
Spectroscopy 
 With the SEM micrographs revealing differences in crystallite size between samples, PXRD 
was conducted so that an average crystallite size could be calculated, and to identify the crystal 
polymorphs present in the materials. The latter aim of the analysis yielded a rather unexpected 
result. While the PXRD patterns (Figure 4.14) do not contain reflections that can be matched to 
pure Ta2O5 or TiTa2O7, these patterns contain relatively intense reflections that originate from 
rutile TiO2. In Chapter 3, it was observed that the TFA-TiO2/C pyrolyzed at 800 °C contains a 
limited amount of the rutile polymorph. Aliovalent dopants with a higher oxidation state than 
TiO2 should delay the transformation of anatase to rutile, since these dopants should lead to the 
formation of reduced titanium or titanium vacancies as a primary defect, not oxygen 
vacancies.
30,62
 Ruiz, et al. provided evidence that a similar dopant, Nb, segregates to the surface 
of doped anatase TiO2, and this impedes both sintering and the ionic diffusion required for the 
transformation.
63
 However, the complete opposite is observed here; the patterns for the heavily-
doped TFA-Ta:TiO2/C (12.5 mol%) and TFA2-Ta:TiO2/C (12.5 mol%) contain a greater weight 
fraction of rutile than anatase (Table 4.4). Even samples with intermediate levels of the dopant 
contain much stronger rutile reflections than the undoped TFA-TiO2/C.  
 154 
 
 
Figure 4.14 PXRD patterns of all the Ta-doped samples. The intensities of the rutile reflections generally 
increase as the content of Ta increases. The asterisk denotes a reflection from the Al sample holder. 
 
 
Figure 4.15 Raman spectra of the TFA- and TFA2-Ta:TiO2/C doped at 6.25 mol% and 12.5 mol%. 
Anatase vibrational mode positions are indicated with green arrows and the rutile positions are indicated 
with red arrows. Insets show spectra that are found only in select areas across the samples. 
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Table 4.4 Selection of relevant structural parameters of the Ta-doped samples. 
sample
a 
weight 
fraction 
anatase
b 
weight 
fraction 
rutile
c 
anatase 
crystallite 
size (nm) 
rutile 
crystallite 
size (nm) 
BET surface 
area 
(m
2
/g) 
pore 
volume 
(cm
3
/g) 
TFA-TiO2/C, 
Undoped 
d d
 
11.5 e 451 0.46 
TFA-
Ta:TiO2/C,  
(3.125 mol%) 
0.46 0.537 11.9 16.8 461 0.63 
TFA-
Ta:TiO2/C,  
(6.25 mol%) 
0.775 0.225 8.8 11.7 430 0.60 
TFA-
Ta:TiO2/C,  
(9.375 mol%) 
0.597 0.403 8.5 12.8
 
331 0.57 
TFA-
Ta:TiO2/C 
(12.5 mol%) 
0.393 0.607 7.8 10.8
 
428 0.57 
TFA2-TiO2/C, 
Undoped 
0 1.00 e 35.2 647 0.63 
TFA2-
Ta:TiO2/C,  
(6.25 mol%) 
0.673 0.327 4.2 5.3 451 0.43 
TFA2-
Ta:TiO2/C,  
(12.5 mol%) 
0.314 0.686 4.5 6.1 430 0.36 
a
 All materials pyrolyzed at 800 °C for 2 h. 
b
 Calculated using: WA = 1/[1+1.26·(IR/IA)]. WA is the weight fraction of anatase, IR is the 
intensity of the rutile (110) peak, and IA is the intensity of the anatase (101) peak. Method from 
[47].  
c
 Calculated using: WR = 1/[1+0.8·(IA/IR)]. WR is the weight fraction of rutile, IR is the intensity 
of the rutile (110) peak, and IA is the intensity of the anatase (101) peak. Method from [47]. 
d
 Rutile is present as a minor phase, but the (110) peak cannot be adequately fit. 
e
 Peaks cannot be adequately fit, so crystal size was not determined. 
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 To explain this contradictory finding, it is necessary to consider the effect of the carbonaceous 
phase. As the PF sol is converted into amorphous carbon, reducing gases are released. In addition, 
the carbon phase itself can act as a reducing agent. While Ta can potentially delay the phase 
transformation from anatase to rutile in TiO2, the reducing agents present during pyrolysis of the 
composite react with the doped TiO2 to generate oxygen vacancies (equation 4.1).  
  
     
        
 
 
     (4.1) 
The appearance of rutile suggests that the Ta-doped TiO2 is much easier to reduce than the 
undoped samples, leading to greater concentration of oxygen vacancies in the doped sample. 
Enhanced reducibility is also observed in Nb-doped TiO2, since the equilibrium constant for 
oxygen vacancy formation substantially higher at 800 °C in Nb-doped versus undoped TiO2.
64
 In 
a severely reducing environment, like what should be present during pyrolysis of the Ta:TiO2/C, 
the concentration of oxygen vacancies in Nb-doped TiO2 steadily increases as p(O2) is decreased. 
From a standpoint of the oxidation state, preferred coordination, and ionic radius, Nb behaves 
quite similar to Ta, so it is reasonable to assume that a similar defect chemistry is present.
65,66
 
This bolsters the case that changes to the thermodynamics of defect formation are responsible for 
the increased fraction of rutile in the doped samples. It also explains why the weight fractions of 
rutile in the TFA2-Ta:TiO2/C samples are greater than those of the corresponding TFA-
Ta:TiO2/C samples (Table 4.4). More carbon is present in the TFA2-Ta:TiO2/C, which will lower 
the p(O2) and induce greater oxygen vacancy formation.  
 Returning to one of the original objectives of the PXRD analysis, the Scherrer equation was 
used to estimate the crystallite size of both the anatase and rutile phases in the doped samples 
(Table 4.4). As the dopant concentration is increased for the TFA-Ta:TiO2/C materials, the crystal 
size of the anatase decreases. It appears that the presence of Ta interferes with the sintering of 
anatase crystallites, perhaps by solute drag, altered grain boundary energetics, or changes to the 
transport of species in the lattice.
18
 For the TFA-Ta:TiO2/C (12.5 mol%), the size of the 
crystallites approaches what is estimated for the acac-TiO2/C, even though the crystallites are 
localized on the surface of the 3DOM network. Unfortunately, larger rutile crystallites are present 
in the TFA-Ta:TiO2/C, as a consequence of the phase transformation. When the doping level is 
low in TFA-Ta:TiO2/C (3.125 mol%), rutile crystal growth is fairly severe, and crystallites are 
larger than those present in the undoped TFA-TiO2/C. The low level of Ta promotes the phase 
transformation to rutile, but the dopant cannot adequately restrict crystal growth of the rutile. The 
TFA2-Ta:TiO2/C samples have smaller crystallites than the TFA-Ta:TiO2/C, and have much 
smaller crystallites than those present in the undoped TFA2-TiO2/C. Even though a 
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transformation to rutile is facilitated by Ta, the dopant restricts grain growth to a considerable 
extent. It may also be that the separation of the chelated metal alkoxide precursors to the interface 
with the hard template occurs to a lesser extent in this system. This would allow for greater 
confinement in the carbon phase, and much less sintering. One last fascinating observation is that 
the average crystal size for the rutile grains in TFA2-Ta:TiO2/C (12.5 mol%) is below the critical 
size (~11 nm) at which point rutile becomes the thermodynamically stable polymorph. Currently, 
it is unclear if this occurs due to a change in the surface energetics of the Ta-doped TiO2, or is 
perhaps induced by nanoscale phase separation at the surface of the crystallites (as is observed for 
Nb).
67
 
 Since the appearance of the rutile polymorph is a key structural difference between the doped 
and undoped composites, Raman microscopy was conducted on select samples to confirm the 
presence of this polymorph. This technique also provided more information on the heterogeneity 
of the two polymorphs, anatase and rutile, in the composites. Figure 4.15 shows spectra for four 
samples, TFA- and TFA2-Ta:TiO2/C doped at either 6.25 mol% and 12.5 mol% with Ta. For the 
materials with only moderate levels of doping, the Eg, B1g, and A1g/B1g of the anatase polymorph 
are fairly intense across the samples. There are areas where the strong Eg mode centered near 150 
cm
-1
 decreases considerably in intensity. The vibration near 400 cm
-1
 also shifts due to the 
developing rutile Eg mode (see inset in Figure 4.15 for TFA-Ta:TiO2/C (6.25 mol%)). These areas 
are far more common for the TFA2-Ta:TiO2/C (6.25 mol%), which is expected since the weight 
percent of carbon is greater. It is clear that rutile is indeed present at 6.25 mol% doping with Ta, 
but is not a major phase and is not evenly distributed. When doping is increased to 12.5 mol%, 
the anatase modes lose intensity across the totality of the samples. Regions with extremely strong 
rutile vibrations are significantly more frequent (see insets in Figure 4.15). Again, this behavior is 
reflective of the increased amount of rutile that was also detected via PXRD. 
 
4.3.3.3 Textural Properties of Ta-Doped Samples 
 Finally, a combination of gas sorption and SAXS was used to determine the impact that the 
dopant had on the textural properties of the composites, including the presence of any mesopores. 
The nitrogen sorption isotherms (Figure 4.16) do not provide evidence that the addition of Ta 
allows for retention of a mesostructure. Little or no hysteresis is observed in the isotherms; 
changes in volume adsorbed/desorbed are observed in pressure ranges that correspond to sorption 
in micro-/macropores. Since the crystallite sizes in the samples (via PXRD line broadening) are 
still above ~ 5 nm, it is not entirely surprising that hysteresis is not observed. Even for the 
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undoped TFA-TiO2/C, hysteresis is weak for the composites pyrolyzed at 500 °C, and is non-
existent at 700 °C (crystallite sizes are above 5 nm at this point). Growing crystallites appear to 
disrupt the mesopore network for these doped composites as well. However, the combination of 
micro- and (to a lesser extent) macroporosity affords these doped materials with BET specific 
surface areas in excess of 300 m
2
/g (Table 4.4). These specific surface areas are fairly similar to 
undoped TFA-TiO2/C and TFA2-TiO2/C. No real pattern in the BET surface area of these 
materials can be discerned, suggesting that doping does little to change the surface area. It is 
likely that microporosity in the carbon phase is the major contributing factor to the surface area.
49
 
Pore volumes are also similar to the undoped composites. With this all taken into consideration, 
SAXS patterns were obtained for the TFA- and TFA2-Ta:TiO2/C samples most likely to possess a 
mesostructure, e.g. those with 12.5 mol% of dopant. Figure 4.17 shows the patterns, and little 
evidence of a mesostructure is present. For the TFA2-Ta:TiO2/C, the material with the smaller 
crystallite size, a very broad and weak feature is present from ~1 to 1.5 °2θ. This may be from a 
remnant of the mesopore network in this material. 
 
 
Figure 4.16 Nitrogen sorption isotherms for the Ta-doped samples. The isotherms obtained from the 
samples are similar to their undoped counterparts. Rises in the volume of N2 adsorbed/desorbed occur at 
low and high relative pressure. 
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Figure 4.17 SAXS patterns for the most heavily-doped composites. No peak is observed for the TFA-
Ta:TiO2/C (12.5 mol%). A shoulder appears for the TFA2-Ta:TiO2/C (12.5 mol%), but it has low intensity. 
 
4.3.3.4 Concluding Remarks 
 While some advantages were realized through doping with Ta in the TFA-Ta:TiO2/C, the 
doping does not change the location of the oxide crystallites in the composites and considerable 
sintering of the oxide phase still occurs. In the TFA-Ta:TiO2/C composites, crystallites are 
located on the surface of the 3DOM network. By increasing the concentration of Ta in the 
precursor, the size of the crystallites is decreased and the amount of the rutile phase increases. For 
the TFA2-Ta:TiO2/C composites, the synergistic effects of the confining carbon phase and the 
dopant are extremely effective at reducing crystallite size. Despite reductions in the size of the 
doped crystallites for both the TFA- and TFA2-Ta:TiO2/C composites, the BET surface areas are 
unchanged. Mesoporosity is not detected for the composites. Nevertheless, these doped systems 
may have potential utility in other applications, and can also be calcined to form relatively high 
surface area 3DOM Ta:TiO2 materials. 
 
4.3.4 Structural and Electrochemical Characterization of Doped acac-TiO2/C Composites 
 Due to the improved capacity for lithium ion insertion and extraction in the acac-TiO2/C, as 
described in Chapter 3, a study of doping was undertaken for this precursor system. Nb and Ta 
were chosen as dopants to reduce crystallite size and improve electronic conductivity of the TiO2 
phase.
5,60
 Ni was selected to improve capacities at high rates and to perhaps aid in the catalytic 
graphitization of the composite.
43,68
 A pyrolysis temperature of 800 °C was selected, because the 
highest capacities were obtained for the acac-TiO2/C pyrolyzed at that temperature. Although 
some of the hypothesized changes to the structure of the composites were realized, increases to 
insertion and extraction capacities were not realized. Capacities decrease for the Nb and Ta 
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samples and are essentially unchanged for the Ni doped sample. The structural features (and 
changes) in the doped composites are discussed first in this subsection, and this is followed by a 
discussion of their lithiation/delithiation properties. 
 
4.3.4.1 Analysis of the Anatase and Rutile Polymorphs Present in the Doped acac-TiO2/C 
Samples 
 Both the polymorphs of TiO2 (and Ni) present in the composites and their estimated crystallite 
sizes were determined via PXRD (Figure 4.18). For both the Ta and Nb-doped composites, 
reflections that match the anatase and rutile polymorphs are present. As discussed in the previous 
section, doping with Nb changes the thermodynamics for oxygen vacancy formation.
64
 In the 
reducing agent-rich environment generated during pyrolysis, oxygen vacancies are readily formed 
and the transformation to rutile can occur. Tantalum, with its similar oxidation state and ionic 
radius,
65
 is presumed to have a similar effect on oxygen vacancy formation, and this is confirmed 
with the appearance of rutile TFA-/TFA2-Ta:TiO2/C materials. Interestingly, the acac-Ta:TiO2/C 
(6.5 mol%) has an increased content of the rutile polymorph when compared to the acac-
Nb:TiO2/C (6.5 mol%) (Table 4.5). This suggests that more oxygen vacancies develop in the Ta-
doped sample than the Nb-doped sample, which may be from subtle differences between the 
defect thermodynamics in the materials. When compared to TFA-Ta:TiO2/C (6.25 mol%), acac-
Ta:TiO2/C (6.5 mol%) has a greater weight percent of rutile because of both increased Ta and 
carbon content. While rutile is present in both acac-Nb:TiO2/C (6.5 mol%) and acac-Ta:TiO2/C 
(6.5 mol%), phase separation of a niobate/tantalate (TiNb2O7 or TiTa2O7) or another oxide (i.e. 
Nb2O5 or Ta2O5) does not occur. When nickel(II) chloride is added to the precursor, the pyrolyzed 
composite, acac-Ni:TiO2/C (5 mol%), contains particles of nickel metal. Much like the copper-
doped TFA3-Cu:TiO2/C material described earlier and an earlier report on the inclusion of nickel 
in a carbon-containing 3DOM material,
68
 the highly reducing conditions of pyrolysis are capable 
of causing phase separation. Crystallite sizes for the two successfully doped composites, acac-
Nb:TiO2/C (6.5 mol%) and acac-Ta:TiO2/C (6.5 mol%) are slightly smaller than in the undoped 
composites (Table 4.5). Again, the crystallites of the rutile polymorph are larger than those of the 
anatase polymorph, mirroring what is observed for the TFA-Ta:TiO2/C. These composites also 
provide evidence that doping with Nb and Ta can shift the phase transition from anatase to rutile 
below the critical crystallite size of 11 nm. For the acac-Ni:TiO2/C (5 mol%), no change in the 
crystallite size is observed because the dopant phase separated. 
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Table 4.5 Selection of relevant structural parameters of the Ta-doped samples. 
sample
a 
weight 
fraction 
anatase
b 
weight 
fraction 
rutile
c 
anatase 
crystallite 
size (nm) 
rutile 
crystallite 
size (nm) 
BET surface 
area 
(m
2
/g) 
pore 
volume 
(cm
3
/g) 
acac-TiO2/C, 
undoped 
d d
 
8.4 e 428 0.50 
acac-Nb:TiO2/C,  
(6.5 mol%) 
0.776 0.224 7.1 7.8 433 0.77 
acac-Ta:TiO2/C,  
(6.5 mol%) 
0.670 0.330 7.2 7.6
 
421 0.76 
acac-Ni:TiO2/C,  
(5.0 mol%) 
d d 8.5 e 555 0.85 
a
 All materials pyrolyzed at 800 °C for 2 h. 
b
 Calculated via: WA = 1/[1+1.26·(IR/IA)]. WA is the weight fraction of anatase, IR is the 
intensity of the rutile (110) peak, and IA is the intensity of the anatase (101) peak. Method from 
[47].  
c
 Calculated using: WR = 1/[1+0.8·(IA/IR)]. WR is the weight fraction of rutile, IR is the intensity 
of the rutile (110) peak, and IA is the intensity of the anatase (101) peak. Method from [47]. 
d
 Rutile is present as a minor phase, but the (110) peak cannot be adequately fit. 
e
 Peaks cannot be adequately fit, so crystal size was not determined. 
 
 
Figure 4.18 PXRD patterns for the doped acac-TiO2/C samples and their undoped acac-TiO2/C 
counterpart. All samples were pyrolyzed at 800 °C. The presence of Nb and Ta leads to the formation of an 
increasing amount of the rutile phase (see inset). In the doped composite containing Ni, Ni metal crystals 
phase separate from the TiO2. As always, the asterisk denotes a peak from the Al sample holder. 
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 Alongside the PRXD data, Raman spectra obtained via confocal Raman microscopy provide a 
better indication of the distribution of the crystal polymorphs in the doped acac-TiO2/C samples. 
Not surprisingly, anatase vibrations are found across the acac-Ni:TiO2/C (5 wt%), as shown in 
Figure 4.19. Since incorporation of Ni into TiO2 did not occur for acac-Ni:TiO2/C (5 wt%), the 
similarity of its Raman spectra to those of the undoped acac-TiO2/C is expected. Vibrational 
modes belonging to rutile TiO2 are present in the acac-Nb:TiO2/C (6.5 mol%) and the acac-
Ta:TiO2/C (6.5 mol%) (see insets in Figure 4.19). However, areas with strong rutile modes are 
heterogeneously distributed across the composites. This finding is also observed in the undoped 
composite (see Chapter 3 for an analysis). Untemplated surface “crusts,” or other defective 
regions that do not provide confinement may be responsible for the heterogeneity in the 
polymorph. Heterogeneities also may arise from subtle fluctuations in the concentration of the 
dopant. 
 
Figure 4.19 Raman spectra of the doped acac-TiO2/C samples and their undoped acac-TiO2/C counterpart. 
All samples were pyrolyzed at 800 °C. Spectra from both the acac-TiO2/C and the acac-Ni:TiO2/C (5 
mol%) primarily display the characteristic vibrations of the anatase crystal structure. When Nb or Ta is 
used as a dopant, areas of the samples can be found that contain strong rutile vibrations.  
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4.3.4.2 Analysis of the Morphology and Crystallite Size of the Doped acac-TiO2/C 
 While doping can impact the TiO2 phase and even lead to the formation of a third phase (Ni) 
in the composite, electron micrographs show that little is changed from the standpoint of overall 
morphology. For example, SEM micrographs (Figure 4.20) show that with the exception of some 
disorder, which is typical for these syntheses, the 3DOM network is successfully produced in the 
doped acac-TiO2/C composites. One difference can be observed in the acac-Ni:TiO2/C (5 mol%), 
however. Figure 4.21 shows that spherical particles are distributed across the surface of the 
3DOM structure. By examining the line broadening the peaks of Ni phase (or lack thereof) in the 
XRD, it is clear that the particles of Ni metal have a substantially larger size than the TiO2. The 
particles observed in Figure 4.22 are from the Ni phase dispersed in the TiO2/C. While particles 
of nickel can be easily visualized via SEM, TEM micrographs (Figure 4.23 and Figure 4.24) 
show the location of TiO2 crystallites in the composites. When comparing the doped to the 
undoped samples, there is no discernable difference in the location of the crystallites. As 
explained in Chapter 3, the acac chelated transition metal precursors (Ti, Nb, and Ta) participate 
in intermolecular interactions with the solvents and other components present in the precursor. 
This allows the crystallites to be well-distributed throughout the 3DOM structure. The crystallites 
are all qualitatively similar in size (Figure 4.24), which matches the data gathered via Scherrer 
equation. 
 
 
Figure 4.20 SEM micrographs of (a) undoped acac-TiO2/C, (b) acac-Nb:TiO2/C (6.5 mol%), (c) acac-
Ta:TiO2/C (6.5 mol%), and (d) acac-Ni:TiO2/C (5 mol%). 
 164 
 
 
Figure 4.21 Higher magnification SEM micrograph of acac-Ni:TiO2/C (5 mol%). The white arrow points 
at a nickel particle. 
 
 
Figure 4.22 TEM micrographs of (a) undoped acac-TiO2/C, (b) acac-Nb:TiO2/C (6.5 mol%), (c) acac-
Ta:TiO2/C (6.5 mol%), and (d) acac-Ni:TiO2/C (5 mol%). Crystallites are distributed throughout the 3DOM 
structure, since a relatively hydrophilic precursor for TiO2 is present. Images taken by Stephen Rudisill. 
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Figure 4.23 Higher magnification TEM micrographs of (a) undoped acac-TiO2/C, (b) acac-Nb:TiO2/C (6.5 
mol%), (c) acac-Ta:TiO2/C (6.5 mol%), and (d) acac-Ni:TiO2/C (5 mol%). Crystallites sizes are around 10 
nm, which matches well with the Scherrer equation estimates. Images taken by Stephen Rudisill. 
 
4.3.4.3 Sorption Analysis and Additional Analysis of the Carbon Phase  
 Textural properties of the composites were also determined via gas sorption analysis. The 
isotherms obtained from the doped and undoped acac-TiO2/C materials are shown Figure 4.24. 
Qualitatively, these isotherms are fairly similar, and show that the materials contain both 
macropores and micropores. Mesoporosity, if present at all in these materials, is fairly limited, 
since only narrow hysteresis loops are found. Decreasing the crystallite size via doping appears to 
have limited impact on the overall mesostructure, but then again, the size of the crystallites is 
only reduced by roughly 1 nm. It may be that the weak hysteresis observed comes from 
mesopores present between crystallites, since no indication of a mesostructure can be observed in 
TEM images. In terms of BET specific surface areas for the composites, the surface areas are 
similar for the Nb-doped, Ta-doped and undoped materials (Table 4.5). Pore volume is higher for 
the doped samples, but it is not clear why this is the case. One difference that can be reasonably 
explained is the higher surface area for the acac-Ni:TiO2/C (5 mol%). This material should 
undergo at least a limited amount of catalytic graphitization.
54,68
 In the acac-Ni:TiO2/C (5 mol%), 
a greater fraction of micropores develop in the material (see the increased volume adsorbed at 
low P/Po in Figure 4.24 d) relative to the other components. An increase in microporosity 
typically accompanies carbonization reactions (e.g. reactions that remove heteroatoms and lead to 
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the growth of graphitic domains) at pyrolysis temperatures below 1000 °C.
69
 So, the acac-
Ni:TiO2/C (5 mol%) should have larger graphitic domains. Raman spectroscopy provides 
evidence that this increased graphitization occurs, at least to a minor extent (Figure 4.25). The 
ratio of the carbon D band intensity to the carbon G band intensity (Id/Ig) is higher in the 
acac-TiO2/C (1.3) and lower for the doped acac-Ni:TiO2/C (1.1). This also matches the trend in 
chapter 3 for the undoped acac-TiO2/C, since the intensity of the G band increases dramatically 
when the pyrolysis temperature is changed from 800 °C to 900 °C. Not surprisingly, there are 
indications in the electrochemical cycling data that improved graphitization was achieved.  
 
 
Figure 4.24 Nitrogen sorption isotherms for the acac-TiO2/C materials (doped and undoped). Extremely 
narrow hysteresis loops are present in the isotherms. As is the case with the 3DOM TiO2/C materials, steep 
rises in the volume of gas adsorbed occur at low and high relative pressures. 
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Figure 4.25 Raman spectra of the acac-TiO2/C and acac-Ni:TiO2/C (5 mol%) that show the D/G bands 
from amorphous carbon. 
 
4.3.4.4 Characterization of the Li
+
 Insertion/Extraction into Doped acac-TiO2/C 
 While doping frequently leads to improvements in the insertion/extraction capacities for Li
+
 
relative to undoped electrode materials, the dopants explored in this study either cause a loss in 
capacity or improvements only at specific rates. Half cells containing the doped anode materials 
were assembled and then cycled following the same procedure used in Chapter 3 for the undoped 
acac-TiO2/C. When comparing capacities of cells that contained the acac-Nb:TiO2/C (6.5 mol%) 
and acac-Ta:TiO2/C (6.5 mol%) with the acac-TiO2/C, the cells with the doped composites had 
lower capacities than the undoped composite at all tested rates (Figure 4.26 a, b, c). For the acac-
Ni:TiO2/C (5 mol%), the capacity for Li
+
 insertion/extraction exceeded that of the undoped 
material only at high rates. No obvious changes in the voltage profiles are noted from electrode 
material to electrode material (Figure 4.27). All these profiles contain plateaus centered near 
~1.75 V vs. Li/Li
+
 that originate from two phase intercalation into anatase, which during this 
process contains both a Li-rich orthorhombic phase and a Li-poor tetragonal phase.
33
 The 
remainders of the profiles are sloped, which is most likely an overlay of lithiation/delithiation 
events in the carbon fraction and from a solid solution storage mechanism in small 
crystallites.
48,70
 With the doped samples, the plateaus are noticeably smaller than undoped sample, 
which may indicate increased solid solution storage into the smaller crystallites and the rutile 
phase.
71
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Figure 4.26 Rate performance data for the undoped and doped acac-TiO2/C. The capacity of the 
composites doped with Nb or Ta are lower than the undoped acac-TiO2/C. At high charge/discharge rates, 
the acac-Ni:TiO2/C (5 mol%) has a greater capacity than the undoped acac-TiO2/C. Specific currents and 
capacities were per the mass of the oxide present or per the mass of the TiO2 and Ni. 
 
 
Figure 4.27 Voltage profiles for the undoped and doped acac-TiO2/C. The profiles for all the electrodes 
made using these composites show small plateaus indicative of biphasic Li
+
 insertion/extraction. A large 
solid solution regime is found in these profiles, as well. 
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 A key question remains: why do the doped samples have lower capacity at most cycling rates? 
For the acac-Nb:TiO2/C (6.5 mol%) and the acac-Ta:TiO2/C (6.5 mol%), the appearance of rutile 
TiO2 provides a clue as to the possible origin of the reduced capacity. As stated earlier, Nb and Ta 
should improve the electronic conductivity of the TiO2 crystallites present in the electrodes. 
Unfortunately, the same phenomenon responsible for electronic conductivity improvement may 
have substantially curtailed the diffusion of Li ions.
72
 In the case where the donor Nb or Ta 
dopant is added, electrons are generated as a compensating electronic defect via equation 4.2 or 
4.3.  
               
       
 
 
        (4.2) 
 
                 
       
 
 
         (4.3) 
 
If hydrogen is used as a reductant for TiO2, electrons are also produced. Maier and co-workers 
used hydrogen to reduce TiO2 to differing extents.
73
 His team subsequently checked the electronic 
conductivity and the lithium ion insertion/extraction capacity of TiO2. When the reduction was 
carried out for a short time period (under 2 h in the conditions studied), electronic conductivity 
increased and so did the capacity. However, defect association reactions between Li
+
 and e
-
 occur, 
which generates neutral lithium and curtails Li
+
 diffusion (equation 4.4).
73
 
   
   
         
  (4.4) 
 
A balance is thus struck between the increasing electronic conductivity and the decreasing ionic 
mobility. For the reduction of TiO2 with H2, highly reduced samples have a low Li
+
 ionic 
mobility.
73
 This eliminates any advantage brought by the improved electronic conductivity, 
resulting in lower capacities for Li
+
 insertion/extraction. The reduced capacity in the acac-
Nb:TiO2/C (6.5 mol%) and the acac-Ta:TiO2/C (6.5 mol%) should come from a similar effect. 
During pyrolysis, the carbon component of the composite reduces the doped TiO2 component. 
From prior analyses of the defect chemistry of Nb-doped TiO2,
64
 electrons should be generated in 
strongly reducing environments via incorporation of the dopant (equation 4.2 and 4.3) and also 
alongside oxygen vacancy formation (equation 4.1). While this improves electronic conductivity, 
lithium diffusivity is substantially reduced from combination of electrons with lithium ions 
(equation 4.4). Doping with Ta generates more intense reflections in the PXRD pattern from the 
rutile polymorph than does doping with Nb (Figure 4.19). This suggests a greater extent of 
reduction (more oxygen vacancies) in the case of doping with Nb. Since more electrons should be 
generated in this case, it is not surprising that the acac-Ta:TiO2/C (6.5 mol%) has the lowest Li
+
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insertion/extraction capacity of all materials tested. One final possibility for this behavior is that 
the rutile phase may be more resistive than the anatase phase, as reported by Zhang et al.
74
 
 In acac-Ni:TiO2/C (5 mol%), an increase in capacity is observed at high charge/discharge rates 
relative to the undoped acac-TiO2/C. After considering the structural differences between the two 
samples, it appears that an improvement in electronic conductivity of acac-Ni:TiO2/C (5 mol%) 
contributed to the boost in capacities. Nickel separated from the TiO2 and, as a consequence, the 
crystallite size of the TiO2 fraction was not substantially altered. It is unlikely that structural 
changes to the TiO2 are responsible for the improved Li
+
 insertion/extraction behavior. Instead, 
the Raman and gas sorption data suggest that the carbonaceous component in acac-Ni:TiO2/C (5 
mol%) has a more graphitic character than the undoped composite. An additional minor 
component to capacity increase may come from the improved diffusion of Li
+
 ions in the 
interface between the Ni crystals and the carbon framework.
75
 Finally, it unclear why the capacity 
at low C-rates decreases more than expected for the acac-Ni:TiO2/C (5 mol%) when compared to 
its undoped counterpart. A small drop should be expected in the capacity, since the inactive Ni 
phase is considered in the specific capacity. However, the capacity at C/5 is 10% lower in acac-
Ni:TiO2/C (5 mol%) when compared to the acac-TiO2/C. Further research would be required to 
fully understand this discrepancy. 
 
4.3.4.5 Concluding Remarks 
 Though two dopants (Nb and Ta) were successfully incorporated into the TiO2 components of 
the composite materials, improvements in the Li
+
 insertion/extraction capacities were not 
realized. The dopant (Ni) that phase separated, actually allowed for an improvement in the 
charge/discharge capacities at high rates. Structural characterization of the doped acac-TiO2/C 
materials reveals similarities to the other composites described in this chapter and in Chapter 3. 
Donor dopants (Nb and Ta) accelerate the transformation to rutile and slightly reduce the 
crystallite size. Nickel, due to its phase separation, does little to change TiO2 phase compared to 
the undoped acac-TiO2/C. From a standpoint of morphology, the doped materials resemble the 
undoped acac-TiO2/C. These materials contain a 3DOM structure, and also contain crystallites of 
TiO2/doped TiO2 that are well-distributed in the 3DOM network. Despite possessing favorable 
structural properties, the acac-Nb:TiO2/C (6.5 mol%) and the acac-Ta:TiO2/C (6.5 mol%) have 
lower capacities at all rates when compared to the undoped material. It is postulated that both the 
carbon component and the gases generated from it during pyrolysis cause the reduction of the Nb- 
and Ta-doped TiO2. This reduction hinders the diffusion of Li
+
 and lowers the capacity of the 
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doped electrodes. Improved graphitization of the carbon fraction in acac-Ni:TiO2/C (5 mol%) is 
thought to cause the higher capacities attained at high charge/discharge rates for this anode 
material.  
 
4.3.5 Structural and Electrochemical Characterization of 3DOM Ta:TiO2 
 Since the 3DOM TiO2 presented in Chapter 3 had the highest capacity at fast charge/discharge 
rate, it is logical to consider this electrode material for further improvement via doping. TFA-
TiO2/C can successfully and easily be doped with greater than 10 mol% of Ta, as is shown earlier 
in the chapter. By implementing the same pyrolysis and calcination procedures that were used for 
the 3DOM TiO2, the Ta-doped counterparts to the 3DOM TiO2 were synthesized. Restrictions to 
crystallite growth should occur, allowing for better retention of mesopore network. This 
procedure also avoids the problem of reducing the doped TiO2, since the carbon phase is 
combusted during the calcination step. Interestingly, while the hypothesized changes to the 
structure of the doped 3DOM TiO2 (denoted 3DOM Ta:TiO2) are largely observed, the capacity 
of the half-cells that use the 3DOM Ta:TiO2 are lower than the undoped 3DOM TiO2. After a 
more detailed discussion of the characterization of the 3DOM Ta:TiO2 (6.25 mol%) and 3DOM 
Ta:TiO2 (12.5 mol%), this section closes with analysis of the electrochemical properties of these 
materials.  
 
4.3.5.1 Characterization of the Crystal Structure of 3DOM Ta:TiO2 
 As was the case with the TFA-Ta:TiO2/C parent material, characterization of the crystal 
structure of the 3DOM Ta:TiO2 samples was undertaken. From the PXRD patterns obtained from 
the doped materials (Figure 4.28), it is clear that the doping does not substantially change the 
observed pattern when compared to the 3DOM TiO2. Neither TiTa2O7 or tantalum oxide phases 
are observed in the patterns of the 3DOM Ta:TiO2. Tantalum is incorporated as a dopant and the 
resulting mixed oxides (either with 6.25 mol% or 12.5 mol% Ta, via the amount of precursor) 
display strong reflections characteristic of the tetragonal anatase phase. Spectra taken using a 
confocal Raman microscope also confirm the presence of anatase via the appearance of 
characteristic anatase vibrational modes (Figure 4.29). Since the final pyrolysis temperature is 
low for these materials and the carbon phase responsible for reduction is removed, rutile does not 
develop. However, reflections and vibrations from a TiO2-B phase are present, and these are 
especially intense for the 3DOM Ta:TiO2 (6.25 mol%). Considering that temperature for 
calcination is low, the presence of TiO2-B is not unusual (see Chapter 3 for additional examples). 
The sizes of the crystallites in the doped TiO2 materials are slightly smaller than their undoped 
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counterparts, as is expected from the results gathered from the Ta-doped composites. Raman 
spectra are also free of D/G bands (not shown) that emerge when amorphous carbon is present in 
the material.  
 
Figure 4.28 PXRD patterns of the two 3DOM TiO2 samples doped with Ta. Reflections for TiO2-B are 
stronger in the doped samples than for the undoped 3DOM TiO2. 
 
 
 
Figure 4.29 Raman spectra of 3DOM TiO2 and the doped 3DOM TiO2 materials. Both anatase vibrational 
modes (shown in green) and TiO2-B vibrational modes (shown in orange) are present in these materials. 
  
 173 
 
Table 4.6 Crystal sizes, BET surface areas, and pore volumes for the 3DOM Ta:TiO2 materials. 
sample
a 
anatase 
crystallite 
size (nm) 
BET surface 
area 
(m
2
/g) 
pore 
volume 
(cm
3
/g) 
3DOM TiO2, 
Undoped 
7.8 126 0.32 
3DOM Ta:TiO2,  
(6.25 mol%)
b 
6.8 133 0.34 
3DOM Ta:TiO2,  
(12.5 mol%)
c 
6.5 207 0.35 
a
 All materials calcined at 400 °C for 2 h. 
b
 Parent material is TFA-Ta:TiO2/C (6.25 mol%). 
c
 Parent material is TFA-Ta:TiO2/C (12.5 mol%). 
 
4.3.5.2 Characterization of the Morphology of 3DOM Ta:TiO2 
 Additional characterization of 3DOM Ta:TiO2 was conducted using a combination of electron 
microscopy and gas sorption analysis. Through these techniques, a better understanding of the 
morphology of the 3DOM Ta:TiO2 can be attained. Micrographs obtained via SEM (Figure 4.30) 
show that the addition of the Ta dopant does not change the morphology of the macropores. Even 
with removal of the carbon phase, the 3DOM morphology remains intact and a network of 
interconnected macropores suitable for infiltration with electrolyte is preserved. Much like the 
3DOM TiO2, the preservation of pore network is possible since the overall weight percent of the 
doped TiO2 component is high. Via TEM micrographs, additional mesopores can be observed 
between crystallites in the walls and nodes (Figure 4.31). These pores (light spots in the images) 
are disordered and originate from the burnout of carbon. Lattice spacings measured from these 
images (see Figure 4.31 c, d) match that of anatase TiO2 for the (101) plane, ~0.35 nm. The 
mesopores also have an impact on the N2 gas sorption isotherms for the materials (Figure 4.32). 
Hysteresis is present in the isotherms owing to the textural mesoporosity. Both 3DOM Ta:TiO2 
materials have smaller crystallite sizes, which helps prevent closure of mesopores. As a 
consequence, BET specific surface areas and pore volumes increase with higher levels of Ta-
doping (Table 4.6).  
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Figure 4.30 SEM micrographs of (a) 3DOM Ta:TiO2 (6.25 mol%) and (b) 3DOM Ta:TiO2 (12.5 mol%). 
The 3DOM structure is present in both materials. 
 
 
Figure 4.31 TEM micrographs of (a) the 3DOM Ta:TiO2 (6.25 mol%) and (b) 3DOM Ta:TiO2 (12.5 
mol%) at low magnification. Higher magnification images of (c) 3DOM Ta:TiO2 (6.25 mol%) and (d) 
3DOM Ta:TiO2 (12.5 mol%) show mesopores between crystallites. Images taken by Stephen Rudisill. 
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Figure 4.32 Nitrogen sorption isotherms of (a) the 3DOM Ta:TiO2 (6.25 mol%) and (b) 3DOM Ta:TiO2 
(12.5 mol%). The isotherms contain hysteresis loops that arise from mesopores between crystallites of 
doped TiO2. 
  
4.3.5.3 Electrochemical Characterization of 3DOM Ta:TiO2 
 While the 3DOM Ta:TiO2 materials have structural features that should be beneficial for Li
+
 
insertion/extraction (including higher surface areas and smaller crystallite sizes), the 
charge/discharge capacity of  these materials are lower than the undoped 3DOM TiO2 (Figure 
4.33). At the C/5 rate, the 3DOM Ta:TiO2 (6.25 mol%) has ~155 mAh/g charge/discharge 
capacity and the 3DOM Ta:TiO2 (12.5 mol%) has ~125 mAh/g charge/discharge capacity. The 
general trend continues for all rates, and the gap only begins to close at high rates (10 C and 25 
C). In addition to plotting the final charge/discharge capacities for each cycle, the voltage profiles 
for 3DOM TiO2 and 3DOM Ta:TiO2 are shown in Figure 4.34. As the content of the dopant 
increases, the plateaus present in the profiles shrink and the sloped region expands. It is not 
entirely clear why this occurs for the 3DOM Ta:TiO2. Part of the reason may be from the fact that 
the doped crystallites are smaller and Li
+
 can be inserted into or extracted from the doped TiO2 
via a solid solution mechanism.
71
 Surface areas are higher in the doped electrode materials, and 
this may also allow for a greater contribution from pseudocapacitance at interfaces.
71
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Figure 4.33 Rate performance comparison for the 3DOM TiO2 and 3DOM Ta:TiO2 materials. 
Charge/discharge capacities decrease as dopant content increases. 
 
 
Figure 4.34 Voltage profiles for the 3DOM TiO2 and the doped 3DOM Ta:TiO2 materials. A plateau 
indicative of biphasic insertion/extraction is clearly visible for the 3DOM TiO2. This plateau disappears 
with increasing Ta content.  
 
 Electrochemical impedance spectra were obtained for the doped 3DOM Ta:TiO2 both as-made 
and after 10 charge/discharge cycles at a C/2 rate (Figure 4.25). As was observed for the 3DOM 
TiO2 (see Chapter 3), conditioning occurs in the electrodes and resistances decrease after cycling 
(Table 4.7). Increased infiltration with electrolyte or subtle changes to the structure of the anode 
materials may occur. When comparing the 3DOM Ta:TiO2 (6.25 mol%) and the 3DOM Ta:TiO2 
(12.5 mol%) spectra gathered after cycling, substantial differences are observed between the two 
electrode materials. Resistances are lower for the 3DOM Ta:TiO2 (6.25 mol%), suggesting that 
electronic and ionic transport is easier in that cell than the cell made with the 3DOM Ta:TiO2 
(12.5 mol%). The lower Warburg impedance (σ) for the 3DOM Ta:TiO2 (6.25 mol%) is also 
indicative of better Li
+
 transport. Strangely, the resistances and Warburg impedance of the 
undoped 3DOM TiO2 (fitted with the same model) are uniformly higher than that of the 3DOM 
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Ta:TiO2 (6.25 mol%). This should suggest that the 3DOM Ta:TiO2 (6.25 mol%) would have 
greater capacities than the 3DOM TiO2, but this is not the case. However, the impedance spectra 
were taken at a fixed voltage (2.1 V vs. Li/Li
+
), and they may change considerably during 
charge/discharge. A more detailed investigation may be warranted in this case. 
 
 
Figure 4.35 Impedance spectra for the 3DOM Ta:TiO2 half cells. Spectra are shown for the half cells as-
made (a) and after ten charge/discharge cycles at a rate of C/2 (b). The equivalent circuit used to model the 
spectra is shown in (c). It is the same model as the one used in Chapter 3. Equivalent circuit model 
developed by Benjamin Wilson. 
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Table 4.7 Relevant parameters obtained from the model fitted to the electrochemical impedance spectra for 
the 3DOM TiO2 and 3DOM Ta:TiO2 materials.
a
 
sample 
Rs 
(Ω) 
R1  
(Ω) 
R2 
(Ω) 
R3 
 (Ω) 
Cs 
(mF) 
C1 
(µF) 
C2 
(µF) 
C3 
(µF) σ 
As-made 
3DOM TiO2 
7.5 64 210 184 60 3.3 8.4 36 140 
Cycled 
3DOM TiO2 
6.6 12 35 33 37 2.8 14 56 65 
As-made  
3DOM 
Ta:TiO2 
(6.25 mol%) 
7.2 143 56 53 1.3 79 1300 27 30 
Cycled  
3DOM 
Ta:TiO2 
(6.25 mol%) 
4.6 24 10 6.3 0.76 1400 1800 31 17 
As-made 
3DOM 
Ta:TiO2 
(12.5 mol%) 
16 175 90 209 - 40 4200 550000 11 
Cycled 
3DOM 
Ta:TiO2 
(12.5 mol%) 
7.2 77 26 56 0.19 17000 170000 29 46 
a
 Modeling and analysis performed by Benjamin Wilson 
 
 While Nb-doping has been shown to improve the capacity of TiO2 anodes (especially up to 10 
mol% Nb),
39,51,72
 the Ta-doped TiO2 anodes prepared for this study did not show similar behavior. 
In fact, the capacity of the half cells decreases as the content of Ta is increased. Impedance 
spectra also indicate that the 3DOM Ta:TiO2 (12.5 mol%) has higher resistances than the 3DOM 
Ta:TiO2 (6.25 mol%). Reduction of the doped TiO2 cannot be used to explain these findings 
because the carbon phase was combusted in air, leaving only doped TiO2. An alternate 
explanation for low capacities in the 3DOM Ta:TiO2 is that Li
+
 is strongly trapped by any 
electrons present in the lattice (via equation 4.4). Shin explored the impact this could have on the 
diffusion of lithium ions for donor dopants (specifically Nb, but it is applicable to other 
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pentavalent dopants).
72
 Provided that electronic mobility is higher in the lattice, the overall 
chemical diffusion co-efficient of lithium is controlled by the mobility of lithium ions. It may be 
that trapping of Li
+
 is so effective in the mixed conducting 3DOM Ta:TiO2 that the chemical 
diffusion co-efficient of lithium drops after only the addition of a few mol% of Ta. Or there may 
be a small window at a lower doping level where the trapping does not negate the boost in 
electronic conductivity. However, a combined computational and experimental study into the 
defect chemistry of the Ta-doped material would be required to fully explore this possibility.  
 
4.3.5.4 Concluding Remarks 
 Unfortunately, the two doped materials studied in this section are not able to improve the 
capacities for lithium ion insertion/extraction over that of undoped 3DOM TiO2. However, some 
potentially beneficial changes to the structure of the doped 3DOM Ta:TiO2 were also observed. 
Once the carbon secondary template was removed, both the 3DOM Ta:TiO2 (6.25 mol%) and the 
3DOM Ta:TiO2 (12.5 mol%) possessed a well-ordered network of interconnected macropores. 
Crystallite sizes are lower and BET specific surface areas are higher for the Ta-doped materials 
when compared to undoped 3DOM TiO2. Despite this, doping with Ta decreases the capacity of 
the resulting electrodes and the capacity decreases with increasing dopant content. Significant 
differences in the impedance spectra for these materials are observed, as well. Trapping of Li
+
 by 
e
-
 is postulated to be responsible for the decrease in capacities.  
 
4.4 Overall Conclusions 
 Significant changes to both the structure and the electrochemical properties of 3DOM TiO2/C 
composites can be induced by adding dopants or adjusting the carbon content for the TFA-TiO2/C 
and acac-TiO2/C precursors. In terms of carbon content, TFA2-TiO2/C contains ~50 wt% carbon, 
which allowed for the reduction the TiO2 crystallite size relative to TFA-TiO2/C. However, 
pyrolysis at 800 °C causes both the conversion of TiO2 to rutile and a significant increase in the 
crystal size of TiO2. This appears to be driven by reduction of the TiO2 component brought on by 
the increased carbon content in TFA2-TiO2/C.TFA3-TiO2/C (a slightly modified version of TFA-
TiO2/C) served as the first testing platform for the use of dopants. Niobium and iron were 
incorporated into the TiO2 lattice, while Cu separated due to the reducing environment generated 
from the carbon phase during pyrolysis. A lower temperature was used for pyrolysis, but the 
changes to the structure of the TFA3-TiO2/C brought on by doping were not enough to justify 
further testing. Tantalum was targeted next as dopant for both TFA-TiO2/C and TFA2-TiO2/C, 
and different doping concentrations were explored. In general, increasing the dopant 
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concentration causes the formation of more rutile and a smaller crystallite size for the TiO2. Other 
characteristics, such as the BET surface area and the location of the doped TiO2 phase, are not 
appreciably changed when compared to undoped TFA- and TFA2-TiO2/C. While the TFA- and 
TFA2-Ta:TiO2/C samples were not tested electrochemically, lithium insertion/extraction 
capacities were obtained for electrodes containing doped acac-TiO2/C. Both Nb and Ta dopants 
were incorporated into the TiO2 phase, resulting in smaller crystallites and more rutile. Capacities 
are lower for these materials, which are believed to trap diffusing Li
+
 due to the generation of 
conducting electrons during pyrolysis. When Ni was used as a dopant, it phase-separated and 
caused catalytic graphitization. As a result, the capacities increase in the prepared electrodes at 
high rates. Finally, 3DOM Ta:TiO2 materials were synthesized using the carbon component as a 
secondary template. While crystallite sizes and surface areas are favorable in these doped 
materials, the capacities for Li
+
 insertion/extraction were lower than that of the 3DOM TiO2   
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Chapter 5 
Titania-Carbon Nanocomposite Anodes for Lithium-Ion 
Batteries– Effects of Confined Growth and Phase Synergism 
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5.1 Introduction and Motivation 
 Many routes have been devised for the synthesis of carbon and TiO2 composites that possess 
favorable electrochemical properties; however, few studies have specifically targeted means to 
minimize the toxicity of the synthesis precursors. Since an important motivation for the use of 
TiO2 is to improve safety in batteries, it is logical to also consider the safety of syntheses for 
advanced electrode materials containing TiO2. For instance, the introduction of amorphous 
carbon into a composite is commonly achieved using toxic organic molecules, such as phenol, 
formaldehyde, aniline, and furfural alcohol.
1,2
 Other carbon sources, such as graphene and carbon 
nanotubes, present their own safety concerns that are still under intense investigation.
3,4
 In 
addition, precursors used for the synthesis of TiO2 are often hazardous, such as volatile and 
corrosive TiCl4, or require stabilization through the use of chelating agents that are potentially 
harmful to human health.
5-7
 Greener synthesis routes that use less dangerous precursors represent 
an important research direction for TiO2 electrodes; including routes that produce materials with 
good capacity for lithium insertion and extraction. 
 The previous two chapters describe methods to synthesize porous TiO2-containing anode 
materials for lithium ion batteries via a combination of colloidal crystal templating and surfactant 
templating. To stabilize the precursor, trifluoroacetic acid (TFA) or 2,4-pentanedione (acac) are 
used alongside a phenol-formaldehyde (PF) sol as carbon source. Unfortunately, those two 
chelating agents are hazardous to human health, and the synthesis of PF sol requires the use of 
toxic monomers. This chapter describes an investigation into the use of alternate precursors for 
the synthesis of 3DOM TiO2/C. These new precursors employ a less hazardous chelating agent, 
citric acid; furthermore, some of the precursors used for the synthesis of 3DOM TiO2/C contain 
relatively non-toxic carbon sources (sucrose and/or citric acid). While the toxicities of the 
precursors for 3DOM TiO2/C are greatly reduced, structural and compositional changes (relative 
to TFA-TiO2/C and acac-TiO2/C) occur in the 3DOM TiO2/C due to the use of these new 
precursor solutions. For instance, as a consequence of employing a carbon-rich chelating agent 
(citric acid), the content of carbon in the new 3DOM TiO2/C composites is near 50 wt%. Before 
offering an outline of the research that is discussed in this chapter, some rationale behind a major 
change to cycling parameters needs to be provided. A key motivation for this change is the 
aforementioned abundance of carbon in the composite anodes.     
 Most TiO2/C lithium-ion battery anodes are cycled so that the carbon phase functions purely as 
a conductive additive. However, lithium insertion and extraction into the carbon phase can be 
easily accomplished by changing the voltage window used for charging and discharging the 
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anode.
8-14
 Specifically, the lower voltage limit needs to be set near 0 V vs. Li/Li
+
 instead of ≥1 V 
vs. Li/Li
+
 that is used when TiO2 is the only active anode material. By expanding the voltage 
window, a greater capacity is attainable for TiO2/C anodes. This advantage comes at a price, 
however. An extensive solid-electrolyte interphase (SEI) forms when cycling in this expanded 
window, and the potential for dangerous lithium plating returns.
10,15
 While the cost-benefit 
analysis of this choice has not been fully explored, an extremely useful consequence of cycling in 
the larger voltage window has been discovered. For mesoporous TiO2/C composites that contain 
amorphous carbon, cycling in the expanded voltage window allows the TiO2/C composite 
materials to attain higher capacities than either pure TiO2 or C with similar structures.
9,12-14
 
Interestingly, this same effect is not observed when TiO2 and graphitic carbon are combined; 
however, this composite contains μm-scale domains.8 Several explanations have been proposed 
for the capacity boost in the TiO2/C composites: the carbon network accommodated volume 
changes in TiO2, the carbon network functioned as a pathway for facile electron transport out of 
the TiO2, and the high surface area of the composite materials facilitated insertion/extraction 
reactions.
12-14
 Since the 3DOM TiO2/C composites described in the chapter are carbon-rich and 
contain an amorphous carbon phase, the capacity of these anode materials can potentially be 
greatly increased by widening the voltage window. An exploration of the changing the voltage 
window thus forms a key component of the chapter, which is outlined below.   
 The remainder of this chapter describes a new synthesis of 3DOM TiO2/C using a water-
soluble, ammonium citratoperoxotitanate(IV) precursor for TiO2 and different precursors (PF sol, 
sucrose, and citric acid) for amorphous carbon. Macropores in the 3DOM structure are templated 
from polymeric colloidal crystals. Colloidal crystals templates are infiltrated with a liquid 
precursor and thermally processed to obtain 3DOM TiO2/C. A major focus of this work is an 
exploration on how the final pyrolysis temperature alters the structural and electrochemical 
properties of the composites. Another focus is the effect of changing the precursor from one that 
contains PF sol to a safer alternative that contains sucrose on the structure of these composite 
materials. In addition, 3DOM TiO2/C made with slightly modified citric acid-based precursors are 
explored, including one without any added PF sol/sucrose and one prepared with half the citric 
acid used in the other syntheses. All of these 3DOM TiO2/C materials were tested in lithium ion 
batteries in the half cell configuration. As stated in the paragraph above, the test cells were 
charged and discharged in two voltage windows: between 1 to 3 V vs. Li/Li
+
 and in an expanded 
window between 0.05 to 3 V vs. Li/Li
+
 that allows for insertion/extraction of lithium ions in the 
carbon phase. For the narrow voltage window, the 3DOM TiO2/C composites are found to have 
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excellent capacities at low charge/discharge rates, but poor capacities at high charge/discharge 
rates. When charging and discharging in the wide voltage window, much higher capacities are 
obtained, and these capacities even exceed what can be obtained from similarly prepared 3DOM 
C anodes. These experiments have led to further evidence that composites of TiO2 and C provide 
a considerably higher lithium ion capacity than similarly structured materials containing only 
carbon. Also, these results suggest that new hypotheses are required for why this synergistic 
phenomenon occurs. 
 
5.2 Experimental Details  
5.2.1 Materials  
 Methyl methacrylate (99 %), titanium metal (sponge, 3–19 mm, 99.5%), citric acid 
monohydrate (ACS regent grade, ≥99.0%), poly(ethylene oxide)–block-poly(propylene oxide)–
block-poly(ethylene oxide) copolymer (molecular weight of 5800, P123), sodium carboxymethyl 
cellulose (CMC, molecular weight of 250000), lithium ribbon (0.75 mm thickness, 99.9%), and 
dimethyl carbonate (anhydrous, ≥99.0%) were purchased from Sigma-Aldrich. Phenol (ACS 
reagent grade), formaldehyde (certified ACS, 37 wt% in water), potassium persulfate (ACS 
reagent grade), and hydrogen peroxide (certified ACS, 30 wt% in water) were obtained from 
Fischer Scientific. Hydrochloric acid (ACS regent grade, 37 wt% in water), ammonium 
hydroxide (ACS regent grade, 28-30 wt% in water), and sodium hydroxide pellets (ACS reagent 
grade) were obtained from Macron Chemicals. Sucrose (ACS regent grade) was obtained from 
Mallinckrodt. Ethanol (200 proof, USP grade) was purchased from Decon Labs. A suspension of 
styrene-butadiene rubber (SBR, 50 wt% in water) was purchased from the MTI Corporation. All 
of the aforementioned chemicals were not further purified before use. Any deionized water used 
in these procedures was produced using a Barnstead Sybron purification system (final resistivity 
>18 MΩ·cm). 
 
5.2.2 Synthesis of the Ammonium Citratoperoxotitanate(IV) Precursors 
 These complexes were synthesized following a procedure established in the literature,
16
 but 
with a few modifications. To briefly summarize, 0.25 g of titanium metal was combined with 20 
mL of 30 wt% of aqueous H2O2 and 5 mL of concentrated ammonium hydroxide. This mixture 
was stirred on ice for 1 h and then stirred at ambient temperature until all titanium dissolved. 
Citric acid monohydrate (1.10 g) was added to the solution. The mixture was heated to 40 °C 
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overnight and a yellow gel was formed (denoted: gel-1). If needed, further drying was conducted 
at 70 °C for 3 h. 
 Another gel (gel-2) was made similarly to the one described above. Again, 0.25 g of titanium 
metal was added to a mixture of 20 mL of H2O2 solution (30 wt% in water) and 5 mL of 
concentrated ammonium hydroxide solution. The titanium was dissolved under vigorous stirring 
first in an ice bath for 1 h and then at ambient temperature. Half the amount of citric acid 
monohydrate (0.55 g) relative to what was used above was then added to the solution. Finally, the 
mixture was gently heated to 40 °C and allowed to evaporate overnight. 
 
5.2.3 Synthesis of 3DOM TiO2/C Made with PF sol as a Carbon Source (PF-TiO2/C) 
 For this composite and all others, colloidal crystal templates were used. Poly(methyl 
methacrylate) (PMMA) colloidal spheres were first synthesized using an emulsifier-free emulsion 
polymerization.
17
 Once a suspension of spheres was obtained, a portion of the suspension was 
placed in a crystallization dish and allowed to sediment. The supernatant was removed via 
evaporation at ambient temperature. Phenol-formaldehyde (PF) prepolymer sol was also made 
following a procedure found in the literature.
18
 The prepolymer was dried using rotary 
evaporation and redispersed in ethanol to form a 50 wt% ethanolic sol.  
 The precursor for 3DOM TiO2/C was prepared by first mixing 1.5 g of water, 1.25 g of 
ethanol, and 1.25 g of concentrated HCl. P123 was then heated at 40 °C until it melted. Liquid 
P123 (0.8 g) was added to the precursor and stirred until it dissolved. Dried ammonium 
citratoperoxotitanate(IV) gel (1.6 g) was poured into the precursor, and the mixture was stirred 
for 15 min. More water (0.25 g) and concentrated HCl (0.25 g) were added to eliminate turbidity, 
and the precursor was stirred for 5 min. Finally, the precursor was combined with 0.1 g of PF sol 
and stirred overnight.  
 The colloidal crystal templates were broken into pieces with dimensions of several mm and 
infiltrated with the precursor. For infiltration, the pieces of template were placed at the bottom of 
a scintillation vial and precursor was pipetted into the vial. To reduce cracking, the liquid 
precursor was not allowed to cover the top of the templates. Infiltration via capillary action 
typically took between 2 and 6 h and caused the templates to turn partially translucent once 
completed. Once infiltration was complete, the templates were wiped clean of excess precursor. 
Additional solvent was removed by placing the templates in a vacuum oven under low vacuum 
for 30 minutes at ambient temperature. Thermal treatment of the templates was performed at 100 
°C for 24 h and 140 °C for 24 h. Samples were then heated in a tube furnace under 0.7 L/min of 
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Ar at 1 °C/min to 350 °C and kept at that temperature for 4 h. Depending on the sample, the 
temperature was then increased at 1 °C/min to either 700 °C, 800 °C, or 900 °C and held at the 
target temperature for 2 h. 
 
5.2.4 Synthesis of 3DOM TiO2/C Made with Sucrose as a Carbon Source (Sucrose-TiO2/C) 
 For the Sucrose-TiO2/C, a precursor was prepared in fashion similar to the PF-TiO2/C. 
Initially, 3.5 g of water, 1.25 g of concentrated HCl, and 0.8 g of liquid P123 were mixed until the 
P123 dissolved. The ammonium citratoperoxotitanate(IV) gel (1.6 g) was then added to the 
precursor, and the solution was stirred until it dissolved. If the solution remained slightly turbid, it 
was heated to 40 °C and was stirred until the turbidity disappeared. Sucrose crystals (0.1 g) were 
then poured into the precursor and the solution was stirred overnight. All subsequent processing 
steps were identical to those performed with the PF-TiO2/C. 
 
5.2.5 Modified Precursors 
 Two modified precursors were prepared that share similarities to the one made for Sucrose-
TiO2/C.  A precursor without any additional carbon source, NAC (no added carbon)-TiO2/C, was 
prepared. This precursor was prepared identically to the one used for Sucrose-TiO2/C, but no 
sucrose crystals were dissolved in the NAC-TiO2/C precursor. Processing was identical to what 
was conducted with the Sucrose-TiO2/C, except the composite was pyrolyzed under Ar using a 1 
°C/min ramp to 350 °C (4 h dwell) and 700 °C (2 h dwell). Another precursor, Sucrose2-TiO2/C, 
was made using the ammonium citratroperoxotitanate(IV) gel-2 that contains reduced citric acid 
content. The gel, water, and hydrochloric acid content were altered in this synthesis. Only 1.05 g 
of gel-2 was added to a mixture of 3.5 g of water, 1.25 g of concentrated HCl, and 0.8 g of liquid 
P123. Once again, all subsequent processing was identical as described for Sucrose-TiO2/C, 
except the composite was pyrolyzed under Ar using a 1 °C/min ramp to 350 °C (4 h dwell) and 
700 °C (2 h dwell). 
 
5.2.6 Synthesis and Characterization of the 3DOM C Reference Material 
 A 3DOM carbon material was prepared using a procedure slightly modified from one present 
in the literature.
19
 In this synthesis, a precursor was made by stirring 2.0 g PF sol (50 wt% in 
ethanol), 1.0 g of 0.2 M HCl, and 1 g of F127 surfactant. After the precursor was stirred 
overnight, it was infiltrated into PMMA colloidal crystal templates. These infiltrated templates 
were evacuated for 2 h at 60 °C under low vacuum. The infiltrated templates were heat-treated at 
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100 °C for 24 h and 140 °C for 24 h. Pyrolysis of the material was done in a quartz tube furnace 
under flowing Ar (0.7 L/min) at 350 °C for 4 h and 700 °C for 2 h (a ramp rate of 1 °C/min was 
used). 
 
5.2.7 Structural Characterization 
 All samples were analyzed using a variety of analytical techniques. TiO2 content was 
determined using thermogravimetric analysis (TGA). Samples were loaded in a Netzsch STA 409 
PC Luxx under air flow and heated at 10 °C/min to 1000 °C. Determination of C, H, and N 
content was done by Atlantic Microlab, Inc. (Norcross, GA) using automatic combustion 
analysis. Fourier-transform infrared (FTIR) spectra were obtained using a Nicolet Magna-IR 760 
spectrometer. Solid samples for FTIR were ground with KBr and pressed into pellets prior to 
analysis. Raman measurements were carried out using a 514.5 nm Ar
+
 laser attached to a WiiTech 
Alpha300R confocal Raman microscope with a DV401 CCD thermoelectric-cooled detector. For 
a given area, multiple spectra were collected and averaged to provide the final, reported spectrum. 
To prepare specimens for scanning electron microscopy (SEM), powders of the TiO2/C samples 
were affixed to double-sided carbon tape placed on an Al stub. These samples were coated with 
50 Å of Pt and imaged using a JEOL 6700 operated with an accelerating voltage of 5 kV. 
Specimens for transmission electron microscopy (TEM) were prepared by sonicating powders in 
ethanol (or dimethyl carbonate) for 5 min, and then dropping the suspension on Cu grids coated 
with holey carbon. Imaging was performed using a FEI Technai T12 equipped with a LaB6 
filament and operated at 120 kV. Powder X-ray diffraction (PXRD) was conducted using a 
PANalytical X’Pert Pro diffractometer that was outfitted with a cobalt anode (45 kV, 40 mA) and 
an X’celerator line detector. Line broadening in the patterns was used to estimate the crystal size 
via the Scherrer equation. A Rigaku RU-200BVH with a rotating copper anode was used to 
collect small-angle X-ray scattering (SAXS) patterns. Scattered X-rays were detected using a 
Siemens Hi-Star multiwire area detector. Nitrogen sorption isotherms at 77 K were obtained 
using a Quantachrome Autosorb-iQ2-MP. Prior to analysis, all samples were outgassed for 12 h at 
200 °C and 0.001 torr. The Brunauer-Emmett-Teller (BET) method was applied to obtain surface 
areas, and pore volumes were calculated using the point P/Po=0.995 on the adsorption branch. 
Attenuated total reflectance FTIR (ATR-FTIR) spectra were collected using a Shimadzu IR 
Affinity-1 spectrometer fitted with a Specac Golden Gate single reflection diamond ATR 
accessory. Powders from electrodes (as-prepared and cycled) were scraped onto the diamond 
crystal and compacted under a stainless steel anvil.  
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5.2.8 Electrochemical Characterization 
 Before an electrode paste was made, the prepared 3DOM TiO2/C composites were ground and 
ultrasonicated. This processed active material was mixed with Timcal Super P carbon black, 
aqueous sodium carboxymethyl cellulose (CMC), and aqueous styrene-butadiene rubber (SBR). 
In the final paste, the weight ratio of components was 84 wt% active material, 10 wt% carbon 
black, 4 wt% CMC, and 2 wt% SBR. Pastes were coated on either carbon-coated aluminum 
(kindly provided by Exopack
®
 Advanced Coatings) or Cu foil. Electrode films were dried at 
ambient conditions overnight and then at 24 h at 105 °C. The loading of electrode paste per cm
2
 
ranged from 1 to 2 mg/cm
2
. A punch with a 0.5 in diameter was used to cut out electrode disks. 
Half-cells were assembled using CR2032 cells purchased from MTI Corporation. Lithium ribbon 
served as the counter electrode in the cells and a coated polypropylene separator (Celgard
®
 3501, 
received as a gift) was utilized to prevent shorts. The electrolyte used in the cells was 1 M LiPF6 
dissolved in a 1:1:1 mixture (by mass) of ethylene carbonate, dimethyl carbonate, and diethyl 
carbonate (purchased from MTI Corporation). All cells were assembled in a glove box filled with 
He gas. Cycling was performed on an Arbin Instruments BT2000 from either 1 to 3 V vs. Li/Li
+
 
(using carbon-coated Al as a current collector) or from 50 mV to 3 V vs. Li/Li
+
 (using copper as a 
current collector). Depending on the voltage range used, the C-rate was set so that 1 C = 335 mA 
per g of TiO2 in the composite (1 to 3 V) or set at 1 C = 335 mA per g of the composite (0.05 to 3 
V). Specific capacities were calculated in a similar fashion. Cyclic voltammetry (CV) curves 
were obtained using a Solartron 1287 electrochemical station. Scanning was conducted between 
0.05 and 3 V vs. Li/Li
+
 with a scan rate of 5 mV/s and a 1 s integration time. 
 
5.3 Results and Discussion 
 Owing to the different types of 3DOM TiO2/C synthesized for this work, the discussion is 
separated into several different topics. The first centers on the two ammonium 
citratoperoxotitanate(IV)-based syntheses designated PF-TiO2/C and Sucrose-TiO2/C. Both the 
ammonium citratoperoxotitanate(IV) precursor, and the processed composites are characterized. 
In the second, the additional composites are discussed along with the 3DOM C material that 
serves as a reference. A brief summary concerning of the composites is discussed, including a 
comparison to the types of 3DOM TiO2/C composites shown in Chapter 3. Finally, the structural 
characterization of these materials is used to frame a discussion of their electrochemical lithium 
insertion/extraction properties. 
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5.3.1 Characterization of PF-TiO2/C and Sucrose-TiO2/C 
 For the PF- and Sucrose-TiO2/C, the key foci of the investigation are exploring how changing 
the precursor to less toxic alternative impacts the structure, and how the composites change when 
the final pyrolysis temperature is altered. The characterization of these composites informs our 
understanding of their lithium insertion and extraction properties. Prior to that discussion, the 
characterization of the TiO2 precursor common to both syntheses, the ammonium 
citratoperoxotitanate(IV) gel, is provided. 
 
5.3.1.1 Characterization of the Ammonium Citratoperoxotitanate(IV) Gel (Gel-1) 
 While earlier research has typically concentrated on characterization of crystalline ammonium 
citratoperoxotitanate(IV),
16,20
 only one research team has investigated a gel of this complex in any 
depth.
21,22
 From Raman characterization of gel-1 (Figure 5.1 a), many bands are present that do 
not match the strong bands in the crystalline complex, suggesting that the structure of the gel is 
different from that of the crystalline complex. For instance, the crystalline ammonium 
citratoperoxotitanate(IV) contains a band that is located at ~610 cm
-1
 and is assigned to a 
vibration originating from a side-on peroxo ligand coordinated to Ti.
16
 This band is absent (or 
obscured) by a much stronger band centered near 520 cm
-1
. When only one peroxo group is 
coordinated to a metal center, a strong symmetric stretch is present near 520 cm
-1
, which matches 
the spectrum in Figure 5.1 a.
23
 It is also possible that there is a contribution to the band from Ti–O 
linkages between citric acid and the Ti cation.
21,24
 Further complicating the analysis is that a Ti–
O–Ti vibrational mode is also found in this spectral region for Ti-containing peroxy gels.25 Some 
additional evidence for Ti–O–Ti linkages (from the condensation of the titanium complexes) can 
be observed in the spectrum. A peak near 420 cm
-1
 matches well with a Ti–O–Ti vibration 
identified by Tengvall et al. for a peroxy gel.
25
 If all three contributions (from the peroxo 
linkages, Ti–O linkages, and Ti–O–Ti linkages) are present, that can explain the intensity of the 
band near 500 cm
-1
 in Figure 5.1 a. Vibrations from peroxo moieties, specifically the O–O 
symmetric stretch, can also be identified in a partially obscured band near 860 cm
-1
.
16
 Additional 
peaks near 1400 cm
-1
 (symmetric) and ~1600 cm
-1
 (asymmetric) arise from carboxylate groups 
present on deprotonated citric acid.
26
 A split is observed in the asymmetric stretch near 1600 cm
-1
 
(see inset in Figure 5.1 a). The higher intensity peak at 1625 cm
-1
 is likely from a Ti–O bonding 
mode as identified by Kakihana and co-workers,
24
 and the other peak is from free carboxylate 
groups. Moieties on the citric acid are also responsible for bands near 3000 cm
-1
, specifically 
vibrations near 2900 cm
-1
 from methylene bridges.
26
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Figure 5.1 Raman (a) and IR (b) spectra obtained from the ammonium citratoperoxotitanate(IV) gel (gel-1) 
precursor. Characteristic vibrations for the bonds between the ligand and metal center and for bonds in the 
ligands themselves are labeled. 
 
 FTIR spectroscopy complements Raman spectroscopy for analysis of gel-1. An FTIR 
spectrum of a similar gel was reported by Truijen et al., and it closely matches the spectrum in 
Figure 5.1 b.
22
 The citric acid present in the gel is responsible for a number of absorption peaks 
present in the spectrum, including absorptions corresponding to the–OH stretch near 3000 cm-1 
(broad), the –CH2– stretch slightly below 3000 cm
-1
, and the C–O stretch from the alcohol 
functionality near 1070 cm
-1
.
21
 In addition, both peaks corresponding to the symmetric and 
asymmetric stretches of the carboxylate group can be found in the spectrum. Positions of the 
stretches are close to what has been reported for deprotonated trisodium citrate
27
 and in the 
aforementioned ammonium citratoperoxotitanate(IV) gel.
22
 A large difference in wavenumbers (Δ 
= 200 cm
-1
) between the symmetric and asymmetric stretch of the carboxylate is observed. This is 
common for deprotonated carboxylic acids, which could be associated with ammonium cations in 
the gel.
26
 Broadening is also observed for the asymmetric carboxylate peak that extends the 
plateau of the peak out to lower wavenumbers (~1570 cm
-1
 before a steep decline in absorbance). 
This is due to a contribution from a vibrational mode of a carboxylate chelated to titanium; a 
shoulder at a similar position was observed by Truijen et al. when evaluating the IR spectrum of a 
similar gel.
22
 While ultimately judging the type of coordination (or lack thereof) that is adopted 
by the citrate ligands is difficult, it appears that some of the carboxylate groups participate in 
unidentate binding with Ti and some groups are not bound to the Ti cations. Since the difference 
in wavenumbers between the two carboxylate stretches for the gel is similar to trisodium citrate, 
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the carboxylate is unlikely to coordinate to Ti as a bidentate bridging or chelating ligand.
28
 As for 
bound peroxo groups, several other vibrations in the spectrum can potentially be assigned to these 
ligands, including those near 910, 860 and 610 cm
-1
.
23
  Either the peak near 910 cm
-1
 or the one 
near 860 cm
-1
 is from the O–O stretching mode (or perhaps those peaks are from O–O mode in 
different coordination environments in the disordered gel), and the peak near 610 cm
-1
 is from a 
symmetric or asymmetric stretching vibration from the coordinated peroxo ligand.
21,23
 
 
5.3.1.2 Elemental Analysis of PF-TiO2/C and Sucrose-TiO2/C 
 The chemical composition of PF-TiO2/C and Sucrose-TiO2/C pyrolyzed at 700 °C was 
determined using a combination of thermogravimetry and combustion analysis (Table 5.1). TGA 
revealed that the content of TiO2 is slightly greater in PF-TiO2/C than in Sucrose-TiO2/C. This 
difference is most likely due to the fact that twice the mass of sucrose was used in the Sucrose-
TiO2/C precursor when compared to the mass of PF sol in the PF-TiO2/C precursor. However, 
pyrolysis of citric acid contributes a substantial fraction of carbon in both the PF- and the 
Sucrose-TiO2/C (ten times the number of moles of citric acid monohydrate is present relative to 
the PF sol/sucrose). While the carbon and hydrogen content is similar for both samples, the 
oxygen content is higher in the carbonaceous fraction of the Sucrose-TiO2/C. Elevated oxygen 
content is expected since sucrose contains an atomic ratio of O to C of nearly one.
29
 PF- and 
Sucrose-TiO2/C contain similar amounts of hydrogen and nitrogen. The nitrogen content is 
significantly elevated in these composites when compared to 3DOM C prepared from the 
carbonization of resorcinol-formaldehyde resin.
30
 Ammonium ions in the gel precursor for the 
TiO2 appear to be responsible for the increased in nitrogen in the carbonaceous fraction.  
Table 5.1. Compositions of the PF-TiO2/C and Sucrose-TiO2/C composites. 
Sample 
TiO2 content 
(wt%)
a 
carbon 
content 
(wt%)
b 
carbonaceous 
oxygen content 
(wt%)
b 
hydrogen 
content 
(wt%)
b 
nitrogen 
content 
(wt%)
b 
PF-TiO2/C,  
700 °C 
51.5 42.3 2.5 0.9 2.8 
Sucrose-TiO2/C,  
700 °C 
46.3 43.0 6.8 0.7 3.2 
a 
 Determined via thermogravimetric analysis. 
b
 C/H/N of the determined via combustion analysis, oxygen by difference. 
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5.3.1.3 Electron Microscopy of the Pyrolyzed PF-TiO2/C and Sucrose-TiO2/C 
 To confirm that hard templating was successful, SEM images of the composites were 
obtained, and representative images are displayed in Figure 5.2 and Figure 5.3. All materials 
contain an interconnected, face-centered-cubic array of macropores that facilitates penetration of 
electrolyte throughout these materials. Some disorder (micrometer-scale voids, broken struts) is 
present in the network. While the 3DOM structure is similar for both PF- and Sucrose-TiO2/C, a 
few differences can be observed. For the PF-TiO2/C, many regions have interconnecting windows 
with a narrow diameter (see Figure 5.3 a). This is typical of surface-templated 3DOM materials 
synthesized with precursors that have more favorable interactions with the hard template. The 
ethanol in the PF-TiO2/C can wet the PMMA colloidal crystal better than the purely water-based 
precursor for Sucrose-TiO2/C, explaining the occurrence of surface templating. A more “skeletal” 
volume-templated structure with larger windows between adjacent macropores is present in the 
Sucrose-TiO2/C (Figure 5.3 b) that likely arises from repulsive interactions between the highly 
polar precursor and the nonpolar template.
31
 
 
 
Figure 5.2 SEM micrographs of the 3DOM PF-TiO2/C and Sucrose-TiO2/C composites. The first row 
contains representative images of PF-TiO2/C pyrolyzed at (a) 700 °C, (b) 800 °C, and (c) 900 °C. The 
second contains images of the Sucrose-TiO2/C samples pyrolyzed at (d) 700 °C, (e) 800 °C, and (f) 900 °C. 
A 3DOM network, albeit with some disorder, is present in all samples. 
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Figure 5.3 Higher magnification SEM images of (a) PF-TiO2/C and (b) Sucrose-TiO2/C composites 
pyrolyzed at 900 °C. 
 
 Transmission electron microscopy provides a more complete understanding of the 
morphology, including the location/size of TiO2 crystallites and mesopores. From examination of 
Figure 5.4, TiO2 crystallites are so small that they cannot be observed at moderate magnifications 
for composites pyrolyzed at 700 °C. Small, bright lines also snake across the composites at those 
temperatures, and result from disordered mesopores templated from P123 surfactant. Higher 
magnification images (Figure 5.5) reveal the crystallites via diffraction contrast. The sizes of 
these nuclei are smaller than 5 nm in both PF- and Sucrose-TiO2/C. This is similar in size to the 
crystallites in TFA2-TiO2/C, as described in Chapter 4. Since the TFA2-TiO2/C has a similar 
content of carbon to the materials described in this chapter, this finding is to be expected. 
Increased carbon content in PF- and Sucrose-TiO2/C samples leads to reduced sintering and 
crystallite growth, especially at 700 °C. Decomposition of the citric acid may also assist in 
inhibiting the sintering of TiO2. Carboxylate groups of the citric acid are bound to Ti ions, and the 
citric acid can carbonize into shells that surround growing TiO2 nuclei during pyrolysis. After 
pyrolysis at 800 and 900 °C, a distinct increase in the crystal size occurs, indicating that the 
temperature is sufficiently high to allow for sintering (Figure 5.4 c–f). At 800 °C, PF-TiO2/C 
experiences more pronounced sintering than Sucrose-TiO2/C, albeit in localized areas. For the 
PF-TiO2/C sample pyrolyzed at 900 °C, many crystallites of TiO2 are localized on the surface of 
the composite. In the case of the Sucrose-TiO2/C, areas that suffer from extensive sintering 
contain crystallites conforming to the structure of the 3DOM network. 
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Figure 5.4 TEM micrographs of PF-TiO2/C and Sucrose-TiO2/C pyrolyzed at various temperatures. The 
first column shows PF-TiO2/C pyrolyzed at (a) 700 °C, (c) 800 °C, and (e) 900 °C. The second column 
shows Sucrose-TiO2/C pyrolyzed at (b) 700 °C, (d) 800 °C, and (f) 900 °C. Images taken by Stephen 
Rudisill. 
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Figure 5.5 High magnification TEM micrographs of PF-TiO2/C (a) and Sucrose-TiO2/C (b) pyrolyzed at 
700 °C. Insets show individual crystallites in the composite materials. The spacing of the lattice fringes in 
(a) matches that of the (110) planes in anatase, and the spacing of fringes in (b) matches that of the (101) 
planes in rutile. Scale bars in the insets are one nm in length. Images taken by Stephen Rudisill. 
 
 TEM imaging also reveals inhomogeneities in the location and size of TiO2 crystallites in the 
composites (Figure 5.6). At higher pyrolysis temperatures (800 and 900 °C), there is a substantial 
non-uniformity in the size of the observed crystallites. Many regions contain crystals far smaller 
than those found adjacent regions (compare Figure 5.6 a–c with the counterparts in Figure 5.4). 
This variation is highlighted especially well by comparing the top right of Figure 5.6 a with the 
bottom center of the image. Areas with a high concentration of TiO2 facilitate sintering and lead 
to larger crystallites. As shown later, titanium oxycarbide is also present in these composites. 
Regions with smaller crystallites contain a high concentration of the oxycarbide phase. Selected 
area electron diffraction (SAED) of these areas (specifically those shown in Figure 5.6 b, c), 
reveal diffraction rings that cannot be indexed to anatase or rutile TiO2 (Figure 5.7). Instead, these 
rings match a titanium oxycarbide phase also found in the PXRD patterns discussed below.  
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Figure 5.6 TEM micrographs highlighting inhomogeneities in the location/size of TiO2 crystallites in the 
composites. (a) Regions with large and small crystallites of TiO2, co-exist for the PF-TiO2/C sample 
pyrolyzed at 800 °C. For the images of (b) PF-TiO2/C and (c) Sucrose-TiO2/C pyrolyzed at 900 °C, 
crystallites of TiO2 (or titanium oxycarbide) are far smaller than those imaged in Figure 5.4. Images taken 
by Stephen Rudisill. 
 
 
Figure 5.7 Selected area electron diffraction for PF- and Sucrose-TiO2/C pyrolyzed at 900 °C. Broad 
diffraction rings are found in both patterns. Reflections that have similar d-spacings are observed in PXRD 
patterns (shown in the main text), and these reflections are from a titanium oxycarbide phase. The d-
spacings of the rings (and their Miller indices) are approximately 0.21 nm (200), 0.15 nm (220), and 0.12 
nm (311/222). Isolated diffraction spots are also present, which originate from TiO2 crystals. Patterns 
collected by Stephen Rudisill.  
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5.3.1.4 Characterization of the Crystal Structures Present in PF-TiO2/C and Sucrose-
TiO2/C 
 By examining the PXRD patterns of the composites (Figure 5.8), one can observe that similar 
series of phase transformations occur for both PF- and Sucrose-TiO2/C. For composites pyrolyzed 
at 700 °C, strong peaks corresponding to anatase or rutile TiO2 are absent. A broad peak near 29.4 
°2θ matches the (101) reflection of anatase TiO2 and is overlaid on a shoulder spanning from 22.5 
to ~40 °2θ from amorphous carbon.29 Another peak near 51 °2θ is most likely from the carbon 
framework produced from the various carbon-containing precursors (denoted with a cross in 
Figure 5.8).
29,32
 Once the pyrolysis temperature is increased to 800 °C, anatase and rutile 
reflections appear in the patterns. Rutile is the major TiO2 polymorph at 900 °C. This is expected 
since rutile is the thermodynamically stable phase for bulk TiO2 and forms at high temperatures.
33
 
Several other peaks are observed in the patterns of materials pyrolyzed at 800 °C and 900 °C. 
Since these reflections are positioned between cubic TiC and TiO and follow the pattern of a 
face-centered cubic structure, it is likely that titanium oxycarbide (TiOxCy) is present.
34
 All the d-
spacings of the reflections shown in the PXRD patterns closely match those of the SAED patterns 
shown in Figure 5.7, which provides further confirmation that titanium oxycarbide is present in 
certain areas of the 3DOM composites. The titanium oxycarbide is formed from the carbothermic 
reduction of TiO2,
35,36
 and this process occurs at extremely low temperatures for the PF- and 
Sucrose-TiO2/C.
37
 Small crystallite sizes and the abundance of carbon facilitate the carbothermic 
reduction.
36-38
 Indeed, this process occurs so quickly that the intermediate Magnelí phases that 
form during the reduction
34
 are not even identified in the PXRD patterns. Since oxygen 
heteroatoms are present in the carbonaceous fraction, reflections for the titanium oxycarbide 
phase are shifted closer to TiO.
34
 However, the lattice parameter increases (a shift to lower °2θ is 
observed, especially for the (220) peak near 75 °2θ) as the pyrolysis temperature is increased 
from 800 °C to 900 °C, and as oxygen is removed from the carbon fraction and the oxycarbide. 
PF-TiO2/C patterns contain stronger reflections for the oxycarbide phase, which may be a 
consequence of the lower oxygen content in the carbon fraction of the composite. 
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Figure 5.8 PXRD patterns for (a) PF-TiO2/C and (b) Sucrose-TiO2/C pyrolyzed at different temperatures. 
The cross marks the location of a peak from the carbon network and the asterisk marks a reflection from the 
Al sample holder. 
 
 Crystallite sizes of anatase TiO2, rutile TiO2, and titanium oxycarbide were estimated using the 
line width of sufficiently intense reflections in the PRXD patterns and are presented in Table 5.2. 
At 700 °C, the reflections are so weak that they cannot be satisfactorily fit. Once the pyrolysis 
temperature is increased to 800 °C, TiO2 crystallite sizes can be determined. PF-TiO2/C contains 
larger anatase TiO2 crystallites than those in Sucrose-TiO2/C. This difference may be from the 
increased proportion of the secondary carbon phase in Sucrose-TiO2/C. However, both the PF- 
and Sucrose-TiO2/C have much smaller crystallite sizes than the TFA2-TiO2/C analyzed in 
Chapter 4. As observed in the TEM images (e.g. Figure 5.5), crystallites are confined within the 
carbon phase for the PF-TiO2/C and Sucrose-TiO2/C. The secondary carbon phase partially 
controls crystallite growth (similar to the acac-TiO2/C), unlike TFA2-TiO2/C that experiences 
phase separation of TiO2 to the surface of the 3DOM structure. Even though confinement of TiO2 
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by the carbonaceous fraction occurs in PF- and Sucrose-TiO2/C, the size of TiO2 crystallites 
exceeds 10 nm in all samples once pyrolysis is conducted 900 °C. Rutile TiO2 grows more 
rapidly than anatase TiO2,
39
 and this is borne out by the larger rutile crystal size in Sucrose-
TiO2/C. Interestingly, larger rutile crystallites are found in Sucrose-TiO2/C than in PF-TiO2/C, but 
this may be from the increased conversion of TiO2 to titanium oxycarbide in PF-TiO2/C. A 
decreased content of TiO2 in PF-TiO2/C due to the conversion may limit sintering. Reflections 
from the titanium oxycarbide phase can be fitted for materials pyrolyzed at 900 °C. The average 
size of oxycarbide crystallites is 3.2 nm in PF-TiO2/C and 3.9 nm in Sucrose-TiO2/C, and these 
sizes are similar to TiC formed via carbothermic reduction in mesoporous TiO2/C materials.
35,36
 
Titanium oxycarbide experiences slower sintering and grain growth kinetics than either TiO2 
polymorph. 
 
Table 5.2 Structural and textural parameters of PF-TiO2/C and Sucrose-TiO2/C. 
sample 
anatase 
crystallite 
size (nm) 
rutile 
crystallite 
size (nm) 
titanium 
oxycarbide 
crystallite size (nm) 
BET surface 
area 
(m
2
/g) 
pore 
volume 
(mL/g) 
PF-TiO2/C,  
700 °C 
a a c
 
226 0.44 
PF-TiO2/C,  
800 °C 
8.3 8.5 b 375 0.40 
PF-TiO2/C,  
900 °C 
c 10.3 3.2 412 0.60 
Sucrose-TiO2/C,  
700 °C 
a a
 c 
225 0.43 
Sucrose-TiO2/C,  
800 °C 
6.7 8.8 b 281 0.47 
Sucrose-TiO2/C, 
900 °C 
10.0 16.3 3.9 326 0.65 
a 
 Reflections too weak to be analyzed via the Scherrer equation. 
b
 Phase present, but too weak to be analyzed via the Scherrer equation. 
c
 Phase not detected in PXRD pattern. 
 
 
 Since inhomogeneities were detected using TEM, confocal Raman microscopy was also used 
to investigate the spatial variations in the TiO2 polymorph. Spectra of PF-TiO2/C and Sucrose-
TiO2/C pyrolyzed at different temperatures are presented in Figure 5.9. Depending on the area of 
 206 
 
sample analyzed, Raman modes corresponding to the anatase or rutile polymorph are found.
40,41
 
The appearance of peaks that match the position of rutile TiO2 modes is unexpected, especially 
since the size of the crystallites is so small for the PF- and Sucrose-TiO2/C pyrolyzed at 700 °C. 
Part of the contribution to these peaks in the Raman spectra comes from the unexpected 
formation of rutile TiO2. It appears that rutile TiO2 nucleates from ammonium 
citratoperoxotitanate(IV) or undergoes a phase transition (from either amorphous TiO2 or anatase 
TiO2) to  rutile at extremely small crystallite sizes (below 5 nm). At that size, rutile is 
thermodynamically unstable relative to anatase.
39
 When examining TEM images for Sucrose-
TiO2/C pyrolyzed at 700 °C (Figure 5.5 b), the spacing between lattice fringes of TiO2 crystals is 
~0.32 nm. This distance corresponds to the d-spacing for the (110) plane of rutile TiO2. Anatase 
is found in other areas with a lattice spacing of ~0.35 nm (corresponding to the (101) plane), and 
this is shown for PF-TiO2/C pyrolyzed at 700 °C (Figure 5.5 a). Another contribution to the 
vibrational modes that match rutile TiO2 may be from titanium oxycarbide crystallites. While 
crystals of stoichiometric cubic TiC (and TiO) lack Raman-active modes, crystals with cationic 
vacancies display Raman modes at positions nearly identical to those of rutile TiO2.
42,43
 It is 
possible that conversion from TiO2 to the oxycarbide would produce crystallites with defects.
43
 
This contribution would also fit the trend observed with regard to the commonality of particular 
TiO2 modes. At lower pyrolysis temperatures, the characteristic modes of anatase are more 
common than rutile modes. Peaks corresponding to rutile are more prevalent when the pyrolysis 
temperature is increased. Both the continued phase transformation from anatase TiO2 to rutile 
TiO2 (see Figure 5.8) and the increased formation of titanium oxycarbide are likely responsible 
for the prevalence of the rutile modes at elevated pyrolysis temperatures.  
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Figure 5.9 Raman spectra for (a) PF- TiO2/C and (b) Sucrose-TiO2/C in the spectral region that reveals 
TiO2 lattice vibrations. Regions are found in all the samples that contain anatase and/or rutile modes (see 
insets). It is possible that vibrations from a defective TiOxCy phase overlap with rutile TiO2 vibrations.  
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 Confocal Raman microscopy was also used to analyze the carbonaceous components in these 
composites. The corresponding spectra are presented in Figure 5.10. Two characteristic bands are 
observed, both of which result from vibrations in the six-member carbon rings that are present in 
the amorphous carbon. Centered at ~1600 cm
-1
 is the G band, which arises from stretching of 
bonds between sp
2
-hybridized carbon atoms.
44
 At ~1350 cm
-1
 is the D band that results from a 
breathing mode in any sp
3
-hybridized carbon atoms that are present in the ring.
44
 Not 
surprisingly, the intensity of the G band relative to the D band increases as pyrolysis temperature 
is raised for both PF-TiO2/C and Sucrose-TiO2/C (see Table 5.3). This indicates that the fraction 
of sp
3
-hybridized carbon atoms decreases at high pyrolysis temperatures, since higher 
temperatures allow for the removal of heteroatoms and the formation of extended aromatic 
(graphitic) domains. Intensity ratios are fairly similar for both types of composite at 
corresponding pyrolysis temperatures. While the G band intensity decreases for the TFA- and 
acac-TiO2/C materials described in Chapter 3 with increasing pyrolysis temperature, the size of 
the graphitic clusters in the composites described here must be larger. For graphitic clusters larger 
than ~3 nm, G band intensity increases with increasing temperature.
44
 It is understandable that the 
relatively high carbon content in the PF and Sucrose-TiO2/C would yield sizeable graphitic 
domains (>3 nm) that grow in size with higher pyrolysis temperatures. 
 209 
 
 
Figure 5.10 Raman spectra of (a) PF-TiO2/C and (b) Sucrose-TiO2/C from the region that shows the D and 
G bands from amorphous carbon. A significant fraction of sp
3
-hybridized carbon is present in the carbon 
framework, as expected. 
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Table 5.3 Relative intensities of the D/G Raman bands for the composite samples. 
sample ID/IG 
domain size 
(nm) 
PF-TiO2/C, 700 °C 1.32 3.3 
PF-TiO2/C, 800 °C 0.99 4.4 
PF-TiO2/C, 900 °C 0.92 4.8 
Sucrose-TiO2/C, 700 °C 1.15 3.8 
Sucrose-TiO2/C, 800 °C 1.14 3.9 
Sucrose-TiO2/C, 900 °C 0.95
 
4.6 
 
5.3.1.5 Characterization of the Textural Properties of PF-TiO2/C and Sucrose-TiO2/C 
 The pore textures of the composite materials was analyzed by SAXS and by N2 gas sorption to 
estimate the surface area of the various samples, determine pore volumes, and probe changes in 
meso-/microporosity. All of the N2 sorption isotherms presented in Figure 5.11 reveal sharp rises 
in the volume of gas adsorbed at low (P/Po<0.001) and high (P/Po>0.9) relative pressures. 
Micropores present in the amorphous carbon are responsible for the rise at the low pressure range, 
and the templated macropores are responsible for the rise at high pressures. While P123 was 
present in the precursor, little hysteresis is present in the isotherms. For the PF-TiO2/C, very 
narrow hysteresis loops are present in all samples. In contrast, the Sucrose-TiO2/C only has a 
narrow hysteresis loop when pyrolyzed at 700 °C. However, TEM images show changes in 
contrast expected for disordered mesopores or perhaps isolated micelles (see Figure 5.4 and 5.5). 
It appears that either the concentration of surfactant was too low for the formation of any ordered 
mesostructure, or that the interactions between the surfactant and the other components of the 
precursor are insufficient or unfavorable for self-assembly. SAXS patterns of the composites 
suggest that a well-defined mesostructure is absent. These patterns are either free of scattering 
peaks or contain a very weak scattering peak near 1.5 °2θ (Figure 5.12). Even without substantial 
mesoporosity, all composites have BET specific surface areas greater than 200 m
2
/g and high 
pore volumes (Table 5.2). As the pyrolysis temperature is brought higher, both the specific 
surface area and pore volume the composites increase. This increase is mainly from the continued 
formation of micropores in the amorphous carbon component (Figure 5.13); this phenomenon is 
also observed in the TiO2/C composites studied in Chapter 3 and 4.  
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Figure 5.11 Nitrogen sorption isotherms for (a) PF-TiO2/C and (b) Sucrose-TiO2/C. All isotherms show 
pressure rises at low and high relative pressures originating from micropores and macropores, respectively. 
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Figure 5.12 Small-angle X-ray scattering patterns for (a) PF-TiO2/C and (b) Sucrose-TiO2/C. Some 
composites, notably the Sucrose-TiO2/C pyrolyzed at 700 °C or 800 °C, have weak scattering peaks near 
~1.5 °2θ. 
 
Figure 5.13 Enlarged view of the low relative pressure region of the adsorption branches of the sorption 
isotherms for (a) PF-TiO2/C and (b) Sucrose-TiO2/C. 
 213 
 
5.3.1.6 Further Discussion Concerning the Location and Polymorph of TiO2 Crystallites 
Present in PF-TiO2/C and Sucrose-TiO2/C 
 At this point, it is important to consider the location and polymorph of the TiO2 crystallites in 
the composites in more detail. Based on results obtained from SEM and TEM images, TiO2 
crystallites are distributed throughout the carbon matrix in the walls and nodes of the 3DOM 
network. From studies of the citratoperoxotitanate(IV) complex, it has been determined that the 
complex is hydrophilic and carries a negative charge.
16
 Even if that complex is different in the 
gel, functional groups on the citric acid ligands and the peroxo ligands themselves should be able 
to interact (via intermolecular bonding) with the water and other hydrophilic components in the 
precursor. Similar behavior is observed in the acac-TiO2/C composites discussed in Chapter 3. In 
both the acac-TiO2/C and the materials described here, the complex interacts with other 
components in the precursor and a fairly homogeneous distribution of TiO2 is observed. 
Inhomogeneities may arise for the PF- and Sucrose-TiO2/C if the Ti cations are bound extensively 
to carboxylate groups present on the citric acid and the peroxo ligands. In this case, the 
complexes are less likely to bond to hydroxyl functionalities present in the PF sol/sucrose, 
hindering the interaction of the various components. An alternate possibility is that excess 
ammonium citrate, which is not bonded to Ti cations, phase demixes from the other components 
of the precursor, and generates extensive carbon-rich domains. It is more likely this occurs, given 
that free carboxylate moieties are present in the gel precursor and only unidentate carboxylate 
binding is detected in the ammonium citratoperoxotitanate(IV) gel precursor (Figure 5.1). Rapid 
conversion of small TiO2 grains to titanium oxycarbide (perhaps in carbon-rich areas) could also 
contribute to heterogeneities. Once TiO2 is converted to titanium oxycarbide, the oxycarbide 
grains grow slowly, unlike the unconverted TiO2. Slight differences in crystallite location 
between the PF- and Sucrose-TiO2/C precursor systems may arise from the ethanol in the PF 
system. A less favorable interaction between the ionic precursor and the ethanol may result in 
more separation from the precursor, leading to more clustering of TiO2 crystals near the surface, 
as is observed in PF-TiO2/C electron microscopy images (Figure 5.4).  
 Another curious aspect of this system is that small rutile TiO2 nuclei are present in the carbon 
matrix. As stated earlier, the transformation from anatase to rutile does not generally occur until 
anatase crystals reach roughly 11 nm in size.
33
 Dopants can alter the point at which the phase 
transition occurs (as is discussed in Chapter 4), but the two likely dopants here, carbon and 
nitrogen, are known to suppress that transformation.
39
 Additionally, the carbon matrix should 
limit crystal growth and reduce the number of interfaces between anatase crystallites that can 
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serve as nucleation sites for rutile.
45
 The preferential nucleation of rutile at low temperatures has 
been observed in hydrothermal syntheses that use a titanium source and citric acid.
46
 Researchers 
postulate that the octahedral complexes of titanium and citric acid undergo condensation to form 
linked edge-sharing units. Due to the structural similarity of this arrangement to the TiO6 clusters 
in rutile, the rutile phase preferentially forms.
46
 This could also occur in the composites studied 
herein. Another factor may be that reducing gases produced from pyrolysis of the citric acid and 
PF sol/sucrose generate oxygen vacancies in the TiO2. As is discussed in Chapter 4, oxygen 
vacancies are known to assist in the transformation of anatase to rutile.
39,47
 While these two 
explanations address the presence of rutile, they do not explain the co-existence of anatase TiO2. 
It could be that some of the citratoperoxotitanate(IV) complexes condense at an earlier processing 
stage (as observed from Ti-O-Ti linkages shown in Figure 5.1) and form face-sharing octahedra. 
This is similar to the situation for TiO6 clusters in anatase, leading to its preferential nucleation.
46
 
 
5.3.2 Characterization of NAC-TiO2/C and Sucrose2-TiO2/C 
 Two other composites were synthesized to further explore certain aspects of the Sucrose-
TiO2/C system. One was produced without any added sucrose (NAC-TiO2/C) and the other was 
made with half the citric acid used in the parent synthesis (Sucrose2-TiO2/C). NAC-TiO2/C has 
an identical precursor for TiO2 to the samples analyzed above, but the ammonium 
citratoperoxotitanate(IV) precursor (gel-2) used for Sucrose2-TiO2/C is prepared differently. 
Characterization of the gel-2 using a combination of Raman spectroscopy and IR spectroscopy 
(Figure 5.14) gives results that are similar to what is observed for gel-1. Strong peaks 
corresponding carboxylate vibrations, methylene groups and hydroxyl functionalities from the 
citric acid ligand are present in both spectra. An increase in intensity is observed in the Raman 
spectrum for wavenumbers between ~150 and 900 cm
-1
 when compared the similar region in  
gel-1 (compare Figure 5.1 with Figure 5.14). This is likely an overlay of numerous vibrations that 
occur due to the presence of Ti-O bonds and bound peroxo ligands.
21,23
 Since the content of citric 
acid is lower than gel-1, it may be that there are fewer free molecules citric acid relative to those 
bound to Ti. Further evidence for this phenomenon can be observed in the asymmetric 
carboxylate stretch near 1600 cm
-1
 in the Raman spectrum (Figure 5.14 a). Relative to Figure 5.1, 
the peak from free carboxylate moieties (at 1675 cm
-1
) is less pronounced for the gel-2 
precursor.
24
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Figure 5.14 Raman (a) and IR (b) spectra of the modified ammonium citratoperoxotitanate(IV) gel that is 
designated gel-2. Features in the spectra closely match what is observed for gel-1 in Figure 5.1. More 
intense vibrations indicative Ti-O bonds (or a bound side-on peroxo ligand) are present in (a).  
 
5.3.2.1 Compositional Analysis of NAC-TiO2/C and Sucrose2-TiO2/C 
 After performing thermogravimetric and elemental analyses, it was found that the NAC- and 
Sucrose2-TiO2/C have a different carbon contents than the PF- and Sucrose-TiO2/C composites 
described above (see Table 5.1 and Table 5.4). Oddly enough, the NAC-TiO2/C has higher carbon 
content than the materials with added carbon. To explain this counter-intuitive result, it may be 
that the additional oxygen in the carbon precursors (e.g. PF sol and sucrose) allows for the 
formation of more volatile carbon-containing species. Another possibility is that the added carbon 
precursor disrupts tight binding of citric acid to the nuclei of TiO2, allowing for greater loss of 
carbon during pyrolysis. For the Sucrose2-TiO2/C, carbon content is decreased relative to 
Sucrose-TiO2/C, which is expected since the amount of carbonizable citric acid is halved. Other 
elements (N, H, O) present in the carbonaceous fraction NAC-TiO2/C are found to be present at 
similar levels to what is observed in the Sucrose-TiO2/C. Sucrose2-TiO2/C has a lower weight 
percent of N and O when compared to Sucrose-TiO2/C. This may stem from the use of gel-2 as a 
TiO2 precursor. If there are fewer free citric acid moieties, including those associated with 
ammonium cations, than are present in gel-1, then composites prepared from the gel-2 would 
incorporate fewer heteroatoms. The content of the various components of the modified 
composites are summarized in Table 5.4.  
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Table 5.4 Compositions of the NAC-TiO2/C and Sucrose2-TiO2/C composites. 
Sample 
TiO2 content 
(wt%)
a 
carbon 
content 
(wt%)
b 
carbonaceous 
oxygen content 
(wt%)
b 
hydrogen 
content 
(wt%)
b 
nitrogen 
content 
(wt%)
b 
NAC-TiO2/C,  
700 °C 
44.5 45.2 5.9 0.7 3.7 
Sucrose2-TiO2/C,  
700 °C 
53.6 40.0 3.4 1.1 1.9 
a 
 Determined via thermogravimetric analysis. 
b
 C/H/N of the determined via combustion analysis, oxygen by difference. 
 
5.3.2.2 Characterization of the Pyrolyzed NAC-TiO2/C and Sucrose2-TiO2/C 
 Beyond the differences in the overall composition of these two composite materials, the 
modified materials have a key difference in morphology present. SEM and TEM imaging show 
that the NAC-TiO2/C has the 3DOM structure with some disorder present in certain regions 
(Figure 5.15 a, c). For the Sucrose2-TiO2/C, extensive breakdown (~50 % of the sample) of the 
3DOM structure occurs, and octahedral/tetrahedral particles are released (Figure 5.15 b). 
However, this process is not complete and regions containing the 3DOM structure remain (Figure 
5.15 d). Disassembly of the 3DOM network, in the case of Sucrose2-TiO2/C, may be related to a 
combination of two things. First, the concentration of the carbon-forming citric acid precursor is 
reduced, leading to a lower overall yield of carbon in the composite. Second, the surfactant 
content is higher relative to the content of citric acid. This relative surplus of surfactant can 
induce the formation of more pores in the wall network, which makes it easier for stresses to 
fracture the walls of the 3DOM structure during thermal treatment.
48,49
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Figure 5.15 SEM and TEM images for the modified materials (a, c) NAC-TiO2/C and (b, d) Sucrose2-
TiO2/C. These images are fairly similar to those taken of the Sucrose-TiO2/C pyrolyzed at 700 °C. 
Disassembly of the 3DOM structure into cubic and tetrahedral nanoparticles is observed in (b). TEM 
images taken by Stephen Rudisill. 
 
 PXRD patterns obtained from the NAC- and Sucrose2-TiO2/C (Figure 5.16 a) contain broad, 
poorly resolved peaks (near 29.4 °2θ) that correspond to anatase TiO2. The small crystallite size is 
expected for these composites due to their high amorphous content. This phase is also associated 
with a peak near 51 °2θ. An additional peak in the Sucrose2-TiO2/C pattern (denoted with a 
double cross) overlaps with a strong TiO2-B reflection, and may be observable due to the higher 
TiO2 content in the composite. From confocal Raman microscopy, it is revealed that both anatase 
and rutile TiO2 co-exist in the NAC- and Sucrose2-TiO2/C (Figure 5.16 b). This finding is similar 
to what was observed for Sucrose-TiO2/C, and is expected since these composite materials share 
a common TiO2 precursor. Again, it appears that the rutile phase nucleates at low pyrolysis 
temperatures. Finally, the ratio of the intensity of the disordered carbon Raman scattering band to 
that of the graphitic carbon Raman scattering band is given for the two modified materials in 
Table 5.5. The disordered carbon peak is extremely intense in both samples, as would be expected 
for amorphous carbon-containing materials pyrolyzed at low temperatures.
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Figure 5.16 (a) PXRD and (b) Raman spectra from the modified materials. The closely related Sucrose-
TiO2/C is also included. All patterns and spectra provide evidence that anatase and rutile TiO2 are present 
in the composites. TiO2-B may be present and its presence in the pattern is marked with a double cross. 
Again, the asterisk denotes the peak from the Al sample holder. 
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Table 5.5 Raman and textural parameters of NAC-TiO2/C and Sucrose2-TiO2/C. 
Sample ID/IG 
BET surface area 
(m
2
/g) 
pore volume 
(mL/g) 
NAC-TiO2/C,  
700 °C 
1.34 219 0.35 
Sucrose2-
TiO2/C,  
700 °C 
1.39 182 0.63 
Sucrose-TiO2/C, 
700 °C
a 
1.15 225 0.43 
a 
 Included for comparison.  
 
 Considering that the NAC- and Sucrose2-TiO2/C share many characteristics with the Sucrose-
TiO2/C, it is expected that the textural properties should be similar. From the gas sorption 
isotherms and SAXS patterns, this expectation is mostly confirmed (Figure 5.17). Nitrogen 
sorption isotherms of the materials are closed, and show virtually no indication of hysteresis 
(Figure 5.17 a). This behavior is similar to the other composites. There are also rises in volume 
adsorbed at low/high relative pressures, which arise from micropores and mesopores, 
respectively. BET surface areas and total pore volumes are comparable to the other materials 
(Table 5.5). However, the Sucrose2-TiO2/C has a slightly reduced surface area, which is from the 
increased TiO2 content.  Figure 5.17 b shows the SAXS patterns of the two modified composites. 
Both have a broad feature around 1.75 ° 2θ (d-spacing ~ 2.5 nm), and this is not present in the 
corresponding Sucrose-TiO2/C. This peak may be related to disordered mesoporosity in the 
carbon network.  
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Figure 5.17 (a) Nitrogen sorption isotherms and (b) SAXS patterns for the modified materials. The 
isotherms are fairly similar and contain little hysteresis. A broad scattering peak is observed for the 
modified materials, which may be indicative of a limited amount of highly disordered mesoporosity. 
 
5.3.3 Characterization of the 3DOM C Reference Sample 
 Overall, the morphology and textural properties of 3DOM C closely match those of the 
composites. This behavior was not expected, since the high concentration of F127 should have 
led to the formation of a confined, 2D-hexagonal mesostructure.
19
 SEM imaging (Figure 5.17 a) 
shows that an interconnected set of macropores is present. Mesopores are not observed in TEM 
images (Figure 5.17 b) and the N2 sorption isotherm has only the hallmarks of micropores and 
macropores (see the rises at low and high relative pressure in Figure 5.17 c). Alterations to the 
pyrolysis procedure may have resulted in the absence of mesoporosity; however, it led to the 
formation of a 3DOM material with a surface area closer in magnitude to the PF-TiO2/C 
composite pyrolyzed at 700 °C. Significant microporosity results in the material having a BET 
surface area of 461 m
2
/g (nearly double that of PF-TiO2/C pyrolyzed at 700 °C) with 0.65 cm
3
/g 
of total pore volume.   
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Figure 5.17 A (a) SEM micrograph, (b) TEM micrograph, and (c) gas sorption isotherm of the 3DOM C 
material. TEM image taken by Stephen Rudisill. 
 
 An evaluation of the graphitic structure of the 3DOM C was also undertaken using a 
combination of X-ray diffraction and Raman spectroscopy. Both techniques show features typical 
of amorphous carbon. The X-ray diffraction pattern consists of two main, extremely broad 
reflections centered at approximately 28 °2θ and 50 °2θ (Figure 5.18 a). Both of these are also 
present in the composite materials and originate from the amorphous carbon component.
29,32
 D/G 
bands are observed in the Raman spectrum (Fig 5.18 b). Since the 3DOM C does not contain 
intervening TiO2 crystallites, graphitic domains appear to be larger from the Raman spectral data. 
The size of these domains, La, was calculated using the equation ID/IG = C()/La, where ID = 
intensity of D band and IG = intensity of G band,  = wavelength of laser in Raman spectrometer 
(515.5 nm), and C( = 515.5 nm) = 4.4 nm.  
 
 
Figure 5.18 (a) PXRD pattern and (b) Raman spectrum of the 3DOM C material. Asterisks in (a) mark 
peaks from aluminum metal in the PXRD sample holder. D/G bands are labeled in (b). 
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5.3.4 Electrochemical Characterization and Analysis 
5.3.4.1 Galvanostatic Charge/Discharge Testing of PF-TiO2/C and Sucrose-TiO2/C with a 
Comparison to 3DOM C 
 For electrochemical testing, PF- and Sucrose-TiO2/C samples pyrolyzed at 700 and 800 °C 
were cycled in two different voltage windows. Due to increases in TiO2 crystal size and 
widespread formation of titanium oxycarbide, samples pyrolyzed at 900 °C were not tested. This 
section first presents electrochemical cycling data in the window between 1 and 3 V vs. Li/Li
+
, 
which should be dominated by insertion/extraction reactions in TiO2. However, less than 50 wt% 
of any given electrode is TiO2. Full utilization of the active material (TiO2 and carbon) is 
explored by changing the voltage window to between 0.05 and 3 V vs. Li/Li
+
, allowing for 
lithium insertion/extraction into amorphous carbon. Substantial improvements in the capacity of 
the composites are realized by using the wider window. A comparison is also made to 3DOM C 
synthesized using PF sol.  
 When cycling is limited to the window between 1 and 3 V vs. Li/Li
+
, the impact of increased 
pyrolysis temperature and amorphous carbon content are observed. Figure 5.19 shows the 
capacities at different cycling rates, and Figure 5.20 shows extended cycling at a rate of C/2. 
Raising the pyrolysis temperature has a similar effect for both PF- and Sucrose-TiO2/C; capacities 
decrease at 800 °C for all cycling rates when compared to electrode materials pyrolyzed at 700 
°C. This is borne out in both the rate performance and the extended cycling data. Extensive 
crystallite growth occurs when pyrolysis temperatures are increased from 700 °C to 800 °C; 
moreover, the PXRD patterns (Figure 5.8) indicate that some titanium oxycarbide forms when the 
PF- and Sucrose-TiO2/C are pyrolyzed at 800 °C. These processes counteract any benefit derived 
from the enhancement of the electronic conductivity of the carbon framework generated by 
higher pyrolysis temperatures.
50
 The benefits of improved electronic conduction in the carbon 
framework are also partially negated in another fashion. While the amorphous carbon in the 
composites restricts crystal growth, it also blocks lithium ion transport to the active TiO2 
crystallites. An ideal composite of carbon and active material should contain either a minimal 
conformal coating of carbon
51
 or (for an active material with slow ion conduction) as few contact 
points with carbon as possible.
52
 Electronic conductivity is then facilitated and ionic transport is 
not hindered. This has been observed in multiple studies, including research conducted on lithium 
iron phosphate and on hollow TiO2/C spheres.
53,54
 Unfortunately, the PF- and Sucrose-TiO2/C 
contain a large fraction of carbon that blocks ion transport to TiO2 crystallites confined deep in 
the 3DOM network. As a consequence, capacities deteriorate at high charge/discharge rates. 
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However, the capacities for insertion/extraction of Li
+
 at low rates are quite good, and exceed 0.5 
Li
+
 per unit of TiO2. 
 
 
Figure 5.19 Capacities at different C-rates for the PF-TiO2/C and Sucrose-TiO2/C pyrolyzed at 700 °C and 
800 °C. Specific capacities and currents are per gram of TiO2 in the electrode. The voltage window extends 
between 1 and 3 V vs. Li/Li
+
 for the tests. 
 
 
Figure 5.20 Extended cycling (100 cycles) conducted at a rate of C/2 for (a) PF-TiO2/C and (b) Sucrose-
TiO2/C. Coulombic efficiencies are shown for all of the materials. The voltage window extends between 1 
and 3 V vs. Li/Li
+
 for the tests. 
 
 Changing the precursor to the less toxic one used for Sucrose-TiO2/C induces minor changes 
in the observed capacities when compared to PF-TiO2/C. Capacities are generally higher for PF-
TiO2/C than for Sucrose-TiO2/C after these composites are pyrolyzed at 700 °C. This reverses 
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when pyrolysis is conducted at 800 °C. Sucrose-TiO2/C has higher capacities than its counterpart 
until 2C (at which point they are about equal). Similar to what is discussed above, these 
differences in capacity stem from variations in carbon content and TiO2 crystallite size. At 700 
°C, both types of composite have extremely small crystallites, but the composite with PF-TiO2/C 
contains more TiO2 than the Sucrose-TiO2/C. Extra carbon can impede Li
+
 transport through 
Sucrose-TiO2/C, causing the decreased capacity at high rates. Greater oxygen content in the 
carbonaceous phase of the Sucrose-TiO2/C might also result in lower electronic conductivity and 
lower capacities. For composites pyrolyzed at 800 °C, the material with smaller anatase 
crystallites (Sucrose-TiO2/C) has higher capacities at high rates. It should be noted that the 
maximum difference in capacities is about 30% for materials pyrolyzed at 700 °C and about 20% 
for 800 °C (see Figure 5.19). From the standpoint of the lithium-ion insertion/extraction, there are 
no substantial drawbacks to using the safer precursor for 3DOM TiO2/C.  
 Possible mechanisms for insertion/extraction into the composite electrode can be explored for 
the composites via analysis of their voltage profiles (Figure 5.21). Easy resolution of a biphasic 
intercalation mechanism versus solid solution or interfacial charge storage is possible. For 
instance, the voltage profiles show a sloping profile without a noticeable plateau (Figure 5.21). 
The plateau for two-phase intercalation in anatase should occur at ~1.7 V at low C rates,
55
 but it is 
absent in Figure 9a–d. Since the anatase crystallites are so small, the emergence of two phases 
(and an associated phase boundary) is postulated to be energetically unfavorable, leading to Li
+
 
solid solution insertion/extraction.
56
 A sloping profile occurs in this solid solution case. Another 
contribution can be attributed to intercalation into rutile TiO2, which also displays a sloped 
voltage at small crystallite sizes.
57
 Either intercalation into a rutile-like lithiated form of TiO2 with 
an extended solid solution range may contribute to this behavior,
58
 or a phase change may have 
occurred early on in cycling.
57,59
 Once an irreversible phase change from rutile TiO2 to a lithiated 
hexagonal titanate takes place, insertion and extraction of Li
+
 only occurs in the hexagonal phase 
via a solid solution mechanism.
59
 Carbon should contribute a little capacity to the cells cycled 
between 1 and 3 V vs. Li/Li
+ 
because certain sites in the amorphous matrix can undergo 
insertion/extraction in this range (see discussion below).
15,29
 However, the precise contribution of 
the carbon phase is difficult to isolate. 
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Figure 5.21 Voltage profiles for charging and discharging at various rates (using a window from 1 to 3 V 
vs. Li/Li
+
). Graphs for the PF-TiO2/C composites for pyrolysis at (a) 700 °C and (b) 800 °C are shown at 
the top, and graphs for the Sucrose-TiO2/C composites for pyrolysis at (c) 700 °C and (d) 800 °C are shown 
at the bottom. Sloping profiles are observed for all of the composites tested. 
 
 Since amorphous carbon comprises a substantial fraction of these composites, better utilization 
of the entire mass of the electrode is possible by cycling the electrodes down to 0.05 V vs. Li/Li
+
. 
A sloping profile found when the composites are cycled in this range
 
(Figure 5.22). A large 
percentage (over 50% for all rates) of the capacity comes from the region below 1 V vs. Li/Li
+
, 
which includes Li
+
 insertion/extraction events into amorphous carbon. Staging behavior typical of 
graphitic carbon is not present,
15
 instead the voltage profile is sloped. Amorphous carbon, with its 
abundance of different intercalation environments, displays a sloping voltage profile like what is 
observed in Figure 5.22.
15
 Similarly, part of the capacity in Figure 10 comes from TiO2, 
especially in the range of 1 to 3 V vs. Li/Li
+
. Changing to a larger voltage window may also 
overcome any kinetic barriers (e.g. an overpotential) to intercalation into highly confined TiO2 
crystallites, allowing for better utilization of the active material. Even in unconfined TiO2, higher 
capacities are obtained by extenting the window.
60
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Figure 5.22 Voltage profiles for charging and discharging in an extended voltage window from 3 V vs. 
Li/Li
+
 to 0.05 V vs. Li/Li
+
. Graphs for the PF-TiO2/C composites for pyrolysis at (a) 700 °C and (b) 800 °C 
are shown at the top, and graphs for the Sucrose-TiO2/C composites for pyrolysis at (c) 700 °C and (d) 800 
°C are shown at the bottom. Specific capacities and currents are per mass of all active material (carbon and 
TiO2) in the composite. 
 
 A clearer picture of the changes induced by cycling in a wider voltage window can be obtained 
by examining rate performance data vs. cycle number and the morphology of the cycled 
electrodes. Capacities for the electrodes cycled between 0.05 V and 3 V vs. Li/Li
+
 are 
considerably higher than those for electrodes cycled in a narrow voltage window (Figure 5.23). 
This boost in overall capacity is especially noticeable at high rates, with the PF- and Sucrose-
TiO2/C electrodes retaining roughly 150 to 200 mAh/g of capacity at 10C. Since the specific 
currents/capacities are per 84 wt% of the active mass of the electrode, the overall improvement in 
capacity is even greater than what is shown in Figure 5.23 when compared to those electrodes 
cycled in the narrower window. In contrast to electrodes cycled between 1 and 3 V vs. Li/Li
+
, 
capacities for all the PF- and Sucrose-TiO2/C electrodes are similar when they are cycled in the 
wide window. Increasing the pyrolysis temperature results in a slight improvement in capacities 
at high rates (25 C), perhaps due to better electronic conductivity in the amorphous carbon. 
Another key difference between cycling in the two ranges is that decomposition of the electrolyte 
should occur in the lower voltage range, leading to formation of a stable solid-electrolyte 
interface (SEI).
61
 Formation of this SEI layer is responsible for the large drop in the initial cycling 
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capacity (see cycle 1 and 2 in Figure 5.23), as electrolyte degradation takes place. When 
comparing TEM micrographs of electrodes (washed in dimethyl carbonate to preserve the SEI) 
taken after cycling, a conformal SEI is found on the surface of the electrode materials cycled in 
the wide voltage window (Figure 5.24 a, b). In contrast, the SEI is absent (or extremely thin) in 
the electrodes cycled between 1 and 3 V vs. Li/Li
+
 (see Figure 5.24 c). The SEI is comprised of 
light elements (Li, C, O and F), which explains why little contrast is observed between the SEI 
and the composite.
61
 Despite the poor contrast, it is still clear that the SEI does not block the 
macropore windows, preserving the interconnected pore structure. ATR FT-IR was also 
conducted on these washed electrodes to attempt to determine some of the components present in 
the SEI (Figure 5.25). By comparing the spectra of the cycled PF- and Sucrose-TiO2/C electrodes 
with the pristine Sucrose-TiO2/C (pyrolyzed at 700 °C) electrode, peaks can be found that 
roughly correspond to C=O, C-O, CH2-, and CO3 vibrations. Decomposition of the carbonates 
(especially ethylene carbonate),
61
 leads to the formation of deprotonated carboxylic acids 
(LiOOR1) and LiCO3. Peaks present in the collected spectra match vibrations that would be 
expected for the decomposition products. It is also highly likely that LiF is a component of the 
SEI (since LiPF6 is present in the electrolyte), but this compound lacks IR-active vibrational 
modes.
61 
 
 
Figure 5.23 Capacities for the PF-TiO2/C and Sucrose-TiO2/C materials cycled at different rates. The 
voltage window used for these tests extends from 0.05 to 3 V vs. Li/Li.
+
 Specific currents and capacities are 
per mass of composite in the electrode. 
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Figure 5.24 TEM micrographs of cycled electrodes that have been washed using dimethyl carbonate to 
preserve the SEI layer (if present). The (a) PF-TiO2/C and (b) Sucrose-TiO2/C composites were pyrolyzed 
at 700 °C, and cycled in the wider voltage window between 0.05 V and 3 V vs. Li/Li
+
. An SEI layer covers 
the 3DOM network, but the interconnecting macropore windows remain open. The inset in (b) provides a 
clearer view of the SEI, which is ca. 10 to 15 nm in thickness. In (c), the PF-TiO2/C (pyrolyzed at 700 °C) 
shown was cycled between 1 and 3 V vs. Li/Li
+
. No conformal SEI can be observed on the surface of this 
sample, since the lower limit of the voltage window was capped at 1 V vs. Li/Li
+
. Images taken by Stephen 
Rudisill. 
 
 
Figure 5.25 ATR FT-IR spectra for an uncycled electrode film (Sucrose-TiO2/C, pyrolyzed at 700 °C) and 
the cycled electrode films. Multiple features are present that correspond to C=O, C-O, CH2-, and CO3 
vibrations. Spectra collected by Professor Melissa Fierke. 
 
 Finally, the 3DOM carbon reference sample was cycled in the voltage window from 0.05 to 3 
V vs. Li/Li
+
. When compared to PF- and Sucrose-TiO2/C in Figure 5.26 a, 3DOM C has lower 
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capacities than the composites at all rates. The difference in capacities is especially pronounced at 
moderate charge/discharge rates; the capacity of the composites outstrips that of the 3DOM C by 
~100 mAh/g. This is akin to what has been observed for mesoporous TiO2/C composites when 
compared to mesoporous C.
12,13
 Additionally, the PF- and Sucrose-TiO2/C composites have 
comparable
9,13
 or greater capacities
12,14
 at high charge/discharge rates when compared to 
mesoporous TiO2/C composites pyrolyzed at higher temperatures. Returning to the reference 
material used in this study, from a voltage profile for the 3DOM carbon (Figure 5.26 b), the 
contribution to the charge/discharge capacity in the range from 1 to 3 V vs. Li/Li
+
 is lower than 
for the composites, as indicated by the steep slope in this range. Again, this is a telling sign that 
the TiO2 contributes to the overall capacity, especially at high rates. A substantial advantage is 
then achieved by the use of TiO2 for the anode material. For rates greater than 1 C, PF- and 
Sucrose-TiO2 deliver greater capacities than 3DOM carbon with mesoporous walls,
62
 and lignin-
derived carbon.
63
 Even compared to highly conductive nanocarbon materials, i.e., carbon 
nanotube/mesoporous carbon composites
64
 and graphene/carbon nanofiber composites,
65
 the 
TiO2/C composites provide similar capacities at high rates (10 C). 
 
 
Figure 5.26 Comparison of the rate performance of the PF-TiO2/C and Sucrose-TiO2/C pyrolyzed at 700 
°C versus the 3DOM C reference material (a). The voltage profile of the 3DOM C for several 
charge/discharge rates is shown in (b). The potential window extends from 0.05 to 3 V vs. Li/Li
+
. Specific 
currents and capacities are per mass of composite in the electrode. 
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5.3.4.2 Cycling Voltammetry of PF-TiO2/C, Sucrose-TiO2/C, and 3DOM C 
 Cyclic voltammetry was conducted in conjunction with the galvanostatic testing to gain 
further understanding of the lithium ion insertion/extraction events (including the contribution of 
carbon vs. TiO2) that occur during cycling in the wide voltage window. It is observed for the PF- 
and Sucrose-TiO2/C electrodes (Figure 5.27) that the anodic peak current (for the peak near 0 V 
vs. Li/Li
+
) is greater for the first cycle when compared to subsequent cycles. This difference is 
due to the formation of the SEI layer; however, SEI formation should also be accompanied by a 
peak in the anodic sweep at ~0.5 V vs. Li/Li
+
.
64
 The relatively quick scan rate of 5 mV/s may 
obscure the peak, but it is not entirely known why that peak is not found. For subsequent cycles, 
there is a broad peak on the cathodic sweep near 0.9 V vs. Li/Li
+
 from lithium extraction out of 
non-graphitic, disordered sites in amorphous carbon.
64
 Unlike electrodes that contain solely 
amorphous carbon (Figure 5.27 e), the current for the composites does not rapidly collapse to 
zero on either sweep in the range of 1.25 to 3 V vs. Li/Li
+
. A contribution from TiO2 is clearly 
present; however, no sharp peaks are observed. Since the voltage profiles (Figure 5.22) do not 
contain well-defined plateaus corresponding to biphasic insertion/extraction into TiO2, it can be 
expected that the corresponding redox events in the CVs are not found. However, there is an ill-
defined shoulder in some of the CVs near 1.9 V vs. Li/Li
+
 on the cathodic sweep, which could 
originate from extraction of Li
+
 out of anatase and rutile TiO2.
66
 The electrode composites with 
higher TiO2 content, PF-TiO2/C, generate larger currents in this region of the cathodic sweep, as 
well. Both PF- and Sucrose-TiO2/C also have a broad peak near 1 V vs. Li/Li
+
 in the anodic 
sweep. In amorphous carbon electrodes the redox peak is not as well-resolved,
64
 so this feature is 
likely an overlay of insertion events into carbon and TiO2. Indeed, insertion into rutile TiO2 
occurs near 1.3 V vs. Li/Li
+
 at slower scan rates.
67
 Finally, the CV for the 3DOM C reference is 
shown in Figure 5.27 e. Only a limited current flows from ~1.5 to 3 V vs. Li/Li
+
 on either sweep, 
since no TiO2 is present. Features from carbon intercalation/deintercalation are present in both the 
cathodic and anodic sweeps in the range from ~0.05 to 1.2 V vs. Li/Li.
+ 
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Figure 5.27 Cyclic voltammograms of (a, b) PF-TiO2/C, (c, d) Sucrose-TiO2/C, and (e) 3DOM C (all 
pyrolyzed at 700 °C). Evidence of lithium insertion/extraction into both carbon and TiO2 is observed for the 
composites. For 3DOM C, little current flow (aside from a capacitive contribution) is recorded between 1 
and 3 V vs. Li/Li
+
. Voltammograms collected by Benjamin Wilson. 
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5.3.4.3 Electrochemical Testing of NAC-TiO2/C and Sucrose2-TiO2/C 
 Two other materials, NAC- and Sucrose2-TiO2/C were also cycled in various voltage ranges. 
Both NAC- and Sucrose2-TiO2/C were cycled in the range between 1 and 3 V vs. Li/Li
+
. When 
these materials are compared to the Sucrose-TiO2/C pyrolyzed at 700 °C, key differences are 
observed between the two modified materials (Figure 5.28). While Sucrose-TiO2/C and Sucrose2-
TiO2/C exhibit similar capacities at different rates, the NAC-TiO2/C has a substantially reduced 
capacity at moderate rates. This is a bit unexpected, due to the similar composition of the material 
when compared to Sucrose-TiO2/C. It is possible that the pure citric acid forms amorphous 
carbon with conductivity that is lower carbon produced when PF sol/sucrose is also incorporated 
in a synthesis. Another possibility is that the carbon additives (PF sol or sucrose) slightly alters 
the location of TiO2 crystallites and decreases the amount of intervening carbon; however, this is 
exceedingly difficult to determine via SEM imaging. Rate performance data for cycling between 
0.05 V and 3 V vs. Li/Li
+
 for the Sucrose-TiO2/C, Sucrose2-TiO2/C, and NAC-TiO2/C is shown 
in Figure 5.28 b. In this voltage range, the Sucrose2-TiO2/C has the greatest departure from the 
capacities of the Sucrose-TiO2/C. Capacities for the Sucrose2-TiO2/C exceed those of both the 
NAC- and Sucrose-TiO2/C at rapid charge/discharge rates. Two aspects of the structure of 
Sucrose2-TiO2/C may play a role in this difference. First, the carbon content is lower, which may 
allow for more facile access to TiO2. Second, disassembly of the Sucrose2-TiO2/C may also 
shorten diffusion lengths and allow for better high rate performance.  
 
 
Figure 5.28 Capacities at different rates for the two modified materials (NAC- and Sucrose2-TiO2/C) 
compared against Sucrose-TiO2/C. cycled between (a) 1 and 3 V vs. Li/Li
+
 and between (b) 0.05 and 3 V 
vs. Li/Li
+
.  
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 For these modified materials, cyclic voltammograms were also collected using the same 
parameters as used for the PF- and Sucrose-TiO2/C (Figure 5.31). The voltammogram obtained 
from the NAC-TiO2/C electrode is similar to those obtained from the Sucrose-TiO2/C electrodes. 
Sucrose2-TiO2/C, in contrast, possesses a peak near 2 V vs. Li/Li
+
 that likely originates from 
lithium extraction from anatase TiO2. Considering that Sucrose2-TiO2/C has an elevated TiO2 
content, this finding is expected. 
 
 
Figure 5.29 Cyclic voltammograms of the (a) NAC-TiO2/C and the (b) Sucrose2-TiO2/C electrodes. The 
voltammogram for the NAC-TiO2/C is similar to those shown in Figure 5.27. For the Sucrose2-TiO2/C, a 
peak is observed in the anodic sweep (centered just shy of 2 V vs. Li/Li
+
) that likely arises from removal of 
lithium ions from TiO2. Voltammograms collected by Benjamin Wilson. 
 
5.3.4.4 A Note on Cycling TiO2 and Carbon Nanocomposites in the Wide Voltage Window 
 Why is the capacity of the composites greater than that of the 3DOM carbon anode? Several 
explanations have been put forward for capacity boost observed mesoporous TiO2/C in the 
literature, including that the high surface area of the composites facilitates insertion/extraction 
reactions.
12-14
 Interestingly, the surface areas for the 3DOM TiO2/C composites presented in this 
chapter are lower than what is attained in mesoporous TiO2/C,
13
 yet the 3DOM materials have 
equivalent or greater capacities at high rates. We posit two possibilities for the increase in 
capacities when the 3DOM TiO2/C is cycled in an extended voltage window. First, a synergistic 
improvement in capacity in TiO2/C nanocomposites may arise from the numerous interfaces that 
exist in these materials. Diffusion of lithium is easier through grain boundary defects, and 
possible storage of lithium can take place at the interfaces (much like the situation with 
amorphous carbon).
68
 Second, extending the window may simply provide a driving force for 
greater utilization of the TiO2 phase, as has been observed by Pfanzelt et al. for rutile TiO2.
60
 
Future studies that determine lithium ion diffusion rates in the composites, determine at what 
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voltages specific insertion events occur, and determine the bonding environment around inserted 
lithium ions may assist in resolving this open question. 
 
5.4 Conclusions  
 In this chapter, the influence of a porous carbon matrix on grain growth and polymorphism  of 
confined TiO2 was demonstrated and related to electrochemical lithium insertion/extraction 
properties of TiO2/C composites, synthesized by hard templating using ammonium 
citratoperoxotitanate(IV) as a TiO2 precursor and different carbon sources (PF sol or sucrose). 
One synthesis route developed, for the Sucrose-TiO2/C composites, uses a low-toxicity, water-
based precursor. Both the pyrolysis temperature used during processing and, to a lesser extent, the 
carbon source in the precursor influence the final structure of the composite. While the PF- and 
Sucrose-TiO2/C retained a 3DOM structure dictated by the colloidal crystal template, irrespective 
of pyrolysis temperature, changes occur in the Ti-containing fraction of the material. After 
pyrolysis at 700 °C, extremely small anatase and rutile crystallites are present. Further, 
inhomogeneities in the crystallite size and the crystalline polymorph arise at higher pyrolysis 
temperatures. Widespread conversion of TiO2 to titanium oxycarbide occurs at 800 °C and 900 
°C, alongside considerable growth of both anatase and rutile TiO2. Since crystal growth and 
conversion to titanium oxycarbide is substantial for materials pyrolyzed at 900 °C, testing of the 
PF- and Sucrose-TiO2/C was restricted to samples pyrolyzed at 700 °C and 800 °C. Electrodes 
made from these composites (and cycled between 1 to 3 V vs. Li/Li
+
) have high capacities at low 
and moderate charge/discharge rates. During extended cycling at C/2, samples pyrolyzed at 700 
°C have capacities that exceed 200 mAh/g. However, capacities collapse rapidly at high 
charge/discharge rates. Once the voltage window is extended to 0.05 to 3 V vs. Li/Li,
+
 both the 
carbon and TiO2 phases can be utilized, and capacities increase substantially at all rates. The 
capacities of the composites materials are greater than what can be obtained from similarly-
processed 3DOM C and compare favorably with other high-performing anode materials. Using a 
precursor with low toxicity, e.g. the one for Sucrose-TiO2/C, does not adversely affect capacities. 
While the exact origin of the increase in capacity requires further study, changing the voltage 
window for the 3DOM TiO2/C is an effective means to substantially increase the Li
+
 
insertion/extraction capacity for these nanostructured electrodes.   
 Modifications to the Sucrose-TiO2/C precursor were made, and two additional materials, 
NAC-TiO2/C and Sucrose2-TiO2/C, were also investigated. The NAC-TiO2/C, contained only 
carbon derived from citric acid and is, in most respects, similar to the corresponding Sucrose-
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TiO2/C material. NAC-TiO2 has a slightly elevated carbon content and a slightly reduced 
electrochemical performance in the voltage window from 1 to 3 V vs. Li/Li
+
. Sucrose2-TiO2/C 
has an elevated content of TiO2, since the citric acid content used in the ammonium 
citratroperoxotitanate(IV) gel is reduced. As a consequence, the size of the TiO2 crystallites 
increases relative to the Sucrose-TiO2/C. Although disassembly is observed in the structure, the 
Sucrose2-TiO2 does show that TiO2 content can be adjusted upward. From an electrochemical 
standpoint, Sucrose2-TiO2/C is similar to the Sucrose-TiO2/C.  
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Chapter 6 
Conversion of 3DOM TiO2 to High-Surface Area Titante and 
TiO2 Materials via Treatment in Alkali Solutions:  
Morphological Transformations, Crystal Structure Analysis, 
and Li
+
 Capacities  
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6.1 Introduction and Motivation 
 In the late 1990s, multiple routes for the synthesis of nanoporous titanium dioxide (TiO2) and 
various titanates were discovered by research teams across the globe.
1-8
 These initial 
breakthroughs led to a flurry of subsequent research, as teams studied how variables in the 
syntheses could be adjusted to influence the morphology and composition of the TiO2 or 
titanates.
9-13
 As greater control was attained and the mechanistic underpinnings of these methods 
were postulated, investigators began to test these materials for various applications that could 
benefit from engineered porosity. Reports have evaluated the use of nanoporous TiO2 and 
titanates as components for improved dye-sensitized solar cells,
14
 photocatalysts for a variety of 
reactions,
15,16
 heterogeneous catalysts,
17-19
 sorbents for metal ions and organic molecules,
20,21
 
catalyst supports,
22
 hydrogen storage materials,
23
 fuel cell components,
24
 and anodes for lithium 
ion batteries.
17,25-27
 In this chapter, I describe the combination of two synthesis techniques–
colloidal crystal templating and the treatment of TiO2 in alkali solutions–to produce titanate and 
TiO2 materials with a novel, interconnected pore morphology, extremely high surface areas, and 
anisotropic crystallites with sub-10 nm dimensions. Before continuing, a brief discussion of the 
aforementioned synthesis methods is presented as a scaffold for understanding novel 
titanates/TiO2 materials that are the focus of this work. An additional discussion is presented on 
the use of titanates and pyrolyzed titanates as anodes for lithium ion batteries. 
 As stated in Chapter 2, templating offers the potential for the reproducible synthesis of 
complex porous structures. Hard templates have an edge over soft templates in this respect, 
provided that the template can be adequately filled/coated, and that the template can be easily 
removed.
12
 This method allows for precise replication of a structure or its inverse replica. When 
mesoporous carbon or silica is utilized as a template, researchers are able to synthesize 
mesoporous transition metal oxides that are often difficult to template using surfactants.
28
 For 
instance, silica with a cubic bicontinuous mesopore network was used as the template for the 
synthesis of mesoporous TiO2 with the inverse structure.
29
 Larger macropores can also be 
produced by templates with feature sizes greater than 50 nm. As described earlier, hierarchical 
porosity is achieved in 3DOM TiO2 through infiltration of a precursor that contains an additional 
porogen (or a secondary phase) that can be removed. Several teams have produced 3DOM TiO2 
that contains mesopores within the wall network that are templated from soft, surfactant templates 
present in the precursor.
30-34
 Chapter 3 details the synthesis of the 3DOM material TFA-TiO2/C. 
Burnout of the carbon phase (a secondary hard template) allows for the formation of 3DOM TiO2 
with a high surface area and disordered mesoporosity. While the BET surface area of that 3DOM 
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material is comparable to that of soft-templated, mesoporous TiO2, even higher surface areas for 
TiO2 are attainable through conversion to titanate materials.  
 The hydrothermal and, as was also discovered, ambient pressure treatment of TiO2 in basic 
solutions is a facile means to produce layered titanates and TiO2-B.
10,35
 Fortuitously for 
researchers, the conversion process also produces different types of nanostructures, such as 
nanosheets, nanotubes, and nanowires.
36
 Through control of the reaction time,
37-39
  reaction 
temperature,
40-42
 concentration of the basic solution,
38,43
 concentration of TiO2,
44,45
 and the starting 
TiO2 material,
46,47
 it is possible to synthesize nanostructured titanate/TiO2 that contains 
mesopores and even macropores. The prevailing theory is that a dissolution-reprecipitation 
mechanism underlies these syntheses and allows for the production of various 
nanostructures.
10,37,40,42,44
 Dissolution of TiO2 generates hydroxylated Ti
4+
 that is associated with a 
cationic counter ion, such as Na
+
 when NaOH is used.
10,39
 These species condense and crystallize, 
which results in the formation of multilayer nanosheets only a few nm thick.
40,42
 Nanotubes can 
subsequently form via a scrolling mechanism that likely arises from mechanical stresses present 
in multilayer titanate nanosheets.
45
 Scrolling occurs provided that sufficient energy is imparted to 
overcome the activation barrier for this process.
41
 Given sufficiently forcing conditions, the 
excess surface energy of the titanate nanotubes is minimized through a transformation to 
nanowires/nanorods.
10
 It is believed that this takes place through a combination of oriented 
attachment of nanotubes into bundles and Ostwald ripening of the titanate structures.
40
 Depending 
on the treatment, various polymorphs of alkali titanate are formed from the treatment in 
base.
41,48,49
 Subsequent ion exchange in an acid leads to the formation of hydrated/protonated 
titante polymorphs (or even conversion back to TiO2),
50
 and structural changes.
51-53
 Hydrogen 
titanates produced via ion exchange can typically be converted to monoclinic TiO2-B upon 
heating to 350–500 ºC54 and then to anatase at higher temperatures.55 This conversion occurs via 
the removal of hydroxyls and crystal water from the layered hydrogen titanate phases and then 
via phase transformation from TiO2-B to anatase.
54,56
 However, direct conversion to anatase is 
possible.
55,57
 Monoclinic TiO2 and anatase TiO2 with exceedingly high specific surfaces areas can 
be attained via the procedures described above. Not surprisingly, these hierarchically porous 
materials have attracted a great deal of attention for electrochemical applications, including LIBs. 
 Several years after the discovery of the hydrothermal synthesis of titanate nanomaterials, 
multiple research teams began to investigate the use of those materials as LIB anodes. These 
studies were motivated by the discovery that nanostructuring/nanosizing is essential to enhance 
the capacity and rate performance of TiO2 electrodes.
26
 Hydrothermal syntheses offered a means 
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to readily produce nanostructured hydrogen titanate and TiO2 that could be readily tested in 
LIBs.
58-62
 At a time when the reported capacities of TiO2 anodes were low, these nanostructured 
electrodes offered unparalleled capacities and rate performance. Part of the reason for the 
improved electrochemistry was the transformation (via pyrolysis) of hydrogen titanate to TiO2-
B.
26,60,61
 High surface area materials containing the TiO2-B polymorph mainly store charge via an 
intercalative pseudocapacitive mechanism near the electrolyte–electrode interface.63 This avoids 
the kinetic limitation of slow solid-state diffusion, enhancing rate performance. A similar 
mechanism is postulated to be responsible for the boost in capacities of hydrogen titanate.
64
 Even 
diffusion-controlled intercalation processes into larger-grained TiO2-B are not limited to the 
reversible insertion/extraction of 0.5 Li
+
 per formula unit of TiO2 like anatase, but can reach ~0.6 
Li
+
 per unit of TiO2.
26
  
 After initial research was conducted on hydrothermally prepared titanates/TiO2 for LIBs, 
various groups have experimented with methods to tailor the structure of electrode materials to 
alter their electrochemical properties. Substantial optimization of the structure of the anode 
materials has been conducted by altering synthesis parameters used for the reaction of TiO2 in 
basic solutions. Nanoribbons,
65
 nanosheets,
66
 and nanorods
67
 have all been investigated in such a 
fashion. For instance, Myung et al. found that pyrolyzed anatase nanorods formed after 11 h of 
reaction at 170 °C had a substantially better capacity than TiO2-B wires formed using longer 
reaction times.
67
 To mitigate the poor electronic conductivity of these nanostructured TiO2 
materials, methods to combine these materials with carbon have been devised.
68,69
 Flexible 
electrodes produced by growing TiO2-B sheets on activated carbon fibers are just one example, 
and these electrodes attained 100 mAh/g of capacity at 30 C.
69
 Conversion of the titanates to 
anatase nanostructures is an effective method for improving overall capacities.
57,70
 Gentili, et al. 
showed that by adjusting ion-exchange and pyrolysis procedures used after formation of sodium 
titanate nanotubes, small-grained anatase nanotubes could be synthesized.
57
 These nanotubes 
provided 175 mAh/g of capacity at a rate of ~5 C. Other research teams have continued to focus 
on hydrogen titanates.
56,71
 Most importantly for this chapter, changing the morphology of the 
parent TiO2 has been an extremely useful method for producing electrodes. Hierarchical 
structures have been synthesized using AAO-templated TiO2 nanotubes,
72
 nanotubes of TiO2 
generated via electrochemical anodization of Ti,
73
 and TiO2 coated on silica spheres.
74
 However, 
researchers have yet to marry colloidal crystal templated TiO2 with an additional alkaline 
treatment step, until now.  
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 This chapter describes an investigation into the various transformations that occur when 
3DOM TiO2 is treated in alkali solution, ion-exchanged, and pyrolyzed. Additionally, selected 
materials were processed into electrodes and tested to determine their lithium insertion/extraction 
capacities at various rates. A major focus of this chapter is determining how the templated source 
material impacts the resulting morphology of the alkali-treated titanates. Using a variety of 
characterization techniques (electron microscopy, gas sorption and X-ray diffraction), both the 
crystal structure and structure of the pore/solid network are tracked as the 3DOM TiO2 is 
processed. Remarkably, the 3DOM morphology is partially conserved after treatment in aqueous 
NaOH, albeit with nanosheets protruding into the macropores. Sufficient order exists in the 
titanate and pyrolyzed TiO2-containing materials for photonic stop bands to be detected. The 
remnant 3DOM network prevents nanosheets from fully scrolling, resulting in extremely high 
BET specific surface areas that can even exceed 500 m
2
/g. Surface areas were further increased 
by drying the titanate materials in supercritical CO2. Pyrolysis dehydrates the lepidocrocite-like 
hydrogen titanate, transforming the crystals to TiO2-B and finally anatase. Unfortunately, the high 
surface areas and high pore volumes do not translate into improved electrochemical capacities for 
lithium ion insertion and extraction. This point is discussed at the end of the chapter. 
 
6.2 Experimental 
6.2.1 Materials 
 Methyl methacrylate (99 %), titanium(IV) isopropoxide (>97%), trifluoroacetic acid (99 %),  
poly(ethylene oxide)–block-poly(propylene oxide)–block-poly(ethylene oxide) copolymer 
(molecular weight of 5800, P123), hydrochloric acid (volumetric, 0.1 N), sodium carboxymethyl 
cellulose (CMC, molecular weight of 250,000), and 1-methyl-2-pyrrolidone (99.5%, anhydrous) 
were all purchased from Sigma-Aldrich. Formaldehyde (37 wt% in water, certified ACS), phenol 
(ACS reagent grade), and potassium persulfate (ACS reagent grade) were purchased from Fischer 
Scientific. Hydrochloric acid (37 wt% in water, ACS reagent grade) and sodium hydroxide pellets 
(ACS reagent grade) were obtained from Macron Chemicals. Styrene-butadiene rubber (SBR, 50 
wt% in water) and polyvinylidene fluoride (molecular weight of 600,000, ≥99.5%) were bought 
from the MTI Corporation. Ethanol (200 proof, USP grade) was purchased from Decon Labs. 
AEROXIDE® TiO2 P25 was obtained as a gift from Degussa (now Evonik Industries). All 
chemicals listed were used without further purification. In addition, all water used in the 
syntheses was deionized on-site using a Barnstead Sybron purification system (final resistivity 
>18 MΩ·cm). 
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6.2.2 Preparation of 3DOM TiO2 
 Poly(methyl methacrylate) (PMMA) colloidal crystals were synthesized to serve as the hard 
template for the 3DOM TiO2. The polymer spheres that comprise the colloidal crystals were 
produced following a well-established emulsifier-free emulsion polymerization procedure.
75
 A 
suspension of spheres with a diameter of ~450 nm was prepared for this chapter. These spheres 
were made using a fixed concentration of persulfate (0.6 g/L) in the emulsion. Polymer spheres 
were allowed to settle out of the suspension under the force of gravity. During sedimentation, the 
PMMA spheres self-assembled into face-centered cubic arrays. Once this process was complete, 
the supernatant was allowed to evaporate in ambient conditions. 
 3DOM TiO2 was not directly synthesized, but made via a 3DOM composite of carbon and 
TiO2. This composite was produced following the procedure for TFA-TiO2/C detailed in Chapter 
3. Pyrolysis was conducted under flowing N2 (0.7 L/min) at 350 °C (4 h) and 500 °C (2 h) using a 
1 °C/min ramp rate. Partially-carbonized PF sol was removed from the 3DOM TiO2/C by 
calcining it under static air at 400 °C for 2 h using a 2 °C/min ramp.  
 
6.2.3 Preparation of Titanate Materials and Their Derivatives 
 All titanate materials were synthesized through a similar procedure. 3DOM TiO2 was 
combined with an 8 M aqueous solution of NaOH in a perfluoroalkoxy alkane round bottom flask 
(RBF). The concentration of 3DOM TiO2 in the solution was fixed at 6 mg/mL. Once the 3DOM 
TiO2 was added to the NaOH solution, the RBF was immersed in a bath of silicone oil and it was 
fitted with a water jacketed condenser. The oil bath was heated to 70 °C, 100 °C, or 125 °C 
(reflux), and the suspension was stirred at 120 RPM for 72 h.  
 After the treatment of the TiO2 in alkali solution was completed, several additional processing 
steps were carried out. First, the suspension was poured onto cellulose filter paper in a Buchner 
funnel attached to a vacuum flask. The titanate material was washed with copious amounts of 
water (while vacuum was applied), placed in a ~20 mL scintillation vial, and immersed in 15 mL 
of DI water. This water was exchanged multiple times until the pH of the supernatant reached 10. 
After the pH had been lowered through washing, an ion-exchange procedure was undertaken. A 
solution of 0.1 M HCl (20 mL) was added to the scintillation vial containing the titanate. The 
solution was stirred for 1 h, the solution of HCl was exchanged with DI water, and the suspension 
was allowed to sit overnight. Multiple washes with DI water were then carried out until the pH of 
the supernatant reached ~6. At this point, the DI water was exchanged with ethanol, and an 
ethanolic suspension of hydrogen titanate was obtained. A sample was also prepared without the 
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ion-exchange procedure; in this case the sodium titanate was directly washed with water, and then 
suspended in ethanol prior to additional processing.  
 Once the ethanolic suspension was prepared, it was dried through one of two routes. In the 
first route, the supernatant was partially drained. The titanate was then poured out onto a Petri 
dish and allowed to dry in ambient conditions. Materials prepared through this route are denoted 
as 3DOM-[reaction temp]-H-EtOH. In the second route, the supernatant was exchanged with 
fresh 200 proof ethanol, the suspension was mixed briefly, and the solid titanate was dropped in 
polymeric foam buckets. These buckets were placed in a Tousimis Samdri-780A critical point 
drier and dried in supercritical CO2. Following the scheme detailed above, materials prepared 
through this route are denoted as 3DOM-[reaction temp]-H/Na-CO2. H/Na indicates if the 
material is hydrogen titanate or sodium titanate. 
 Samples of 3DOM-100 °C-H-EtOH were also pyrolyzed in a tube furnace under flowing Ar 
(1.0 L/min). These samples were heated at 2 °C/min to either 400 °C for 1 h or 500 °C for 1 h. 
The resulting materials are designated 3DOM-100 °C-H-EtOH-400 °C or 3DOM-100 °C-H-
EtOH-500 °C, respectively.  
 Another related material was prepared using AEROXIDE® P25 as the source for TiO2. All 
processing steps are identical to those for the preparation of titanates from 3DOM TiO2. The 
reaction temperature used was 100 °C. This material was dried under ambient conditions from an 
ethanolic suspension. The sample is denoted as P25-100 °C-H-EtOH in the text.  P25-100 °C-H-
EtOH was also pyrolyzed at 400 °C for 1 h in a similar fashion to the samples prepared from 
3DOM TiO2. This pyrolyzed titanate is denoted as P25-100 °C-H-EtOH-400 °C. 
 
6.2.4 Structural Characterization 
 A variety of characterization techniques were utilized to understand the structural changes 
caused by the treatment of the TiO2 in alkali and from subsequent steps. Morphological analysis 
of the samples was conducted using scanning electron microscopy (SEM) using a JEOL 6700 
operated at 5 kV. Prior to analysis, the TiO2/titanates were placed on double-sided sticky carbon 
tape that was affixed to Al stubs. All stubs were coated with 50 Å of Pt. Transmission electron 
microscopy (TEM) was carried out using a Technai T12 equipped with a LaB6 filament. The 
accelerating voltage used in the instrument was 120 kV. Samples were prepared by sonicating 
(for 10 min) the material to be analyzed in a minimal volume of ethanol. These suspensions were 
dropped onto copper grids covered with holey carbon. Diffuse reflectance UV spectra were 
collected using a Thermo Scientific Evolution 220 spectrophotometer equipped with an ISA-220 
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integrating sphere. Powder X-ray diffraction (PXRD) was performed using a PANalytical X’Pert 
PRO diffractometer outfitted with an Empyrean Co anode (operated at 45 kV and 40 mA). A 
complementary technique for crystal structure analysis, confocal Raman microspectroscopy, was 
performed using a WITec Alpha 300R confocal Raman microscope. Spectra were collected using 
an Ar
+
 laser with a wavelength of 514.5 nm (output power of 15 mW) and DV401 CCD 
thermoelectric-cooled detector. A 10 Olympus lens was used in the microscope and integrated 
spectra were taken from multiple points on a given sample. Nitrogen sorption isotherms were 
collected (at 77K) using a Quantachrome Autosorb IQ2-MP. Every sample was evacuated at 
0.001 torr and 200 °C for 12 h prior to analysis. Surface areas were calculated using the 
Brunauer-Emmitt-Teller (BET) method, and pore size distributions were obtained using the 
Barrett-Joyner-Halenda (BJH) method on the adsorption branch of the isotherms. Specific pore 
volumes were calculated from the point P/Po=0.995 on the adsorption branch. Finally, a Netzsch 
STA 409 PC Luxx was used for thermogravimetric analysis. Samples were calcined under 
flowing air up to 1000 °C using a (10 °C/min ramp). 
 
6.2.5 Electrochemical Testing 
 Electrode films were prepared using the 3DOM-100 °C-H-EtOH-400 °C, 3DOM-100 °C-H-
EtOH-500 °C, or P25-100 °C-H-EtOH-400 °C with copper as a current collector. Electrode 
pastes were prepared by first hand-grinding the active material and then grinding the active 
material with Timcal Super P carbon black. Two aqueous binders, SBR and CMC, were stirred 
into mixture. The final composition of the pastes were 75 wt% active material, 10 wt% carbon 
black, 5 wt% SBR, and 5 wt% of CMC. Pastes were spread onto the current collector using a 
doctor blade set to 300 μm, and dried for 24 h under ambient conditions. Further drying was done 
at 105 °C under low vacuum for 24 h. Electrode disks with a diameter of 0.5 in were punched out 
from the films; the loading of active material on the disks was 2–3 mg/cm2. Half cells were 
assembled using CR 2032 cans, the disks with active material, lithium ribbon as the counter 
electrode, and a coated polypropylene separator (Celgard® 3501, kindly provided by Celgard 
LLC). Assembly of the coin cells was conducted in a helium-filled glove box. The electrolyte 
used in the cells was 1 M LiPF6 dissolved in a 1:1:1 mixture (by mass) of ethylene carbonate, 
dimethyl carbonate, and diethyl carbonate (purchased from MTI Corporation). Cells were then 
cycled using an Arbin Instruments BT2000. The voltage window was selected from 1 to 3 V vs. 
Li/Li
+
 and the C-rate was set at 335 mA per gram of active material. One film was also prepared 
using an Al/C current collector (donated by ExoPack Coatings), using a paste containing 84 wt% 
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3DOM-100 °C-H-EtOH-400 °C, 10 wt% carbon black, 4 wt% CMC, and 2 wt% SBR. All 
additional processing steps were the same. Cyclic voltammetry (CV) curves were obtained using 
a Solartron 1287 electrochemical station. Scanning was conducted between 0.05 and 3 V vs. 
Li/Li
+
 with a scan rate of 5 mV/s and a 1 s integration time. 
 
6.3 Results and Discussion 
 Owing to the large number of samples analyzed and discussed in this chapter, the following 
section is broken into three parts for the sake of readability. At first, a discussion is presented that 
centers around the characterization of the titanate/TiO2 materials prepared using 3DOM TiO2 as a 
precursor. This section also covers the pyrolyzed titanates and control materials made using 
unstructured P25 TiO2. An extended analysis of the morphological transformation is then 
provided along with an evaluation of the crystal polymorphs present in the titanate and pyrolyzed 
titanates. Finally, the lithium insertion/extraction behavior of several alkali-treated materials is 
discussed.  
 
6.3.1 Characterization of the Parent 3DOM TiO2 
 The 3DOM TiO2 used as a starting material was prepared following the procedure outlined in 
Chapter 3, so the structural properties will only be briefly discussed. As shown in Figure 6.1a, the 
PXRD pattern of the 3DOM TiO2 contains peaks that can be matched to anatase TiO2. Raman 
spectroscopy (Figure 6.1b) confirms the presence of anatase and a minimal amount of TiO2-B. 
SEM micrographs show that the material contains an interconnected, face-centered cubic lattice 
of macropores (Figure 6.1c). These spherical macropores are ca. 245 nm in diameter and are 
connected by pore windows of varying diameter. Surrounding the macropore network are the 
connected octahedral and tetrahedral nodes of TiO2 that are the replicas of interstitial sites present 
in the parent colloidal crystal. Since the 3DOM structure contains a multitude of pore channels 
that extend through the as-made granules, the alkali solution can permeate throughout the 
structure. Some isolated defects, such as closed pores resulting from grain boundaries in the 
PMMA colloidal crystal template, are also present.  
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Figure 6.1 A compilation of characterization data from the 3DOM TiO2 including (a) a PXRD pattern, (b) 
a Raman spectrum, and (c) a representative SEM image of the ordered macroporous structure. Anatase and 
TiO2-B are detected in the material. 
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6.3.2 Microscopy Studies of the Alkali-Treated Materials 
 Once the starting 3DOM TiO2 was converted to hydrogen titanate and dried, electron 
microscopy was first used to determine the morphological changes induced through the 
alkali/ion-exchange treatment. Examining the SEM micrographs first (Figure 6.2), the 
morphology of the 3DOM network is clearly altered for the hydrogen titanate materials. For 
samples prepared at 70 °C and 100 °C, numerous filament-like projections are present throughout 
more than half of the region that was comprised of the 3DOM structure (Figure 6.2 a–d). These 
disordered filaments are only a few tens of nm in size and appear to coarsen slightly as the 
reaction temperature is increased. Countless mesopore-sized, interconnected void spaces exist 
between filaments. There are also areas (comprising 30 to 50 % of a given sample) that contain 
much finer projections and large, roughly circular mesopores (Figure 6.3 a, b). Upon close 
inspection, the larger mesopores are aligned in a periodic pattern that matches the parent 3DOM 
structure. Both aforementioned regions contain a small fraction of larger-diameter wires that can 
stretch up to tens of micrometers in length (highlighted by Figure 6.2 b, c). Comparing the 
samples dried in ambient conditions versus the samples dried using supercritical CO2, it is 
observed that a more open network of filaments is preserved when supercritical CO2 is used (as 
shown in the right column of Figure 6.2). Without any drying stresses, the collapse of the 
nanostructures into bundles is inhibited, and a finer, gossamer structure is maintained. By 
increasing the reaction temperature to 125 °C, structural changes accelerate. Wires are found that 
extend for micrometers and have diameters around 100 nm (Figure 6.2 e, f). Regions are present 
that contain ordered pores and fine filaments (Figure 6.3 c), but are less prevalent (< 30 % of a 
given sample).  
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Figure 6.2 A compilation of SEM micrographs for various hydrogen titanate samples. The following 
samples are shown: (a) 3DOM-70 °C-H-EtOH, (b) 3DOM-70 °C-H-CO2, (c) 3DOM-100 °C-H-EtOH, (d) 
3DOM-100 °C-H-CO2, (e) 3DOM-125 °C-H-EtOH, and (f) 3DOM-125 °C-H-CO2. Anywhere from 50 to 
70 % of a given sample resembles what is shown in these images. 
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Figure 6.3 SEM micrographs that show the other morphology found in the hydrogen titanate materials. 
Examples are given for each of the reaction temperatures: (a) 3DOM-70 °C-H-CO2, (b) 3DOM-100 °C-H-
EtOH, and (c) 3DOM-125 °C-H-CO2. The image in (b) is also an example of how this morphology is found 
in samples irrespective of the drying procedure used.  
 
 Better resolution of the overall morphology and the nanostructures present in the hydrogen 
titanate materials was accomplished through TEM imaging. When examining the micrographs of 
the samples, several things become immediately apparent. Most notably, a remnant of the 3DOM 
network exists, despite the dissolution-reprecipitation mechanism that occurs during the treatment 
of the 3DOM TiO2 in NaOH solution. When viewed at lower magnification, the hexagonal tiling 
of large macropores along the (111) plane can be observed (Figure 6.4 a, b, d). Other regions (see 
Figure 6.4 e for an example) possess periodic stripes of light and dark resulting from planes of 
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aligned macropores and planes filled with hydrogen titanate. Unlike the parent 3DOM TiO2, the 
contrast between the pore spaces and the network of connected nodes is less pronounced for the 
sample shown in Figure 6.4. This is due to the transformation of the TiO2 crystals into 
nanosheets. In the hydrogen titanate materials, numerous crumpled nanosheets extend into what 
used to be the spherical macropores of the unconverted 3DOM structure (Figure 6.5). Nanosheets 
(and any other nanomaterials) are far more numerous in the octahedral and tetrahedral nodes of 
the former 3DOM structure (see Figure 6.5 e for a good example). The partially-scrolled 
nanosheets are the small “filaments” that are observed in the SEM micrographs in Figure 6.2 and 
6.3, and the aligned dark spots in Figure 6.3 are from the low-density regions at the core of what 
used to be the spherical macropores. It also should be noted that some areas imaged in the 
hydrogen titanate samples lack any evidence that the 3DOM structure existed. Only a disordered 
network of crumpled nanosheets and nanowires is found in these regions (Figure 6.4 c, f). Unlike 
what is observed in the SEM images, the disordered morphology is fairly uncommon in the TEM 
specimens. SEM, which provides topographical information from surfaces, does not reveal that a 
substantial fraction of the underlying material retains a “memory” of the 3DOM network. Finally, 
the materials treated at 125 °C contain more nanowires and tubes than the other materials, as is 
observed in SEM images. 
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Figure 6.4 A series of TEM images of the hydrogen titanate materials taken at a low magnification. The 
following samples are shown: (a) 3DOM-70 °C-H-EtOH, (b) 3DOM-70 °C-H-CO2, (c) 3DOM-100 °C-H-
EtOH, (d) 3DOM-100 °C-H-CO2, (e) 3DOM-125 °C-H-EtOH, and (f) 3DOM-125 °C-H-CO2. Evidence of 
the ordered 3DOM network is observed in all of the materials; however, there are areas (c, f) that lack any 
remnant 3DOM structure. Nanowires are fairly prevalent in the materials treated at 125 °C. Images taken 
by Stephen Rudisill. 
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Figure 6.5 TEM images of the hydrogen titanate materials taken at a higher magnification. The following 
samples are shown: (a) 3DOM-70 °C-H-EtOH, (b) 3DOM-70 °C-H-CO2, (c) 3DOM-100 °C-H-EtOH, (d) 
3DOM-100 °C-H-CO2, (e) 3DOM-125 °C-H-EtOH, and (f) 3DOM-125 °C-H-CO2. The partially scrolled 
nanosheets that comprise the overwhelming majority of these materials are highlighted in the images. In 
some of the images, especially (e), the dense cores of the octahedral and tetrahedral nodes are clearly 
observed via thickness contrast. Images taken by Stephen Rudisill. 
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 Tracing morphological changes through the ion-exchange and pyrolysis processes is also 
important for understanding the structural changes occurring in the treated 3DOM TiO2. Prior to 
ion-exchange, the 3DOM TiO2 is converted first into sodium titanate. One such sodium titanate 
material, 3DOM-100 °C-Na-CO2, was washed with DI water, dried in supercritical CO2, and 
analyzed. As expected from earlier research studies, the initial conversion from 3DOM TiO2 to 
sodium titanate at relatively low reaction temperatures produces nanosheets (presumably via 
dissolution-reprecipitation).
37,41
 3DOM-100 °C-Na-CO2 has a similar structure to its proton-
exchanged counterpart as observed in SEM images (Figure 6.6), and has both ordered and 
disordered regions. The 3DOM network remnant can be resolved in low magnification TEM 
images (Figure 6.7 a) for 3DOM-100 °C-Na-CO2. Higher magnification images (Figure 6.7 b, c) 
show that partially-scrolled nanosheets extend into the macropore spaces. Ion-exchange with H
+
 
is thought to alter the structure of alkali titanate nanosheets and nanotubes, but electron 
microscopy does not provide any conclusive evidence that structural changes occur during ion 
exchange (compare Figure 6.7 with Figures 6.4 and 6.5). However, changes induced by ion 
exchange with H
+
 are notoriously difficult to visualize using microscopy
51,76
 and are more easily 
resolved by sorption analyses. 
 
 
Figure 6.6 SEM images of 3DOM-100 °C-Na-CO2. In (a) an area that contains a fair amount of nanowires 
and a more disordered morphology is shown. In contrast, in (b), finer filaments are present, and a remnant 
of the 3DOM structure is observed in at the upper left-hand side of the image. 
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Figure 6.7 TEM images of 3DOM-100 °C-Na-CO2 taken at various magnifications. At relatively low 
magnification, the outline of the original macropore network is observed in (a). When the magnification is 
increased, nanosheets can be clearly observed in the pore spaces of images (b) and (c). Scattered 
nanoparticles with a lattice spacing of (~0.63 nm) are found in the samples (see inset in c). The length of 
the scale bar in the inset is 2 nm. Images taken by Stephen Rudisill. 
 
 Although structural changes induced by ion exchange are not especially clear via analysis by 
microscopy, the changes induced by altering the pyrolysis temperature are readily apparent. 
Pyrolysis of 3DOM-100 °C-H-EtOH at 400 °C does not cause any substantial changes to the 
overall morphology. SEM images show the characteristic filament-like structure that is found in 
the unpyrolyzed materials (Figure 6.8). Some regions show evidence of the underlying parent 
periodic 3DOM structure (Figure 6.8 b). TEM images reveal the presence of numerous partially-
scrolled nanosheets typical of the parent hydrogen titanate material (Figure 6.9 a, b). Structural 
changes have been reported to be fairly limited after pyrolysis at 400 °C,
10,77,78
 mirroring what is 
observed here. Once the pyrolysis temperature for the 3DOM-100 °C-H-EtOH is increased to 500 
°C, another situation arises. While SEM and low magnification TEM images show a structure 
that closely resembles the non-pyrolyzed material (Figure 6.8 c, d and Figure 6.9 c), higher 
magnification TEM images reveal substantial changes. These images show that the nanosheets 
and nanotubes are converted into sub-10 nm crystallites, and that the crystallites are fused 
together in filament-like projections (Figure 6.9 d). As is discussed later, these crystallites are 
formed as a result of sintering processes as hydrogen titanate/TiO2-B is converted to anatase 
TiO2. 
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Figure 6.8 SEM images of (a, b) 3DOM-100 °C-H-EtOH-400 °C and (c, d) 3DOM-100 °C-H-EtOH-500 
°C. Regions with more disorder (a, d) (similar to those in Figure 6.2) and regions that retain evidence of the 
ordered macropore structure (b, c) are displayed. 
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Figure 6.9 TEM micrographs of (a, b) 3DOM-100 °C-H-EtOH-400 °C and (c, d) 3DOM-100 °C-H-EtOH-
500 °C. Nanosheets can still be observed in 3DOM-100 °C-H-EtOH-400 °C (b). While the periodic pattern 
indicative of the transformed 3DOM structure is visible for 3DOM-100 °C-H-EtOH-500 °C in (c), 
widespread conversion of the nanosheets to nanoparticles is observed in (d). Images taken by Stephen 
Rudisill. 
 
 Since the conditions used are fairly mild, it is not surprising that nanosheets are the dominant 
nanostructure found in the materials prepared using 3DOM TiO2 (except for the material 
pyrolyzed at 500 °C). In a morphological diagram compiled by Bavykin et al., nanosheets were 
observed for materials treated at 70 °C in 10 M NaOH (under ambient pressure), and nanotubes 
were found at 100 °C.
41
 Nanotubes/wires are also present in the 3DOM-70 °C/100 °C-H samples, 
albeit at a much lower frequency than the nanosheets (see Figure 6.2, for instance). Confinement 
of the nanosheets is afforded by the spherical macropores present in the 3DOM structure, leading 
to the bird’s nest-like structure observed in the TEM micrographs. Complete scrolling of the 
sheets is not possible in the pores, which allows for nanosheets to be the prevalent nanostructure. 
Nanosheets are preserved after treatment in reflux conditions, even though these conditions 
generally lead to the formation in nanotubes and nanowires of sodium titanate.
41,43,65
 However, it 
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appears that the kinetic barrier for complete scrolling is breached for a fraction of the multilayer 
sheets. Nanotubes and nanowires become also more numerous as the reaction temperature for the 
alkali treatment is increased, owing in large part to the increased energy supplied to the system. 
The origin of the differences between regions that retain a 3DOM remnant structure even at high 
temperatures versus those that do not is not fully clear. Hydrothermal syntheses of hydrogen 
titanate do contain heterogeneities, but this issue is frequently not discussed in the literature.
52
 In 
this case, surfaces and defects in the 3DOM TiO2 should enable scrolling, since the effects of 
confinement are limited in these regions. For instance, SEM images show that numerous 
nanotubes (or possibly nanowires) grow from the exterior surface of the hydrogen titanate 
granules (Figure 6.10 a). Cracks or grain boundaries in the original colloidal crystal template can 
also produce defective, non-porous, and unconfined surfaces. However, replication of terraces 
from the grain boundaries that are in the 3DOM structure is also observed (Figure 6.10 b). A 
possible reason for these heterogeneities is rapid dissolution of small particles, and this point is 
discussed below. 
 
 
Figure 6.10 Two SEM images from 3DOM-100 °C-H-CO2. The image in (a) shows an example of 
nanotubes that form on the exterior surfaces of granules. In (b), fractures along close-packed layers of the 
original 3DOM structure are preserved even after conversion and ion-exchange.  
 
6.3.3 Proposed Structural Transformation Sequence 
 With the information obtained via microscopy, a further discussion of a possible sequence of 
transformation steps from 3DOM TiO2 to the titanate nanostructure is warranted at this point. As 
seen in Figures 6.3 and 6.4, periodicity is clearly retained throughout the transformed 3DOM 
TiO2. However, confined nanosheets fill most of the volume in the spherical macropores of the 
original 3DOM structure. With higher magnification images, the regions that used to be 
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octahedral and tetrahedral nodes are more clearly observed. Either small crystallites or highly 
crumpled nanosheets lie at the center of the darker nodes, which are encased in multi-layer 
nanosheets (see Figure 6.5 e). The arrangement suggests that TiO2 progressively dissolves from 
the surface of the 3DOM structure, and then the soluble Ti
4+
 clusters begin to condense/crystallize 
in the alkali solution that fills the spherical macropores. Layered sodium titanate nucleates (as 
nanosheets) on TiO2 crystals that remain undissolved in the shrinking 3DOM skeleton. Localized 
nucleation of sodium titanate nanosheets onto undissolved TiO2 has also been observed in other 
studies.
37,42
 As the reaction progresses, nanosheets begin to scroll, which is possibly driven by 
mechanical stresses caused by uneven lateral sizes of the individual layers of the nanosheets.
45,79
 
Alternately, it may be that multiple layers exfoliate from thicker nanosheets and begin to scroll.
37
 
In either case, scrolling nanosheets should impact TiO2 crystallites and other nanosheets in the 
macropore spaces. This prevents further scrolling, resulting in the crumpled morphology 
observed in the microscopy images. Dissolution continues as more anatase TiO2 is exposed to the 
solution through the voids between deposited titanate sheets. These titanate sheets, after ion-
exchange, contribute to the diffraction rings observed in the selected area electron diffraction 
(SAED) patterns (Figure 6.12). Due to the substantial disorder encountered in the nanosheets,
44
 
diffraction rings are quite broad and weak. A more complicated situation arises at the core of the 
octahedral and tetrahedral nodes. At lower reaction temperatures (i.e. 70 °C), anatase crystallites 
remain in the 3DOM network. This is evidenced by a diffraction ring in SAED patterns that can 
be indexed to the anatase (004) plane (Figure 6.12 b) and, as is shown later, the presence of 
anatase vibrational modes in collected Raman spectra. Difficulties in transporting the aqueous 
alkali solution through the tortuous (and growing) titanate sheet network may impede the 
transformation. Interestingly, nanoparticles are present with a spacing between lattice fringes of 
~0.63 nm (Figure 6.11 a). This spacing corresponds well with the (110) plane of TiO2-B and the 
(031) plane in NaTi2O4(OH).
48
 It is not clear if these particles are residual TiO2-B from the 
3DOM TiO2, or converted sodium titanate that was incapable of transforming into nanosheets due 
to extreme confinement. Particles with similar spacings are also found in 3DOM-100 °C-Na-CO2 
(Figure 6.6 c). 
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Figure 6.11 Four TEM micrographs of the 3DOM-125 °C-H samples. In (a), nanocrystals present in 
3DOM-125 °C-H-EtOH are shown. The lattice spacing is ~0.63 nm in the crystals. Multi-μm long 
nanowires are shown in (b) for 3DOM-125 °C-H-EtOH. A partially unrolled nanotube can be observed in 
the center of (c), alongside a cluster of nanosheets. A close-up of a nanowire is given in (d) for 3DOM-125 
°C-H-CO2. The length of the scale bar in the inset is 2 nm. Images taken by Stephen Rudisill. 
 
 
Figure 6.12 Selected area electron diffraction pattern of (a) 3DOM-70 °C-H-EtOH and (b) 3DOM-70 °C-
H-CO2. Four rings with d-spacings of 0.36 nm, 0.19 nm, 0.15 nm and 0.12nm are present in the diffraction 
patterns. These match what is reported for lepidocrocite-like hydrogen titanate nanotubes,
80
 and match the 
diffraction peaks in PXRD patterns given later. The red arrows surround a ring with a d-spacing of 0.24 nm 
that corresponds to the (004) plane of anatase TiO2. Patterns collected by Stephen Rudisill. 
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 Nanosheets are the primary nanostructure found in the converted materials, but it is also 
important to address the presence of nanotubes and nanowires. Once most remaining TiO2 
crystals are dissolved (or the remaining 3DOM skeleton contains only a few extremely confined 
titanate crystals), the scrolling of nanosheets may accelerate near unconfined surfaces. Both the 
presence of 1-D nanostructures at the surface of monoliths (Figure 6.10 a) and the coarser, 
disordered nanostructures found in SEM images (Figure 6.2) may be a consequence of this 
phenomenon. The appearance of 1D nanostructures that are not obviously connected to the 
underlying granules of titanate, also warrants a further discussion. When the reaction temperature 
is at reflux (125 °C), scrolling is facilitated
41
 and disordered regions are more prevalent. Both 
nanotubes and, far more frequently, solid nanowires (Figure 6.11 c-d) are found in greater 
frequency for these materials when compared to materials processed at lower temperatures. 
Lattice spacings in the nanowires are around 0.84 nm, which is typical for 1D nanostructures of 
hydrogen titanate (Figure 6.11 d).
53
 Other researchers have observed that higher reaction 
temperatures promote dissolution of TiO2, provide adequate energy to scroll nanosheets into 
nanotubes, and allow for the filling of the nanotubes (which leads to the formation of 
nanowires).
38,39,41
 Beyond a temperature increase, stirring a reaction mixture has been shown to 
facilitate dissolution of TiO2, nucleation of sodium titanate throughout the mixture (via enhanced 
mass transport), and formation of nanowires.
81
 In the case of the 3DOM TiO2 processed at reflux, 
all these effects should come into play. For instance, larger particles of 3DOM TiO2 stay intact 
during processing, but smaller particles (sub-10 μm) appear to dissolve completely (they are not 
detected in the samples dried in ambient conditions). During the dissolution of the small 3DOM 
TiO2 particles (a process that may also occur quickly due to the small size of the anatase grains),
39
 
scrolling nanotubes can be released from the particles into the solution. It is also possible that 
mechanical stirring can dislodge nanowires and nanotubes from the lager granules of 3DOM 
material. Free nanotubes can aggregate in the reaction solution, and further transform into wires. 
Cao and co-workers found evidence that that nanotubes bundle during reaction in alkali solution 
(also observed here), and the inner spaces fill with additional deposited titanate.
40
 Aggregation 
and filling of the nanotubes, in the case of the 3DOM TiO2-based materials, should also lead to 
the formation of nanowires.  
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6.3.4 Electron Microscopy-Based Characterization of Alkali-Treated P25 TiO2 
 A final note should be made concerning the morphology of materials prepared using P25 TiO2 
instead of 3DOM TiO2. P25 consists of crystals of anatase and rutile TiO2 with grain sizes around 
20 to 30 nm.
46
 These grains can aggregate into larger clusters, but nothing exists that is equivalent 
to the fully-connected, mm-scale granules present in 3DOM TiO2. As a consequence, the P25-100 
°C-H-EtOH is comprised of irregular particles that range in size from several micrometers to 
several hundreds of micrometers (Figure 6.13 a). Each particle is comprised of aggregated 
nanosheets that have partially scrolled during the synthesis procedure (Figure 6.13 c). Since the 
P25 powder lacks an ordered macropore structure, there is no evidence of a periodic 
nanostructure in the P25-100 °C-H-EtOH. The nanosheets in this material also appear to have 
larger lateral dimensions, which is probably from the absence of any confinement afforded by a 
larger structure (as is the case for materials prepared with 3DOM TiO2). Pyrolysis at 400 °C does 
not cause any significant changes to the morphology found in P25-100 °C-H-EtOH (Figure 6.13 
b, d). 
 
Figure 6.13 SEM (a, b) and TEM (c, d) micrographs of the materials prepared using P25 TiO2. P25-100 
°C-H-EtOH (a, c) and P25-100 °C-H-EtOH-400 °C (b, d) are both shown. The morphologies of the two 
materials are similar. TEM images taken by Stephen Rudisill. 
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6.3.5 UV-Visible Spectroscopy of Selected Titanate and Pyrolyzed Titanate Materials 
 Despite the structural transformations induced in the titanate materials prepared using 3DOM 
TiO2, UV-visible spectroscopy reveals the unmistakable hallmarks of photonic stop bands (Figure 
6.14). Since TEM images show a clear difference in the amount of nanosheets present in the 
former macropore spaces versus the densely-packed octahedral/tetrahedral nodes (i.e. Figure 6.5), 
a periodic difference in the refractive index exists in the 3DOM TiO2-based materials. As a result, 
photonic peaks are expected in the UV-visible spectra.
82
 To show that any peaks in the 
reflectance spectra originate from photonic stop bands, the pore spaces were filled with ethanol. 
Ethanol has a higher refractive index than air (1.36 vs. 1), and should alter the stop band 
position.
83
 A sample that was not pyrolyzed, the white-colored 3DOM-100 °C-H-EtOH, shows 
high reflectance across the visible spectral range (Figure 6.14 a). Though it is somewhat difficult 
to resolve, a shoulder/peak is present at ~470 nm that shifts to ~565 nm with addition of ethanol. 
Since the average refractive index increases when ethanol fills the pore network, the redshift is 
expected. Once the samples are pyrolyzed, reflectance decreases substantially, and the samples 
appear bluish purple. While it is not completely clear why the reflectance decreases (it may be 
from Ti
3+
 ions that form during the heating of hydrogen titanate),
84,85
 a similar decrease in 
reflectance is also observed for non-photonic P25-100 °C-H-EtOH-400 °C (Figure 6.14 b). When 
a 3DOM material absorbs more incoming light, its structural color is significantly enhanced.
75
 
This is observed for the spectra of the pyrolyzed materials, which contain distinct peaks from 
photonic stop bands (presumably originating from the (111) planes). Similar to what is observed 
for the non-pyrolyzed sample, filling the pores with ethanol causes a red-shift in the stop bands 
and produces green coloration (see Table 6.1 for positions). The photonic stop band for the 
material pyrolyzed at 500 °C is blue-shifted relative to the material pyrolyzed at 400 °C. 
Shrinkage of the structure from sintering is probably the cause of the blue-shift; however, 
refractive index changes in the solid may also have an impact.
75
 Finally, when non-structured P25 
is used as a starting material, no indication of photonic stop bands can be observed (Figure 6.14 
b).  
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Figure 6.14 UV-visible spectra of various samples prepared from (a) 3DOM TiO2 and (b) P25 TiO2. 
3DOM-100 °C-H-EtOH, 3DOM-100 °C-H-EtOH-400 °C, and 3DOM-100 °C-H-EtOH-500 °C are shown 
in (a). All these materials display photonic stop bands that shift upon infiltration with ethanol. These bands 
are absent in the spectra from P25-100 °C-H-EtOH and P25-100 °C-H-EtOH-400 °C shown in (b). 
 
 
Table 6.1. Photonic and electronic band gap data determined from various samples. 
Sample 
ethanol in 
pores? 
stop band center 
(nm) 
reflectance at 
 800 nm (%) 
band gap 
(eV)
a 
3DOM-100 °C-H-EtOH No 469 69.0 3.50 
3DOM-100 °C-H-EtOH Yes 565 34.1 b
 
3DOM-100 °C-H-EtOH 
pyrolyzed at 400 °C 
No 470 8.9 3.31 
3DOM-100 °C-H-EtOH 
pyrolyzed at 400 °C 
Yes 575 3.8 b
 
3DOM-100 °C-H-EtOH 
pyrolyzed at 500 °C 
No 441 5.2 3.26 
3DOM-100 °C-H-EtOH 
pyrolyzed at 500 °C 
Yes 537 2.7
 b 
P25-100 °C-H-EtOH No c
 
69.4 3.51 
P25-100 °C-H-EtOH Yes c
 
42.7 b
 
P25-100 °C-H-EtOH 
pyrolyzed at 400 °C 
No c
 
38.2 3.32 
P25-100 °C-H-EtOH 
pyrolyzed at 400 °C 
Yes c
 
19.6 b
 
a 
 Band gap estimated using a Kubelka-Munk transformation as discussed in the text. 
b
 Only calculated for dry materials.   
c
 Material is not photonic. A stop band is not present. 
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 All UV-visible reflectance spectra presented contain a band edge that is typical of hydrogen 
titanate or anatase TiO2. Estimated band gaps for the materials were determined by first applying 
the Kubelka-Munk transformation to the reflectance spectra. The band edge of the transformed 
spectra was fit with a linear function, and a band gap was extracted from the intersection of the fit 
line with the x-axis (Table 6.1). 3DOM-100 °C-H-EtOH has the largest estimated band gap, and 
this gap decreases as the pyrolysis temperature is raised. Other researchers have observed a 
similar red shift in the band edge of titanate nanomaterials as they are heated to increasing 
temperatures.
86
 This is due to the conversion process from hydrogen titanate to TiO2-B/anatase. 
The TiO2 polymorphs have similar band gaps that are smaller than for hydrogen titanate.
86
 For 
3DOM-LG-100 °C-H-EtOH-500 °C, the estimated band gap is 3.27 eV, which is close to that of 
bulk anatase (~3.2 eV) and may be slightly elevated due to the small size of the crystallites. Also, 
that particular sample is comprised of a combination of TiO2-B and anatase, which may 
contribute to the higher band gap. Band gaps for the P25-based materials are nearly identical to 
their counterparts made via 3DOM TiO2 (Table 6.1). 
 
6.3.6 Textural Properties of All Titanates and Pyrolyzed TiO2 Materials 
 Further information concerning the morphology and textural properties of titanate materials 
and their derivatives was obtained via nitrogen sorption. All isotherms obtained from the 3DOM 
TiO2-based hydrogen titanate materials possess clear hysteresis loops indicative of mesoporosity 
(Figure 6.15 a). These isotherms also show evidence of macroporosity in the materials, since the 
isotherms have a sharp rise in gas volume adsorbed near P/Po=1. Both of these findings are 
consistent with what is observed in the micrographs collected using SEM/TEM. Macropores exist 
in the transformed remnant of the 3DOM network, in spaces between bundled nanotubes/wires, 
and between larger granules. Mesopores are present in scrolled nanotubes, but the majority of the 
pores lie between partially scrolled nanosheets. Since complete transformation of the nanosheets 
into nanotubes did not occur, the BET specific surface areas of the hydrogen titanate materials are 
extremely high (Table 6.2). Powders of hydrogen titanate nanotubes generally have BET surface 
areas between 200 to 300 m
2
/g,
10
 however the BET surface area of 3DOM samples exceed 500 
m
2
/g in some cases. Drying in supercritical CO2 helps prevent aggregation from stresses induced 
from solvent evaporation. As a consequence, a slight increase in the BET specific surface area is 
observed in supercritically dried samples when compared to samples dried in ambient conditions 
(Table 6.2). BET surface areas decrease slightly when the reaction temperature is changed from 
70 °C to 100 °C, and then the surface areas decline substantially when the reaction temperature is 
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set at 125 °C. Electron microscopy shows that many more nanotube/nanowires exist in the 
3DOM-125 °C-H-EtOH/CO2 and this leads to a lower BET surface area. This is similar to what 
has been observed other studies that used untemplated TiO2 as a precursor.
38,51,87
 Total pore 
volumes are very high for all materials studied, but do not appear to follow any trend. 
 To gain insight into the pore structure present in these materials, the BJH method was used to 
estimate mesopore size distributions (Figure 6.15 b). For samples treated at reaction temperatures 
of 70 °C and 100 °C, the calculated pore size distributions are very similar. The average pore size 
is close to 10 nm for the samples (see Table 6.2), and a secondary, partially cut-off peak is 
present near 2.5 nm. Titanate nanotubes should have a fairly narrow inner diameter, and are likely 
responsible for the peak below 3 nm the pore size distribution.
10,38
 However, the primary peak in 
the distribution for all of the 3DOM-LG-70 °C/100 °C-H is from pores that lie between 
aggregated, partially-rolled nanosheets. These pores are responsible for much of the gas adsorbed 
onto the materials, and are the origin of the hysteresis loops. Similar behavior has been observed 
in other materials comprised of aggregated titanate nanotubes.
45,51
 Increasing the reaction 
temperature to 125 °C causes the BJH pore size distribution to broaden significantly and causes 
the average pore size to increase (Table 6.2). Again, the materials processed at 125 °C contain a 
significant fraction of aggregated nanotubes and nanowires. The pore spaces between these 
nanostructures (separate from the nanosheets) contribute to the broadening of the pore size 
distribution, which is also observed in other studies.
45,87
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Figure 6.15 Nitrogen sorption isotherms (a) and Barrett-Joyner-Halenda pore size distributions (b) for the 
hydrogen titanate materials prepared from 3DOM TiO2. All isotherms contain hysteresis characteristic of 
mesoporosity, and have a significant rise in volume adsorbed at high relative pressures, which is indicative 
of macroporosity. The pore size distributions tend to broaden and the average pore size increases as the 
reaction temperature is raised. 
 
 
 271 
 
Table 6.2. Relevant textural properties obtained from sorption isotherms of the alkali-treated materials. 
Sample 
BET surface 
area (m
2
/g) 
total pore 
volume (mL/g) 
average pore 
 diameter (nm) 
3DOM-70 °C-H-EtOH 472 1.3 7.4 
3DOM-70 °C-H-CO2 530 1.4 8.9 
3DOM-100 °C-H-EtOH 481 1.4 11.2 
3DOM-100 °C-H-CO2 507 1.4 9.0 
3DOM-125 °C-H-EtOH 338 1.5 13.0 
3DOM-125 °C-H-CO2 396 1.8 15.3 
3DOM-100 °C-Na-CO2 281 0.93 11.3 
3DOM-100 °C-H-EtOH 
pyrolyzed at 400 °C 
402 1.5 11.3 
3DOM-100 °C-H-EtOH 
pyrolyzed at 500 °C 
218 0.87 13.0 
P25-100 °C-H-EtOH 344 1.5 3.0a 
P25-100 °C-H-EtOH 
pyrolyzed at 400 °C 
335 1.4 3.1a 
a 
Pore size skewed to a low diameter due to the broadness of the distribution. 
 
 Additional isotherms and BJH pore size distributions were collected for 3DOM-100 °C-Na-
CO2 and the pyrolyzed samples (Figure 6.16). In terms of the textural changes induced by the 
processing steps, the observed behavior of the 3DOM materials is similar to other reports on 
alkali-treated TiO2. 3DOM-100 °C-Na-CO2 has a lower BET surface area than the materials that 
undergo ion-exchange with H
+
 (see Table 6.2). Furthermore, the peak at ~2.5 nm in the BJH plot 
disappears for the sodium titanate. Different research groups have conducted studies on the 
changes induced in alkali titanates by ion exchange with H
+
, and these studies have revealed that 
BET specific surface areas increase after that exchange. As discussed earlier, microscopy does 
not yield clues as to what morphological changes occur due to ion exchange. Morgado, et al. 
determined that exchanging Na
+
 for H
+
 in titanate materials causes both a decrease in density and 
a reduction in the wall thickness.
51
 These changes can cause an increase in the surface area and 
alter the size of mesopores at the center of nanotubes. The same phenomenon occurs for the 
3DOM-100 °C-Na-CO2 and the 3DOM-100 °C-H-CO2. Pyrolysis at 400 °C causes a decrease in 
BET surface area relative to the ion exchanged material; however, the pore size distribution and 
pore volume changes little from the 3DOM-100 °C-H-EtOH. Once the pyrolysis temperature is 
increased to 500 °C, substantial textural changes occur in the material. The BET surface area of 
the material plunges to ~200 m
2
/g, and the pore size distribution changes. An important change in 
the distribution is the loss of the peak near 2.5 nm, which is attributed to the collapse of the 
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interior space of scrolled nanotubes. Conversion of the nanostructured titanates to TiO2 
crystallites, as observed in the micrographs (Figure 6.9), is undoubtedly responsible for these 
changes. 
 
 
Figure 6.16 Nitrogen sorption isotherms (a) and Barrett-Joyner-Halenda pore size distributions (b) for 
various materials prepared from 3DOM TiO2. This includes the sodium titanate material that was not ion-
exchanged and the pyrolyzed samples. For the 3DOM-100 °C-Na-CO2, the volume of gas adsorbed is 
lower than its ion-exchanged counterpart, and the hysteresis is not as pronounced. Pyrolysis of 3DOM-100 
°C-H-EtOH at 400 °C does not result in a significant change to the isotherm. However, a substantial 
decrease in the volume adsorbed occurs after pyrolysis at 500 °C. 
  
 273 
 
 The textural properties of the two P25-based control materials are better understood in context 
of the prior discussion of the 3DOM TiO2-based materials. Isotherms and BJH pore size 
distributions for materials prepared using P25 TiO2 are shown in Figure 6.17. Additional 
information obtained from the isotherms is presented in Table 6.2. When comparing the similarly 
prepared samples 3DOM-100 °C-H-EtOH and P25-100 °C-H-EtOH, it can be observed that 
changing the parent TiO2 material results in significant textural changes. The BET surface area is 
~125 m
2
/g lower for the material prepared using P25 TiO2. Similar to the 3DOM-125 °C-H-
EtOH, the pore size distribution for the P25-100 °C-H-EtOH is broad. Micrographs (discussed 
above, Figure 6.13) show that partially-scrolled nanosheets comprise the P25-100 °C-H-EtOH. 
Without the structural confinement provided by the spherical macropores of a 3DOM network, 
mesopores that lie between titanate nanostructures formed in the P25 aggregates take on a wide 
range of sizes. This results in the substantial broadening of the pore size distribution for the 
materials. In addition, the P25 TiO2-based materials contain sheets that extend over a greater 
lateral area, which may contribute to a lowering of the surface area when compared to 3DOM 
TiO2-based materials. The pore size distribution, BET surface area, and total pore volume all do 
not change much after pyrolysis at 400 °C. 
 
 
Figure 6.17 Nitrogen sorption isotherms (a) and Barrett-Joyner-Halenda pore size distributions (b) for the 
materials prepared from P25 TiO2. Hysteresis loops are found in the isotherms, but these loops are 
narrower than those observed in materials prepared 3DOM TiO2. As a consequence, a relatively broad pore 
size distribution is obtained. Pyrolysis at 400 °C causes little change to the isotherm/pore size distribution.   
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6.3.7 Crystalline Phases Present in the Prepared Titanates and TiO2 Materials 
 Based on the morphological studies presented above, it is hardly surprising that the PXRD 
patterns obtained from the 3DOM TiO2-based samples contain reflections that correspond to 
those found in titanate nanotubes/nanosheets (Figure 6.18). The literature pattern, reported by 
Hara and co-workers, is from a crystal structure that is closely related to lepidocrocite hydrogen 
titanate (H0.7Ti1.825□0.175O4∙H2O, where □ is a vacancy) and found in hydrogen titanate 
nanotubes.
19
 Other research groups have also obtained similar patterns, but peak positions shift 
slightly from report to report.
51,80,88
 Intensities for the reflections of the “nanotube phase” are not 
frequently reported, but the reflections near 30 and 58 °2θ are often the two most intense peaks in 
the reported patterns.
51,80,88
 Even though a good match with this lepidocrocite-phase is observed, 
the presence of anatase or TiO2-B cannot be discounted due to overlap with high intensity peaks. 
It is likely that the 3DOM-LG-70 °C-H-CO2 contains a minor contribution from anatase, since the 
peak near 29 °2θ is shifted relative to the other samples. One anomaly observed in the patterns 
shown in Figure 6.18 is the absence of the peak at ~11 °2θ from the (020) plane in the titanate 
crystal lattice. Only the pattern for the 3DOM-125 °C-H-CO2 clearly contains this peak. Layers of 
edge-sharing TiO6 units lie parallel to the (020) plane in the lepidocrocite-like crystal structure 
present in titanate nanotubes. These layers are stacked parallel to each other in nanosheets (and 
nanowires) or are curved in the case of nanotubes.
89
 All of the titanate materials prepared from 
3DOM TiO2 contain highly distorted, partially-scrolled nanosheets and these sheets have varying 
lattice spacings for the (020) as observed in TEM microscopy. A greater fraction of completely-
rolled nanotubes and nanowires are present in the 3DOM-125 °C-H-EtOH/CO2 samples. Since 
more layers of TiO6 octahedra are aligned and undistorted in these structures (see Figure 6.11 d), 
it is logical that the (020) reflection can be resolved. Subtle differences in the washing may 
contribute to the differences in the reflections of the samples prepared at reflux.
51
 Finally, it 
should be noted that no systematic difference between the patterns for the -EtOH versus -CO2 
samples is found. This is to be expected, since changes in drying conditions should not alter the 
crystal structure.  
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Figure 6.18 Powder X-ray diffraction patterns of the hydrogen titanate samples prepared from 3DOM 
TiO2. All patterns contain reflections that match a previously reported hydrogen titanate phase found in 
nanotubes/nanosheets. 
†
Pattern from [19].  
 
 With regards to the other samples prepared from 3DOM TiO2, substantial changes in the 
crystal structure are tracked as the samples are processed and pyrolyzed (Figure 6.19). For 
3DOM-100 °C-Na-CO2, the PXRD pattern closely matches pseudolepidocrocite sodium titanate 
(NaTi2O4(OH) as reported by Peng, C.-W. et al.).
48
 This compound is comprised of infinite 1D 
chains of TiO6 octahedra that share edges with other chains; the chains of TiO6 exist as layers 
with the sodium ions present in between the layers. Slight distortions in the peak positions seen 
Figure 6.19, are from the fact that the pattern is obtained from a material primarily comprised of 
nanosheets and nanotubes. Since Na
+
 is present in the material, the (020) peak near 11 °2θ is 
easily observed in the pattern.
51
 Another lepidocrocite-like titanate is formed after ion-exchange 
(as described above), and this crystal structure retains the TiO6 edge-sharing motif. A major 
crystallographic difference between the orthorhombic sodium versus hydrogen titanate is that the 
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sodium titanate is C-base-centered and the hydrogen titanate is body centered.
90
 As the sample is 
heated, an expected series of compositional and crystal polymorph changes occurs. After the 
3DOM-100 °C-H-EtOH is pyrolyzed at 400 °C, the pattern contains peaks that correspond to the 
reflections present in monoclinic TiO2-B. Layered hydrogen titanates dehydrate and generally 
form TiO2-B upon heating,
54
 a phenomenon which is clearly observed here. The hydrogen titanate 
reflections and TiO2-B reflections overlap, so it is difficult to determine the extent of remaining 
hydrogen titanate. However, any hydrogen titanate is clearly removed by pyrolysis at 500 °C. 
Most of the small crystallites spotted via electron microscopy are anatase TiO2 (crystal size 
estimated at 7.8 nm), which co-exists alongside a small amount of untransformed TiO2-B. 
 
 
Figure 6.19 PXRD patterns of the sodium titanate and pyrolyzed materials prepared from 3DOM TiO2 and 
several other patterns for comparison. The sodium titanate matches a previously reported pattern for 
NaTi2O4(OH). As the pyrolysis temperature is increased for the 3DOM-100 °C-H-EtOH, hydrogen titanate 
is converted to TiO2(B) and then to anatase TiO2. 
†
Pattern from [17]. 
§
Pattern from [48].  
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 Confocal Raman microscopy provided confirmation of the PXRD results, along with 
additional insight into the titanate and TiO2 polymorphs in the samples. Analysis of the Raman 
spectra of titanate-containing materials can be complicated by the variations in the composition of 
titanates and by changes induced in the crystal structure by nanosheet scrolling.
88,91,92
 Attempts 
have been made to identify the vibrational modes that should be found in spectra of 
nanostructured hydrogen titanate. Gao and co-workers conducted factor group analysis for two 
common hydrogen titanates, monoclinic H2Ti3O7 (more than 14 modes) and an orthorhombic 
lepidocrocite phase (9 modes).
88,89
 Experimental spectra of both phase pure hydrogen titanates 
were collected, and peaks were assigned to various Ti-O stretching vibration. Spectra obtained 
from titanate nanotubes and stacked nanosheets of hydrogen titanate contain similar vibrational 
modes to the lepidocrocite phase. Morgan et al. also reported on the Raman spectra of hydrogen 
titanate nanotubes, and found vibrational modes close to what was reported earlier by Gao’s 
team.
46
 The 3DOM-70 °C/100 °C/125 °C-H all contain modes that are indicative of 
nanostructured hydrogen titanate with the lepidocrocite-like structure (Figure 6.20), corroborating 
the PXRD results. Strong vibrations are present near 280 cm
-1
 (occasionally a doublet), 450 cm
-1
, 
and 700 cm
-1
 in all spectra displayed in Figure 6.20. The three peaks correspond to symmetric Ag 
modes involving the Ti-O-Ti framework, and are found in the layered lepidocrocite structure.
88
 
Other peaks that correspond to Ti-O-Ti vibrations identified in earlier reports are present near 200 
cm
-1
 and 380 cm
-1
 (the latter of which may arise from edge-sharing between TiO6 units.
44,46
 
Weaker Ti-O vibrations that arise from surfaces and a possible overtone of the 450 cm
-1
 peak (at 
~930 cm
-1
) are found past 700 cm
-1
.
46,92
 However, two other vibrations (at roughly 550 and 660 
cm
-1
) that should exist in a lepidocrocite crystal structure are absent. This might be a result of 
overlap with the broad peaks generated from the nanocrystalline material or distortions in the 
crystal structure induced by scrolling; both possibilities that were discussed by Gao and co-
workers.
88
 Though the most intense mode of anatase (Eg at 144 cm
-1
) is absent, the Eg vibration at 
640 cm
-1
 is present. In the samples reacted at the lowest temperature, 3DOM-70 °C-H-EtOH/CO2, 
a small fraction of regions analyzed contain far stronger anatase vibrations (Figure 6.21). 
Conversion appears to be impeded in certain regions (as observed in the SAED patterns shown in 
Figure 6.12), but strong anatase vibrations are not found in samples processed at 100 °C and 125 
°C. It is reasonable to assume that the higher reaction temperature facilitates dissolution allows 
for further conversion of any residual anatase. The intensity of the vibration at 640 cm
-1
 also 
decreases with the increase in reaction temperature, and is nearly non-existent for samples treated 
at 125 °C. Finally, removal of moisture (via heating or freeze-drying has been observed to narrow 
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the width of Raman peaks; however, peaks of the hydrogen titanates prepared from 3DOM TiO2 
are all similarly broad.
92
 This may indicate that re-hydration of the titanate materials is rapid, 
probably due to the high surface area of the material. 
 
 
Figure 6.20 Representative Raman spectra of the hydrogen titanate samples collected using a confocal 
Raman microscope. Most peaks are matched to vibrations from a lepidocrocite crystal structure (brown); 
however, one of the Eg modes of anatase is also present (green). 
†
Modes closely match those reported in 
[88]. 
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Figure 6.21 Additional Raman spectra of the 3DOM-70 °C-H-EtOH/CO2 samples that contain relatively 
strong anatase vibrations. Typically, the vibrations for anatase are far weaker and a spectrum resembles 
Figure 6.20. 
†
Modes closely match those reported in [88]. 
 
 Raman spectroscopy can also serve as a means for probing crystal structure changes brought 
on by ion exchange/pyrolysis. In Figure 6.22, representative Raman spectra are presented for the 
3DOM-100 °C-Na-CO2, the corresponding hydrogen titanates, and the pyrolyzed TiO2. The 
spectrum of the sodium titanate sample matches those of a previously reported 
pseudolepidocrocite crystal structure,
46,48
 consistent with the PXRD pattern. As discussed above, 
ion exchange from an alkali titanate to hydrogen titanate generally does not cause substantial 
changes in the layered titanate structure.
48,90
 For the hydrogen titanate materials, including 
3DOM-100 °C-H-CO2, the hallmarks of a distorted orthorhombic lepidocrocite phase (closely 
related to the pseudolepidocrocite phase) are present. Pyrolysis initially brings about conversion 
of hydrogen titanate to TiO2-B, as is observed in the PXRD pattern. Multiple vibrational modes 
that belong to the TiO2-B phase are identified;
93
 however, the Raman spectra still contains 
vibrations that are typical of hydrogen titanate. It appears that conversion is not complete at 400 
°C and a fraction of hydrogen titanate remains; this clarifies what is observed in the PXRD 
pattern since most TiO2-B and hydrogen titanate peaks overlap. Dehydration and rearrangement 
of the titanate is not complete at 400 °C for this material.
48,54,94
 By 500 °C, the same 
transformation observed in the PXRD pattern is observed in the Raman spectrum. The 3DOM-
100 °C-H-EtOH-500 °C contains strong anatase modes and some residual TiO2-B modes. 
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Figure 6.22 Representative Raman spectra for the sodium titanate and pyrolyzed samples. 
§
Vibrations 
present in the sodium titanate material closely match those from a pseudolepidocrocite phase reported in 
†
Modes match those reported in [46]. Pyrolysis of the hydrogen titanate leads to the formation of TiO2-B 
and eventually anatase. *Modes match those reported in [93]. 
  
 Finally, the P25-based materials were analyzed using a combination of PXRD and Raman 
spectroscopy. For the P25-100 °C-H-EtOH, both the PRXD patterns and Raman spectra reveal 
that hydrogen titanate is present (Figure 6.23). The peaks in the PXRD and Raman spectra match 
what is observed for the 3DOM-100 °C-H-EtOH, suggesting that the same lepidocrocite-like 
phase is present. Considering that the same reaction conditions are used for both samples, the 
formation of the same crystal structure is expected. One difference between the materials 
prepared from P25 TiO2 versus the ones made from 3DOM TiO2 is that anatase vibrations in the 
Raman spectra are stronger in the non-pyrolyzed material prepared from P25 TiO2 (Figure 6.23 
b).  Problems with transport through the agglomerated P25 TiO2 may preserve the anatase TiO2 
better than 3DOM TiO2 precursor that contains an interconnected pore network. Another 
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difference is that an impurity phase is present in the transformed P25 TiO2. This phase can be 
matched to rutile TiO2, which did not convert into sodium titanate. The rutile TiO2 has extremely 
narrow peaks, which means it has a large crystallite size. Both large crystallites of TiO2 and rutile 
TiO2 are known to require more forcing conditions for conversion to sodium titanate, so the rutile 
impurity remains in the P25-100 °C-H-EtOH.
39,44,51
 Once the P25-based material is pyrolyzed at 
400 °C, both anatase and TiO2-B are present in the material. Unlike the 3DOM TiO2-based 
counterpart, conversion of hydrogen titanate to TiO2 is far more pronounced in P25-100 C-H-
EtOH-400 °C. It may be that the non-ordered, aggregated structure of this material allows for a 
greater extent of sintering, which facilitates conversion to anatase. This pyrolyzed material also 
contains the rutile impurity, since rutile is the thermodynamically stable polymorph of TiO2 for 
most grain sizes.
95
 
 
 
Figure 6.23 PXRD patterns (a) and Raman spectra (b) from hydrogen titanate materials prepared using P25 
TiO2. The non-pyrolyzed materials contains the same lepidocrocite-like hydrogen titanate phase observed 
in the materials prepared using 3DOM TiO2. Pyrolysis at 400 °C results in the formation of TiO2-B and a 
majority of anatase TiO2. A crystalline rutile TiO2 impurity is observed in the PXRD patterns.  
 
6.3.8 Electrochemical Behavior of Selected Materials 
 Three materials characterized in the previous sections, 3DOM-100 °C -H-EtOH-400 °C, 
3DOM-100 °C -H-EtOH-500 °C, and P25-100 °C-H-EtOH-400 °C, were subsequently tested as 
anode materials for lithium ion batteries. These specific materials were selected in order to 
explore questions about how structural and compositional changes impact the insertion/extraction 
of lithium ions. First, how does the choice of parent material (3DOM TiO2 vs. P25) alter the 
capacity for lithiation? Second, does raising the pyrolysis temperature and producing the anatase 
polymorph, while sacrificing surface area in the process, result better capacities or capacity 
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retention? These questions are each addressed in this section. Finally, a discussion of extended 
cycling behavior and impact of binder content is presented at the end of this section. 
 The structures of materials prepared from 3DOM TiO2 differ considerably from materials 
prepared from P25 TiO2, so it should come as no surprise that the capacities of the prepared 
electrodes are different. By using 3DOM TiO2, nanostructured TiO2-B and anatase with 
extremely high surface areas and interconnected pore structures are produced. This morphology 
should allow for complete suffusion of the electrolyte within the material, short diffusion lengths, 
and a large interfacial area for electrochemical reactions. However, 3DOM-100 °C -H-EtOH-400 
°C has much lower capacities at all tested rates than lower surface area P25-100 °C-H-EtOH-400 
°C (Figure 6.24). Another difference is observed in the voltage profiles of the two materials 
(Figure 6.25 a, b), with the profiles of P25-based material displaying plateaus (at ~1.7 V vs. 
Li/Li
+
) indicative of biphasic electrochemical insertion into anatase TiO2.
96
 Anatase is detected 
(Figure 6.19 and 6.22) in the PXRD pattern and Raman spectra from this material, so this is 
expected. After these plateaus, a sloping profile (Figure 6.25 a, b) is observed for both the 3DOM 
TiO2 and P25-based materials that is typical for nanostructured TiO2-B. In nanostructured TiO2-
B, a pseudocapacitive charge storage mechanism occurs, since lithiation/delithiation proceeds at a 
variety of surface/sub-surface sites generated by the disorder present in the TiO2-B.
66
 As a 
consequence, lithiation no longer occurs at a fixed potential and sloping profile is found.
26,63
 The 
surface energy is also altered as lithiation proceeds in TiO2-B nanomaterials.
17
 Hydrogen titanate, 
which is also present in the 3DOM-100 °C-H-EtOH-400 °C, exhibits a similar pseudocapacitive 
mechanism that originates disorder in the nanostructures.
64
 No plateaus are observed for 3DOM-
100 °C-H-EtOH-400 °C, suggesting that charge storage occurs primarily through a 
pseudocapacitive charge storage mechanism in TiO2-B and hydrogen titanate. This is in-line with 
the characterization of 3DOM-100 °C -EtOH-400 °C, which shows little evidence of anatase 
TiO2. 
 
 
 
 283 
 
 
Figure 6.24 Rate performance data for 3DOM-100 °C-H-EtOH-400 °C, 3DOM-100 °C-H-EtOH-500 °C, 
and P25-100 °C-H-EtOH-400 °C. The electrodes that contain materials synthesized from 3DOM TiO2 have 
lower capacities than the P25 control material. In addition, 3DOM-100 °C-H-EtOH-400 °C and 3DOM-100 
°C-H-EtOH-500 °C lose capacity fairly precipitously from cycle to cycle. 
 
 
Figure 6.25 Voltage profiles for P25-100 °C-H-EtOH-400 °C (a), 3DOM-100 °C-H-EtOH-400 °C (b), and 
3DOM-100 °C-H-EtOH-500 °C (c). Electrodes that contain anatase TiO2 (a, c), also have plateaus that 
originate from biphasic lithium insertion/extraction. 
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 While the presence of TiO2-B and high surface areas usually leads to good anode performance, 
3DOM-100 °C-H-EtOH-500 °C is found to have higher capacities at all rates than the 
corresponding material pyrolyzed at 400 °C (Figure 6.24 c). For 3DOM-100 °C -H-EtOH-500 °C, 
anatase is the major polymorph of TiO2 detected. As the structure densifies during heat-treatment, 
the specific surface area also decreases by over 200 m
2
/g. It would seem that these extensive 
changes, which at first glance appear to be detrimental, actually result in much higher capacities 
at moderate rates. The changes in the TiO2 polymorph also generate substantial alterations to the 
voltage profile (Figure Figure 6.25 c). In the material pyrolyzed at 500 °C, a plateau appears near 
1.75 V vs. Li/Li
+
 (during insertion of Li
+
 into the TiO2) and 2 V vs. Li/Li
+
 (during extraction) at 
low C-rates. This plateau is a result of the co-existence of a Li-poor tetragonal phase (similar to 
the parent anatase) and a Li-rich orthorhombic phase.
17,70
 At low C-rates, there also is an 
indication that two phases related to TiO2-B are formed during (de)lithiation. A shoulder is 
present near 1.5 V vs. Li/Li
+
 in the discharge curve that corresponds to a two phase system for 
TiO2-B.
26
 With increasing C-rate, a fairly pronounced shift occurs in the voltage at which these 
plateaus are observed. Concentration overpotential is responsible for the shift, and the poor 
electronic transport properties of TiO2 probably play a central role. Charge storage originating 
from a solid solution mechanism or interfacial charge storage takes place after the biphasic 
regime.
57
  
 Cyclic voltammetry provided more insight into the electrochemical properties of the materials 
tested in the half-cells was obtained through cyclic voltammetry (Figure 6.26). Unlike what was 
observed in chapter 5 for PF- and Sucrose-TiO2/C, peaks in the anodic and cathodic sweeps can 
be easily resolved for most of the samples. Since the sweep rate (5 mV/s) is fairly rapid, the 
locations of peaks that result from biphasic insertion/extraction into TiO2 are displaced from the 
voltages typically given for low rates (without any kinetic limitations). TiO2-B and anatase TiO2 
are found in P25-100 °C-H-EtOH-400 °C (Figure 6.26 a) and 3DOM-100 °C-H-EtOH-500 °C 
(Figure 6.26 c), and four redox peaks (two on each sweep) can be identified. Insertion and 
extraction into TiO2-B occurs at lower voltages than anatase TiO2, so the peaks near 2 V vs. 
Li/Li
+
 on the anodic sweep and near 1.15 V vs. Li/Li
+
 on the cathodic sweep are from TiO2-B.
77
 
The other peaks, at ~2.3 V vs. Li/Li
+
 on the anodic sweep and at ~1.5 V vs. Li/Li
+
 on the cathodic 
sweep, are from insertion/extraction of lithium into anatase TiO2. Since the 3DOM-100 °C-H-
EtOH-500 °C has larger crystallites than the materials pyrolyzed at lower temperature, the redox 
peaks are very well defined. A solid solution mechanism is unlikely to be encountered, so a 
biphasic mechanism is expected.
17
 When the CVs from the cell containing P25-100 °C-H-EtOH-
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400 °C are examined, the redox peaks from TiO2-B and anatase TiO2 are more difficult to 
distinguish. Pseudocapacitive charge storage likely obscures the redox peaks (owing to the 
multiple sites for lithiation,
66
 since the crystallites are much smaller than 3DOM TiO2-based 
material). The presence of this charge storage mechanism can also help explain why P25-100 °C-
H-EtOH-400 °C performs better at high rates than any other material. It is interesting to note that 
even though PXRD and Raman spectroscopy data suggest that the anatase is the major polymorph 
of TiO2 present in both of the aforementioned materials, the redox peaks for TiO2-B and anatase 
TiO2 have similar peak currents. This suggests that the TiO2-B fraction may be more 
electrochemically active than the anatase TiO2 fraction. For the 3DOM-100 °C-H-EtOH-400 °C, 
a set of peaks are observed whose location roughly corresponds to those found in TiO2-B and 
hydrogen titanate.
77
 These peaks are broad and indicative of pseudocapacitive charge storage, 
matching the results from galvanostatic cycling. One final item should be discussed, the peak 
current of the anodic peak near 1 V vs. Li/Li
+
 is higher on the first cycle for both electrode 
materials synthesized from 3DOM TiO2. Interactions of chemisorbed water and water within the 
crystal lattice with the electrolyte can cause an irreversible capacity loss, much like what is 
observed in Figure 6.26.
77
 
 
 
Figure 6.26 Cyclic voltammograms of (a) P25-100 °C-H-EtOH-400 °C, (b) 3DOM-100 °C-H-EtOH-400 
°C, and (c) 3DOM-100 °C-H-EtOH-500 °C. Redox peaks that correspond to insertion/extraction into 
anatase and TiO2-B are observed, depending on the polymorphs present in the electrode materials. 
Voltammograms collected by Benjamin Wilson. 
 
 One hundred charge-discharge cycles at C/2 were also conducted for the materials described in 
this section (Figure 6.27). While all electrodes attain high coulombic efficiencies (near 100 %) 
after a few tens of cycles, the cycle-to-cycle capacity losses vary considerably. As was also 
observed for the rate performance data, the P25-100 °C-H-EtOH-400 °C has fairly limited losses 
in capacity. It retains the ability to reversibly insert and extract more than 0.5 Li
+
 after 100 cycles. 
Losses are more pronounced for cells made with the 3DOM TiO2-based materials. The 3DOM-
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100 °C -H-EtOH-500 °C has a capacity of only ~130 mAh/g after 100 cycles, and the material 
pyrolyzed at 400 °C retains only 50 mAh/g after 100 cycles. This also follows what is expected 
from the rate performance data; however, the loss of capacity in the anatase-rich material 
(3DOM-100 °C-H-EtOH-500 °C) is somewhat surprising. Typically, anatase TiO2 electrodes 
have fairly stable capacities, which suggests that some sort of side-reaction is taking place.
17
 
These reactions may occur between the remaining TiO2-B phase and the electrolyte. 
 
 
Figure 6.27 Extended cycling data and Coulombic efficiencies for P25-100 °C-H-EtOH-400 °C (purple 
asterisk, Coulombic efficiency), 3DOM-100 °C-H-EtOH-400 °C (brown plus), and 3DOM-100 °C-H-
EtOH-500 °C (red “X”) electrodes. Cycle-to-cycle losses are observed in all electrodes, but are worse for 
the 3DOM TiO2-based materials. Coulombic efficiencies reach close to 100 % for all materials. 
 
 In many instances, it is advantageous to develop electrode materials with elevated surface 
areas; however, as in the case described here, these advantages are not always realized. One 
potential complication is that, while high surface areas facilitate electrochemically useful 
reactions, deleterious side reactions can also occur with increasing frequency. Hydrogen titanates 
and the TiO2-B polymorph contain numerous surface hydroxyl functionalities and water of 
crystallization.
54
 Computational studies also show that lepidocrocite hydrogen titanate 
preferentially crystallizes with hydronium ions between (020) planes.
94
  These moieties can react 
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with the electrolyte, alongside any adventitious water that may have been picked up by the 
electrode.
97
 The rate performance and extended cycling data for 3DOM-100 °C-H-EtOH-400 °C 
show a fairly precipitous cycle-to-cycle decay in capacity, and this may be tied to the presence of 
lepidocrocite-like hydrogen titanate and TiO2-B. 3DOM-100 °C-H-EtOH-500 °C, in contrast, has 
a higher fraction of anatase and attains far greater capacities than the material pyrolyzed at lower 
temperatures. For this material, the reduced fraction of TiO2-B may assist in allaying the 
deterioration in capacity. Strangely, the P25-based material contains TiO2-B, but has a higher 
capacity than either 3DOM TiO2-based material. The 3DOM TiO2-based materials have a higher 
specific surface area than the P25-based material, so the 3DOM TiO2-based materials have a 
greater available area over which side reactions with the electrolyte can take place. Extended 
cycling (Figure 6.27) shows that the capacity of the P25-100 °C-H-EtOH-400 °C decays from 
cycle-to-cycle, albeit less precipitously than the electrodes made from 3DOM-100 °C-H-EtOH-
400 °C/500 °C. Voltammograms (Figure 6.26) also show a pronounced increase in current at low 
potentials for the first cycle, which indicates possible SEI formation due to reactions with the 
electrolyte.
77
  
 While side reactions with the electrolyte may play a critical role in the loss of capacity, the 
binder also has an impact on the overall capacity of 3DOM TiO2-based materials. When an 
electrode is made using the 3DOM-LG-100 °C-H-EtOH-400 °C with only 6 wt% binder (4 wt% 
CMC and 2 wt% SBR), substantially higher capacities are attained for all charge/discharge rates 
(Figure 6.28). It is also interesting to consider that this electrode contains only 10 wt% carbon 
black, indicating that the electrode is sufficiently conductive even at a reduced carbon fraction. 
By examining SEM images of the low binder content electrode, particles of active material are 
clearly observed in the CMC/SBR matrix (Figure 6.29 a, b). This situation changes for the 
electrodes made using higher binder content; SEM images for the corresponding electrode made 
with 10 wt% binder shows that the active material is completely coated (Figure 6.29 c, d). 
Blockage of the pores with binder can substantially reduce the ability for electrolyte to access the 
active material. Any products from decomposing electrolyte are also more prone to block 
electrolyte access in this case. However, the electrodes prepared with reduced binder content still 
display significant cycle-to-cycle losses (Figure 6.28). Water present in the binder system may 
also cause side reactions to a greater extent in the 3DOM-based material than the more anatase-
rich P25-based material. Still, further investigations may be warranted. It is unclear why the 
binder content does not adversely affect the capacity of P25-100 °C-H-EtOH-400 °C despite 
similar electrode film morphology (Figure 6.30). 
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Figure 6.28 Rate performance data for a half-cell containing 84 wt% of 3DOM-100 °C-H-EtOH-400 °C, 
10 wt% of carbon black, 4 wt% of CMC binder, and 2 wt% of SBR binder. 
 
 
Figure 6.29 SEM micrographs of the uncycled electrode film with 84 wt% of 3DOM-100 °C-H-EtOH-400 
°C, 10 wt% carbon black, and 6 wt% binder (a, b), and a cycled film containing 75 wt% 3DOM-100 °C-H-
EtOH-400 °C, 15 wt% of carbon black, and 10 wt% of binder (c,d). Micrographs of the cycled and 
uncycled electrode films are similar, justifying the comparison. The cycled film was washed in dimethyl 
carbonate prior to imaging.  
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Figure 6.30 SEM micrographs of the uncycled P25-100 °C-H-EtOH-400 °C electrode film (a) and the 
uncycled 3DOM-100 °C-H-EtOH-400 °C (b). 
 
6.4 Conclusions 
 A novel morphology for sodium titanate, hydrogen titanate and TiO2 is explored in this 
chapter. To generate this morphology, the confinement provided by the macropore spaces of a 
3DOM TiO2 network is utilized. Treatment of 3DOM TiO2 (prepared via TFA-TiO2/C) in a 
sodium hydroxide solution at ambient pressure and at 70 °C, 100 °C or 125 °C results in the 
dissolution of TiO2 and its reprecipitation as nanosheets of sodium titanate. Electron microscopy 
reveals that these materials contain numerous partially-scrolled nanosheets that fill the former 
spherical macropore space of the 3DOM network. Highly crumpled nanosheets and/or 
nanoparticles lie in the center of the original octahedral and tetrahedral nodes of the 3DOM 
structure. As a result, a remnant of the 3DOM structure is preserved. In this structure a periodic 
difference exists between the low density of nanosheets in the former macropores versus the high 
density present in the former nodes. Pyrolysis of the hydrogen titanates does not change the 
general morphology at 400 °C; however, crystallites of anatase do develop after pyrolysis at 500 
°C. The periodicity present in these materials also results in a photonic stop band, despite massive 
structural changes from the original 3DOM TiO2. However, heterogeneities are present in the 
materials including regions that lack the 3DOM remnant structure, and bundles of 
nanotubes/nanowires. With increasing reaction temperature, the presence of nanotubes and 
nanowires also increases, as is expected when sufficient energy is imparted to the system to cause 
these structures to scroll. Since the nanosheets do not fully scroll into nanotubes and lie crumpled 
in the macropores, very high BET specific surface areas are achieved for these materials. The 
hydrogen titanates can achieve surface areas over 400 m
2
/g due (in large part) to the mesopores 
that lie between nanosheets. Supercritical drying of the titanates further increases the surface area 
up to 530 m
2
/g. Diffraction (both SAED and PXRD) and Raman spectral data show that 
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pseudolepidocrocite sodium titanate (NaTi2O4(OH)) is initially formed, which transforms to a 
lepidocrocite-like (H0.7Ti1.825□0.175O4∙H2O) upon ion-exchange with protons. Some residual 
anatase is present in the titanate, but it is nearly undetectable in the Raman spectra of 3DOM TiO2 
processed at 125 °C. Pyrolysis converts the hydrogen titanates first to TiO2-B and then to anatase 
TiO2. Finally, P25 TiO2 was converted via a similar procedure, but it did not possess any 
evidence of an ordered structure. When tested in a half cell configuration for LIBs, the pyrolyzed 
3DOM TiO2-based materials display good initial capacities that quickly decay. It is believed that 
side reactions with the electrolyte eventually cripple the capacity of these materials for lithium 
ion insertion and extraction. These reactions are facilitated by the high surface areas of the active 
materials and by the high binder content in the materials. 
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Chapter 7 
Control of Heterogeneity in Nanostructured Ce1-xZrxO2 Binary 
Oxides for Enhanced Thermal Stability  
and Water Splitting Activity 
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7.1 Introduction and Motivation 
 As stated in Chapter 1, finding pathways to renewable generation of fuels is a crucial step 
toward mitigating the ecological impacts of fossil fuel combustion. A renewable fuel source 
requires a sustainable energy input and abundant feedstocks. One promising route is through the 
use of concentrated solar energy to drive the thermochemical splitting of H2O and CO2. This 
chapter is focused on improving cerium oxide used for thermochemical fuel production via the 
two-step cycle. Before continuing, background information needs to be provided to set the stage 
for the rest of the chapter. A brief summary of the advantages of using cerium oxide is first given, 
and it is followed by a discussion of the two improvements–the synthesis of porous cerium oxide 
for fuel production and the addition of Zr
4+
 ions to the cerium oxide lattice. 
 Cerium oxide is an attractive material for two-step solar thermochemical fuel production. Both 
water splitting and CO2 splitting with cerium oxide have been investigated, first in catalytic 
systems
1,2
 and then as a solar thermochemical process.
3-9
 Cerium oxide has found use in 
automotive three-way catalysis and other catalytic systems, due to its ability to reversibly store 
and release lattice oxygen.
10-12
 This mechanism occurs due to the partial reduction of the 
Ce
4+
 cations in cerium oxide to Ce
3+
, and it results in the formation of nonstoichiometric, cubic 
phases via the formation of oxygen vacancies without significant reorganization of the 
lattice.
12,13
 When compared to the ferrites and zinc oxide materials that are used for fuel 
production, cerium oxide has a higher melting point (2400 °C), improved thermal stability, and 
lack of crystal reordering phase transitions in the operating temperature range.
8
 
 The rapid production of large quantities of H2 and/or CO is critical to achieve an efficient 
reactor system for solar thermochemical fuel production.
14
 Toward this end, 3DOM CeO2 has 
been studied for use in fuel production.
15
 Using a 3DOM material, it is possible to transport 
reactant and product gases easily through the pore network. Furthermore, the surface area of 
granules with the 3DOM structure is greater than that of bulk micrometer-sized granules, 
increasing the amount of surface sites available for heterogeneous reactions.
16,17
 These advantages 
brought by the 3DOM structure improve the kinetics of the fuel production step.
15
 There are 
further opportunities for improving kinetics, productivity, and thermal stability of 3DOM cerium 
oxide-based materials by adding dopant cations, such as Zr
4+
 to the lattice. 
 Ce–Zr mixed oxides are important catalytic materials that confer benefits over pure cerium 
oxide.
18-21
 Zr
4+
 is an undersized cation that distorts the cubic fluorite lattice of CeO2, induces 
defects and alters the redox properties of the mixed oxide, typically making reduction more 
favorable.
22-25
 Even though the Zr
4+
 cations are redox inactive, the increase in the redox activity 
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of the cerium ions can often compensate for the addition of inactive cations.
26-28
 Cerium oxide 
sinters at the temperatures required for thermochemical cycling; this results in a loss of surface 
area, hindering the ability of cerium oxide to gain and lose oxygen ions from its 
lattice.
29
 Zirconium significantly improves resistance to sintering and limits growth of 
crystallites.
30,31
 Retention of surface area is essential for both maintaining the nanostructured 
morphology in 3DOM materials and preserving the kinetic advantages.
15
 There are still 
challenges present when investigating Ce1–xZrxO2 mixed oxides for catalytic applications, which 
necessitate careful control of synthetic pathways and thorough materials characterization. At the 
time this study was conducted, only cursory analyses had been carried out with Ce1–xZrxO2 for use 
in solar thermochemical fuel production.
6,7,32
 
 This chapter details the development of 3DOM Ce1–xZrxO2 for use in solar thermochemical 
production of hydrogen via the splitting of water. Two synthesis routes are investigated for the 
production of 3DOM Ce1–xZrxO2 and compared in terms of the homogeneity of the mixed oxide 
products (using X-ray diffractometry and Raman spectroscopy), morphology (using electron 
microscopy), and textural properties (using nitrogen sorption). The changes induced by cycling 
through a H2 chemical reduction step and fuel production step (both conducted at 825 °C) are 
given special attention. Changes in kinetics and productivity in the fuel production step caused by 
increasing the Zr content are also studied. Structure–property relationships are considered in the 
behavior of the different materials with respect to fuel production. 
 
7.2 Experimental 
7.2.1 Materials 
 The following chemicals were used. Methyl methacrylate (MMA, 99%), CeCl3·7H2O (99.9%), 
Ce(NO3)3·6H2O (99%), ZrOCl2·8H2O (98.5%), methanol (HPLC grade), and citric acid (99.5+%, 
ACS grade) were all obtained from Sigma Aldrich. Potassium persulfate (99.9%) was obtained 
from Fisher Scientific. Ethylene glycol (99+%) was obtained from Mallinckrodt Chemicals. No 
additional purification steps were performed for the chemicals listed. Deionized water was 
purified using a Barnstead-Sybron system to a resistivity of >18 MΩ·cm. 
 
7.2.2 PMMA Template Synthesis 
 Colloidal crystal templates were synthesized by first producing monodisperse poly(methyl 
methacrylate) (PMMA) spheres via an emulsifier-free emulsion polymerization.
33
 Briefly, MMA 
(400 mL) and water (1600 mL) were stirred together in a five-neck round-bottom flask to form an 
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emulsion. Potassium persulfate (1.0 g) was then added as a radical initiator. The polymerization 
was conducted at 70 °C under mechanical stirring. After polymerization, the colloidal dispersion 
of spheres was filtered through glass wool to remove aggregates. Monodisperse spheres with 
diameters of 485 ± 4 nm were obtained. Millimeter-sized colloidal crystals were prepared by 
gravity sedimentation. 
 
7.2.3 Synthesis of 3DOM CeO2 and 3DOM Ce1–xZrxO2 via Methanolic Salt Solutions (MSS) 
 Both CeO2 and Ce1–xZrxO2 were synthesized through a facile process involving the infiltration 
of a methanolic solution of chloride salts into the colloidal crystal template. In a typical synthesis 
of 3DOM CeO2, CeCl3·7H2O (2 g) was dissolved in methanol (2.5 g) and stirred for 15 min at 
room temperature (RT). This precursor was then infiltrated into PMMA colloidal crystal 
templates in a closed glass vessel at RT. The mass ratio of PMMA templates to the precursor was 
3:2. After the PMMA templates became translucent and were completely infiltrated (a process 
that took 2–4 h), the infiltrated templates were dried for 24 h. The composites were then 
thermally treated by calcination under static air at 310 °C for 2 h and 450 °C for 2 h with a 
temperature ramp rate of 2 °C/min for all segments. A light yellow, opalescent powder was 
obtained and is designated 3DOM CeO2-MSS. 
 In a similar fashion, 3DOM Ce1–xZrxO2 samples were synthesized through the use of 
methanolic precursors. CeCl3·7H2O and ZrOCl2·8H2O were mixed so that the total mass of the 
salts was 2 g and the stoichiometry of the metal ions matched the desired final material. These 
salts were dissolved in 2.5 g of methanol and stirred for 15 min at RT. All subsequent steps for 
infiltration, drying, and calcination were the same as those for 3DOM CeO2-MSS. Yellow, 
opalescent powders were obtained and are designated 3DOM Ce1–xZrxO2-MSS. 
 
7.2.4 Synthesis of 3DOM CeO2 and Ce1–xZrxO2 via the Pechini Method (PM) 
 An alternate precursor was used to synthesize 3DOM CeO2 by the Pechini gel method. The 
precursor was prepared by first dissolving 3.92 g (0.009 mol) of Ce(NO3)3·6H2O in 3.11 g of 
water. Citric acid (1.5 g) was then added to the precursor and was dissolved under stirring. 
Finally, ethylene glycol (1 g) was added and the resultant solution was stirred for an additional 15 
min. This precursor was then infiltrated into PMMA colloidal crystal templates in a closed glass 
vessel at RT. The mass ratio of PMMA templates to the precursor was 3:2. Infiltrated colloidal 
crystals were then heated to 90 °C for 1 h in closed vessels. After the heat treatment, samples 
were calcined under static air at 310 °C for 2 h with a ramp rate of 2 °C/min. These were then 
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heated at 2 °C/min up to 450 °C with a dwell time of 2 h. A yellow powder that exhibited blue-
green structural color was obtained and is designated 3DOM CeO2-PM. 
 The synthesis of the 3DOM Ce1–xZrxO2 via a Pechini precursor (Ce1–xZrxO2-PM) followed the 
same general route. Depending on the desired stoichiometry needed in the final material, the 
molar ratio of the metal ions was changed in the precursor. However, the total number of moles 
of the two metal ions was fixed at 0.009 mol, as in the synthesis for the 3DOM CeO2. 
 
7.2.5 Characterization of Materials 
 Scanning electron microscopy (SEM) was performed on a JEOL 6500 microscope operated at 
an accelerating voltage of 5 kV. Specimens were prepared by depositing powder on double-sided 
carbon sticky tape affixed to an Al stub. All specimens were coated with 75 Å of Pt before 
images were taken. For transmission electron microscopy (TEM), a Tecnai T12 microscope was 
used with a LaB6 filament operating at 120 kV. The specimens were crushed into powder and 
immersed in a small volume of water. After sonicating the mixture for 10 min, a droplet of the 
suspension was allowed to dry on a holey carbon/Formvar-coated copper TEM grid. Powder X-
ray diffraction (PXRD) patterns were obtained using a PANalytical X’Pert Pro diffractometer 
equipped with an X’Celerator detector. Co Kα radiation (λ = 1.790 Å) was used in the instrument 
with a generator voltage of 45 kV and a current of 40 mA. The Scherrer equation was used to 
calculate crystallite sizes from line broadening in the diffraction patterns. Contributions to line 
broadening were assumed to be Lorentzian. Raman spectroscopy of the powders was conducted 
using a Witec Alpha300R confocal Raman microscope with a DV401 CCD thermoelectric-cooled 
detector. The microscope was equipped with a 514.5 nm Ar ion laser operated at 20 mW. Scans 
were obtained by focusing the laser on a ~1 μm spot and then collecting multiple spectra that 
were averaged. Gas sorption analysis was conducted using a Quantachrome Autosorb iQ2-MP 
with N2 (at 77 K) as the adsorbate. Specimens were degassed at 300 °C for 1 h at 0.001 Torr. 
Brunauer–Emmett–Teller (BET) specific surface areas were determined using the adsorption 
branch from P/P0 = 0.05 to 0.35. Pore volumes were calculated from P/P0 = 0.995 on the 
adsorption branch, and pore size distributions were also obtained from the adsorption branch 
using the Barrett–Joyner–Halenda (BJH) method. X-ray photoelectron spectroscopy was done 
using a SSX-100 (Surface Science Instruments) that has a monochromated Al Kα anode operated 
at 200 W with a 1 × 1 mm
2
 spot size. The instrument is also equipped with a hemispherical sector 
analyzer and a resistive anode detector. Samples were exposed to a 10 eV electron flux for charge 
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neutralization. Base pressure was 5.0 × 10
–10
 Torr, and survey scans were obtained with a 150 eV 
pass energy using a 0.5 eV/step. 
 
7.2.6 Reactivity and Productivity Testing of 3DOM CeO2 and 3DOM Ce1–xZrxO2 Materials 
 As-synthesized powder samples were studied in a fixed bed, vertical flow reactor comprised of 
an electric furnace (OMEGA CRFC-1512/120-C-A) and a cylindrical quartz column (Figure 7.1). 
The furnace is controlled using a type-K thermocouple probe placed between the quartz column 
and the hot furnace wall. The temperature measured by the control thermocouple was held at 
800±2 °C. Due to the presence of axial temperature gradients, the sample temperature was 25 °C 
higher than the furnace set-point temperature, as verified in a separate experiment. Samples were 
sieved (<1.0 mm), weighed, and gravity fed into the column where they were held by a quartz frit 
(maximum pore diameter of 200 μm). Gas mixtures were delivered to the reactor via mass flow 
controllers with an accuracy of 1.5% of the desired flow rate. The composition of the product gas 
mixture was monitored with either a quadrupole mass spectrometer (Inficon Transpector CPM) or 
a Raman laser spectrometer (Atmosphere Recovery, Inc., RLGA-129a) to an accuracy of  
≤0.02 mol %.  These gas analyzers were calibrated using standard mixtures H2 in Ar. 
 In each experiment, the 3DOM CeO2/Ce1–xZrxO2 sample was reduced and oxidized six times. 
The reactor was first purged of air under a flow of Ar (99.999% purity). The sample was then 
chemically reduced for 50–70 min by a 100–300 mL min–1 flow of 5.0 ± 0.1 mol % H2 in Ar. 
Upon completion of the chemical reduction, the reactor was purged by a flow of Ar. Oxidation 
was initiated by the delivery of a mixture of H2O in Ar, created by saturating a 275–285 mL 
min
-1
 flow of Ar with water at RT. The total mass flow rate of gas through the fixed bed was 
maintained sufficiently high in all experiments to ensure that the bed behaved in a quasi-steady 
state fashion. The flow of reactants in the fixed bed was maintained for ~20 min. Finally, the 
reactor was again purged under a flow of Ar to remove all traces of the reactive H2O. This 
reduction–purge–oxidation–purge procedure constituted a single chemical cycle and lasted 
approximately 90 min.  
 The amount of H2 produced was calculated by integrating the instantaneous fuel production 
rate over the first 10 min of oxidation. Sample productivity is defined as the total H2 production 
normalized by the total mass of oxide. H2 production was also normalized (see Section 7.3.6) by 
the mass of cerium oxide when the sample was a mixed oxide (3DOM CexZr1-xO2). This 
alternative normalization elucidates changes in the activity of the Ce ions in the mixture as a 
result of the addition of Zr. Process and systematic uncertainties in the measurements were 
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propagated to the productivity and H2 production rates using the sequential perturbation method, 
and are reported at 95% confidence. 
 
 
Figure 7.1 Vertical fixed bed tubular flow reactor for measuring H2 production. The terms “oxidation” and 
“reduction” are used with respect to the cerium oxide-based material. Schematic created by Professor Luke 
Venstrom. 
 
7.3 Results and Discussion 
 Changing certain properties of Ce1–xZrxO2 catalysts can have an impact on their performance in 
heterogeneous redox processes. These properties were changed by altering the synthesis 
methodology for the 3DOM Ce1–xZrxO2 and by altering the amount of Zr in Ce1–xZrxO2 (where  
x = 0, 0.1, 0.2, 0.3, 0.4, and 0.5). The synthesis method has a profound effect on the homogeneity 
of the final mixed oxide products. Various materials characterization techniques were used to 
determine the crystal polymorphs present and examine whether the material is homogeneous or 
segregated into Zr- and Ce-rich domains. The Pechini method yields single phase, homogeneous 
products (through chelation of metal ions in a polymer gel matrix), unlike the multiphase, 
inhomogeneous methanolic products. These results have important implications for fuel 
production and are discussed in a subsequent section. As mentioned in Section 7.1, addition of Zr 
to CeO2 profoundly alters both the thermal stability and redox activity of the resultant Ce1–xZrxO2. 
For the 3DOM Ce1–xZrxO2, the improved stability was observed in changes to crystallite size after 
cycling at 825 °C. Electron microscopy and N2 sorption showed that morphological and textural 
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changes in 3DOM Ce1–xZrxO2 from cycling were mitigated by increasing Zr content. In the last 
section, the effect of changing Zr content on fuel production is explored. 
 
7.3.1 Assessment of the Crystallite Polymorph via Powder X-ray Diffraction 
 Before discussing the characterization of the nanocrystalline materials, it is important to give 
an overview of the crystal polymorphs present in the CeO2–ZrO2 system and any relevant 
polymorphic transformations that can occur. Several crystalline polymorphs in the CeO2–
ZrO2 system are commonly seen in the study of these Ce1–xZrxO2 mixed oxides. For x < 0.2, a 
distorted cubic fluorite phase is generally observed, while, for x > 0.9, a monoclinic phase is 
detected.
34
 Three metastable tetragonal phases have been identified in the composition range from 
0.2 < x < 0.9: t, t′, and t″.35,36 These phases have a slightly lower ability to store and release 
oxygen when compared to the cubic phase.
37
 The t″ phase cannot be detected with PXRD, since 
the tetragonal distortion is only present in the oxygen sublattice and requires alternate 
characterization techniques (such as Raman spectroscopy or neutron diffraction).
34,37
 Both t′ and t 
phases have distortions in the cationic sublattice (with the t phase having a greater c/a ratio 
than t′) that can be detected with PXRD. Depending on the initial homogeneity of the samples, 
the size of the crystallites, and the temperature used for thermal processing, combinations of 
cubic, tetragonal, and monoclinic phases have been observed in samples with compositions 
ranging from 0.2 < x < 0.9.
34,37
 Cubic pyrochlore and tetragonal phases that differ in cation 
ordering have been identified for the Ce0.5Zr0.5O2−δ system as well.
38-40
 Thermal treatment of as-
made CexZr1–xO2 under reducing and oxidizing conditions can generate further phase 
transformations and phase segregation.
31,41
 Characterization of these changes is important because 
inhomogeneities have been shown to alter the catalytic activity of Ce1–xZrxO2.
42
 Since the 
synthesized samples are subjected to high temperatures during the reduction and oxidation cycles, 
the complementary techniques of PXRD and Raman spectroscopy have been employed to 
characterize the polymorphs present in the samples and the size of the crystallites. 
 Assessment of the crystal polymorph and any gross structural heterogeneities was undertaken 
via PXRD. Patterns were obtained for samples of the as-synthesized 3DOM Ce1–xZrxO2-MSS 
(Figure 7.2 a). Considerable peak broadening is observed in these samples due to the small size of 
the crystallites that comprise the material. These patterns contain diffraction peaks corresponding 
to a cubic fluorite lattice. As the concentration of Zr increases in the mixed oxides, the positions 
of diffraction peaks are shifted to increasingly higher values of 2θ, corresponding to a decrease in 
the lattice parameter. This behavior is consistent with other studies and results from the 
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replacement of the larger Ce
4+
 cations (0.97 Å) with smaller Zr
4+
 cations (0.84 Å).
43,44
 The 3DOM 
Ce0.6Zr0.4O2-MSS and Ce0.5Zr0.5O2-MSS both display partially resolved peaks corresponding to 
another mixed oxide phase with higher Zr content (Figure 7.2 a). It is unclear if the minor phase 
in the 3DOM Ce0.6Zr0.4O2-MSS and Ce0.5Zr0.5O2-MSS samples is cubic or tetragonal due to a high 
degree of peak broadening. Slight peak asymmetry is observed in the other 3DOM Ce1–xZrxO2-
MSS samples, indicative of the presence of another minor phase that is slightly enriched in Zr 
content when compared to the major phase.
45
 
 
 
Figure 7.2 PXRD patterns obtained for the as-made (a) and cycled (b) 3DOM Ce1-xZrxO2-MSS, where 0 ≤ 
x ≤ 0.5. All patterns have reflections that correspond to cubic fluorite phase. A shift in the peaks to higher 
2 values can be observed as Zr content increases. The insets show an additional peak appearing in the 
Ce0.6Zr0.4O2 and Ce0.5Zr0.5O2. This is attributed to phase demixing of the sample during synthesis, 
producing a Zr-rich phase. The materials retain the fluorite structure after 6 cycles at 825 °C. 
Inhomogeneities are still present and peak asymmetry is observed for mixed oxides with lower Zr content, 
like Ce0.7Zr0.3O2 (see inset). The dagger in (b) marks a reflection of a monoclinic phase of Ce1-xZrxO2  
(PDF  #1-088-2392). Reflections marked with an asterisk are from the Al sample holder. 
 
 Thermochemical cycling did not cause significant changes in most of the patterns of the 
3DOM Ce1–xZrxO2-MSS samples. Cycling led to crystallite growth, which narrowed the 
diffraction peaks and allowed for better resolution of compositional heterogeneities. The 3DOM 
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Ce0.6Zr0.4O2-MSS sample was the only material in which new peaks were observed. These peaks 
can be closely matched to a calculated literature pattern for monoclinic Ce1–xZrxO2  
(PDF #1-088-2392, Figure 7.2 b). While it is possible that the cycling may have induced phase 
segregation to produce the monoclinic polymorph, it may have been present in the original 
sample as small crystal nuclei undetectable by PXRD or as a phase with a low concentration. It is 
unusual for Ce1–xZrxO2 with values of x < 0.5 to have peaks corresponding to a monoclinic 
phase,
34,46
 suggesting that widespread heterogeneities are present in the 3DOM Ce0.6Zr0.4O2-MSS. 
Additional batches of 3DOM Ce0.7Zr0.3O2, Ce0.6Zr0.4O2, and Ce0.5Zr0.5O2-MSS were synthesized 
through the methanolic route and had peaks corresponding to cubic, tetragonal, and monoclinic 
phases (see Figure 7.3 for an example). One extremely inhomogeneous sample, designated 
Ce0.5Zr0.5O2-MSS-IH (Figure 7.3), was subsequently examined for H2 productivity. It is unclear 
what causes such fluctuations in the homogeneity for the 3DOM Ce1–xZrxO2-MSS samples with 
higher Zr content. A possible source of the fluctuations is the segregation of the salts into Zr- and 
Ce-rich domains during the drying process. 
 
 
Figure 7.3 PXRD pattern of a highly inhomogeneous 3DOM Ce0.5Zr0.5O2-MSS sample, designated 3DOM 
Ce0.5Zr0.5O2-MSS-IH. Three cubic or tetragonal phases are observed, in addition to a series of reflections 
that match a monoclinic Ce1-xZrxO2 phase (PDF #1-088-2392, indicated by a plus in the inset). The most 
intense series of reflections are shifted to higher values of 2  than the literature cubic fluorite pattern for 
CeO2. This shift closely matches the shift and (111) d-spacing seen in Ce0.9Zr0.1O2.  
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 To achieve higher levels of compositional homogeneity, 3DOM samples were prepared using 
the Pechini method and analyzed with PXRD. Once again, patterns were obtained for both as-
synthesized and cycled mixed oxides (Figure 7.4). Notably, the as-made samples only have 
diffraction peaks that match those of a cubic fluorite phase. Similar to the samples prepared by 
the methanolic route, the peaks in the patterns shifted to higher 2θ values as the concentration of 
Zr increased. After cycling, no new peaks were detected in the diffraction patterns of any Pechini 
samples. Asymmetry was also not observed in the peak shape of the cycled samples, indicating 
compositional homogeneity. However, PXRD cannot be used to fully assess the homogeneity of 
the Pechini samples, as line broadening can mask peaks from other phases. Confocal backscatter 
Raman spectroscopy was used for this purpose.
19,31
 
 
 
Figure 7.4 PXRD patterns obtained for the as-made (a) and cycled (b) 3DOM Ce1–xZrxO2-PM, where 
0 ≤ x ≤ 0.5. The reflections in the patterns for these samples correspond to a cubic fluorite lattice. These 
reflections are shifted to higher values of 2θ with increasing Zr content. All patterns are single phase, even 
for high Zr content samples (see inset). The samples undergo no phase changes after six cycles at 825 °C. 
Line broadening in this series of samples is greater than for the methanolic samples, which is indicative of a 
smaller grain size. The reflection marked with an asterisk is from the Al sample holder. 
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7.3.2 Further Assessment of Crystallite Polymorph and Homogeneity via Raman 
Spectroscopy 
 Raman spectroscopy is a complementary technique to PXRD in the characterization of  
Ce1–xZrxO2 and is effective at detecting the presence of tetragonal phases, including the t″ phase. 
With the use of a confocal backscatter Raman instrument, one can more effectively probe 
samples for localized inhomogeneities. While this technique does not yield localized information 
of crystal structure homogeneity on the nanoscale, it allows for examination of micrometer-sized 
spots across a sample. The spectra from 3DOM CeO2-MSS had a single peak at 464 cm
–1
 from 
the T2g vibrational mode of the cubic fluorite lattice. All of the 3DOM Ce1–xZrxO2-MSS samples 
had a peak present near 600 cm
–1
 indicative of distortions in the cubic lattice brought by addition 
of Zr.
46
 When the Zr content is increased to x > 0.3 for 3DOM Ce1–xZrxO2-MSS, vastly dissimilar 
spectra are observed from focusing the laser on different areas of a particle of a given sample 
(Figure 7.5). These spectra show that widespread inhomogeneities are present in the samples, as 
was observed with PXRD. Furthermore, for a given high Zr-content sample, spectra can be 
obtained that contain Raman modes (i.e., near 300 cm
–1
) corresponding to the tetragonal space 
group P42/nmc.
46
 It seems that the t″ phase coexists with the cubic phase in these inhomogeneous 
samples. 
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Figure 7.5 Raman spectra for the as-made (a) and cycled (b) 3DOM Ce1-xZrxO2-MSS samples. The insets 
shown for x = 0.4 and x = 0.5 are taken from different areas on the samples, showing that inhomogeneities 
are located throughout the sample. The peak that emerges in the mixed oxides at 600 cm
-1
 is indicative of a 
loss of symmetry in the cubic lattice resulting from Zr addition. Peaks corresponding to the t″ phase (131, 
307, 626 cm
-1
) begin to appear for x > 0.2, becoming more prominent as Zr content increases. However, as 
the insets show, some spectra are found in these inhomogeneous samples that are more Ce-rich and lack 
peaks corresponding tetragonal vibration modes. Inhomogeneities observed in the as-made samples are still 
present after cycling (b). 
 
 In contrast to the 3DOM materials synthesized with methanolic solutions, the as-synthesized 
and cycled 3DOM Ce1–xZrxO2-PM samples have a high degree of uniformity in obtained spectra 
(Figure 7.6). Spectra obtained across a given sample did not show any significant differences in 
peak positions or shapes, indicating improved homogeneity over the methanolic samples. In 
addition to the assessment of the homogeneity, determination of the polymorphs present in the 
Pechini samples was possible. A peak centered at 464 cm
–1
 was observed for both the as-made 
and cycled 3DOM CeO2-PM, corresponding to the T2g mode present in the cubic lattice. In the 
3DOM Ce0.9Zr0.1O2 and Ce0.8Zr0.2O2-PM samples, the broad peak at around ~600 cm
–1
 indicates 
distortions in the cubic lattice due to the presence of the Zr. When the Zr content is x > 0.2 (in 
Ce1–xZrxO2), a new peak can be observed near 300 cm
–1
 that is associated with a tetragonal Raman 
mode.
36,46
 The appearance of the new peak is indicative of the formation of the t″ crystal phase, 
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which cannot be resolved in the diffraction studies.
36
 It is also interesting to note that cycling has 
little effect on the spectra, except for sharpened tetragonal peaks in the 3DOM Ce0.5Zr0.5O2-PM 
sample (Figure 7.6). 
 
 
Figure 7.6 Raman spectra for the as-made (a) and cycled (b) 3DOM Ce1–xZrxO2-PM samples. Spectra were 
taken in different locations on a given sample. These Raman spectra for a given mixed oxide composition 
were all similar in appearance, indicating a high degree of homogeneity. Distortions in the cubic lattice 
generate the peak at 600 cm
–1
. The appearance of a peak at 300 cm
–1
 is indicative of a tetragonal distortion 
present in the samples with x > 0.2 (the t″ phase). The patterns undergo little change after samples are 
cycled at 825 °C. 
 
7.3.3 Crystallite Size Analysis 
 The Scherrer equation allowed for estimation of the crystallite size in 3DOM  
Ce1–xZrxO2 samples through the analysis of PXRD line broadening (Table 7.1). Crystallite sizes 
for the homogeneous as-made and cycled 3DOM Ce1–xZrxO2-PM samples were impacted by the 
presence of Zr. The beneficial property of Zr in mitigating the extent of grain growth at high 
temperatures is clearly observed in the cycled 3DOM Ce1–xZrxO2-PM samples. As seen in 
Table 7.1, the crystallite size decreases dramatically from 73.8 nm in 3DOM CeO2-PM to only 
9.7 nm in 3DOM Ce0.5Zr0.5O2-PM. Solute drag caused by the Zr ions interfering with grain 
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boundary diffusion is a probable cause for the reduced crystal growth. Colón et al. also suggested 
the possibility that phase demixing could be responsible for the smaller crystallite sizes observed 
for Ce1–xZrxO2 samples with 0.3 < x < 0.5.
31
 However, both PXRD and Raman spectroscopy 
suggest that phase separation is not at work in this case. When compared to the 3DOM  
Ce1–xZrxO2-MSS materials, the as-made Zr-containing 3DOM Ce1–xZrxO2-PM samples have 
crystallite sizes smaller than those of the methanolic samples (Table 7.1). Crystallite sizes for the 
3DOM Ce1–xZrxO2-PM materials are also consistently smaller than those of the MSS samples 
after cycling, especially for samples with lower amounts of Zr. This may be due to the smaller 
initial crystallite size of the Pechini samples or to the greater homogeneity in the samples relative 
to the methanolic samples. 
 
Table 7.1 Crystallite sizes (before and after cycling) determined from the XRD analysis of 3DOM  
Ce1-xZrxO2-MSS and Ce1-xZrxO2-PM. Crystallite size was calculated using the Scherrer equation. 
Material crystallite size (nm) 
 as-made Cycled 
3DOM CeO2-MSS 15.0 81.0 
3DOM Ce0.9Zr0.1O2-MSS 11.8 48.2 
3DOM Ce0.8Zr0.2O2-MSS 11.4 26.8 
3DOM Ce0.7Zr0.3O2-MSS 8.4 14.3 
3DOM Ce0.6Zr0.4O2-MSS 8.8 15.0 
3DOM Ce0.5Zr0.5O2-MSS 7.8 12.5 
3DOM CeO2-PM 7.4 73.8 
3DOM Ce0.9Zr0.1O2-PM 5.1 18.2 
3DOM Ce0.8Zr0.2O2-PM 4.1 14.8 
3DOM Ce0.7Zr0.3O2-PM 5.5 11.6 
3DOM Ce0.6Zr0.4O2-PM 4.4 10.6 
3DOM Ce0.5Zr0.5O2-PM 5.9 9.7 
 
 Overall, the Pechini method considerably aided homogeneity, allowed for the synthesis of 
products with a well-controlled crystal structure, and provided smaller average crystallite sizes. 
The Pechini method allowed for a homogeneous product through a polymer gel network 
containing well-distributed chelated (via citric acid) cations. These cations formed oxide nuclei 
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that underwent solid state reactions during the course of thermal treatment, forming the 
homogeneous 3DOM mixed oxides.
47
 While the high degree of homogeneity did not further boost 
fuel productivity in the mixed oxides (as shown later), the use of the Pechini method allows for 
the rational synthesis of simple-to-characterize, single phase cubic or t″ Ce1–xZrxO2. It is then 
possible to assess the fuel production for a given composition of Ce1–xZrxO2, while avoiding the 
complications of determining the contributions to productivity from several different 
compositions present in a material. Finally, the 3DOM Ce1–xZrxO2-PM samples had a lower 
degree of crystal grain growth, which is essential for preservation of the 3DOM structure. 
 
7.3.4 Analysis of Changes in Morphology Induced by Cycling 
 Structures and morphologies of the as-synthesized 3DOM Ce1–xZrxO2-PM samples were 
studied by scanning and transmission electron microscopy. The SEM images confirm that an 
open, macroporous framework was obtained in all cases (Figure 7.7) and that the 3DOM 
morphology was not altered by increasing Zr content. Features of the 3DOM Ce1–xZrxO2-PM were 
measured, in the interest of quantifying differences between the structures. Differences in the 
pore spacing (the repeat distance between adjacent pores), wall thickness (the solid material 
between adjacent pores), and window size (the open space between adjacent pores) were found to 
be minimal among the Pechini samples with different levels of Zr concentration (Table 7.2). 
 
Table 7.2 Pore spacings (repeat distance from pore to pore), pore window sizes, and wall thicknesses for 
the Ce1-xZrxO2-PM materials before and after cycling. Measurements made by Stephen Rudisill. 
  
as-made   cycled 
 
Material 
pore 
spacing 
(nm) 
wall 
thickness 
(nm) 
pore 
window 
diameter 
(nm) 
pore 
spacing 
(nm) 
wall 
thickness 
(nm) 
pore 
window 
diameter 
(nm) 
3DOM CeO2-
PM 
301 ± 6 70 ± 6 73 ± 8 285 ± 4 37 ± 6 117 ± 10 
3DOM 
Ce0.9Zr0.1O2-PM 
284 ± 3 47 ± 5 97 ± 12 274 ± 8 33 ± 5 110 ± 12 
3DOM 
Ce0.8Zr0.2O2-PM 
311 ± 2 43 ± 5 104 ± 10 305 ± 2 39 ± 6 115 ± 13 
3DOM 
Ce0.7Zr0.3O2-PM 
304 ± 3 62 ± 9 113 ± 10 271 ± 3 57 ± 6 137 ± 11 
3DOM 
Ce0.6Zr0.4O2-PM 
283 ± 4 59 ± 6 93 ± 8 282 ± 3 48 ± 7 93 ± 6 
3DOM 
Ce0.5Zr0.5O2-PM 
321 ± 2 67 ± 7 81 ± 6 290 ± 3 47 ± 7 101 ± 10 
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Figure 7.7 SEM images of 3DOM CeO2-PM (a), Ce0.9Zr0.1O2-PM (b), Ce0.8Zr0.2O2-PM (c),  
Ce0.7Zr0.3O2-PM (d), Ce0.6Zr0.4O2-PM (e), and Ce0.5Zr0.5O2-PM (f) before and after cycling. The 3DOM 
structure is retained throughout cycling. After cycling, the nodes of the 3DOM structure (formed from 
octahedral and tetrahedral holes in the parent template) grow more pronounced due to sintering, though this 
is less extensive in the samples with high Zr content. 
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 When cycled, the 3DOM Ce1–xZrxO2-PM samples undergo structural changes which were 
particularly noticeable in the CeO2, Ce0.9Zr0.1O2, and Ce0.8Zr0.2O2 samples. A thinning of the walls 
and wider windows between pores is observed, producing a more “open” structure. Despite these 
changes, the overall 3DOM structure is retained after cycling for all Zr concentrations. The 
changes in wall thickness and window width are quantifiable for the 3DOM CeO2-PM sample 
(Table 7.2); however, whether this effect is present in the mixed oxide samples is harder to 
discern from the SEM data. Thus, the samples were further analyzed under the TEM, allowing for 
qualitative assessment of the individual features. 
 The effect of increasing Zr content with respect to postcycling morphology in 3DOM  
Ce1–xZrxO2-PM is evident from the TEM images. For the cycled 3DOM CeO2-PM sample 
(Figure 7.8 a), the structure of the walls has been drastically altered. Single crystallites comprise 
the walls between nodes in the 3DOM structure, and the nodes themselves are composed of large, 
fused grains. However, as was noted in the SEM images, the macroporosity and ordering of the 
structure is still intact. In the samples that contain Zr, changes to wall thickness and window size 
are mitigated with increasing Zr content (Figure 7.8 b–f). This trend continues to the 3DOM 
Ce0.5Zr0.5O2-PM sample, the structure of which undergoes very little morphological change after 
cycling. The changes in the wall structure are from sintering processes, which result in material 
being transported to the nodes (as observed in the SEM analysis) of the 3DOM skeleton at the 
expense of the walls. This Ostwald ripening-like effect has been observed in other 3DOM 
systems.
16,48
 It is clear that incorporation of high levels of Zr is beneficial from a structural 
standpoint. For the reactions conducted at 825 °C, excellent retention of the 3DOM structure can 
be obtained through addition of Zr. 
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Figure 7.8 TEM images of 3DOM CeO2-PM (a), Ce0.9Zr0.1O2-PM (b), Ce0.8Zr0.2O2-PM (c), Ce0.7Zr0.3O2-
PM (d), Ce0.6Zr0.4O2-PM (e), and Ce0.5Zr0.5O2-PM (f) before and after cycling. Images taken by Stephen 
Rudisill.  
 318 
 
 The 3DOM Ce1–xZrxO2-MSS samples were also studied under SEM and TEM. Comparing the 
two methods, it is notable that the 3DOM Ce1–xZrxO2-PM materials give a more faithful 
replication of the template than the 3DOM Ce1–xZrxO2-MSS samples. Pore spacings of the 3DOM 
Ce1–xZrxO2-PM materials were typically on the order of 300 nm, regardless of dopant level. 
However, the spacings for the 3DOM Ce1–xZrxO2-MSS samples were around 390 nm. Windows 
and walls were approximately 100 and 50 nm in the PM samples, respectively, and approximately 
120 and 70 nm in the MSS. 
 Under the TEM, a significant degree of intergrain porosity in the walls of the 3DOM  
Ce1–xZrxO2-MSS can be observed; this porosity is not present in the 3DOM Ce1–xZrxO2-PM 
(Figure 7.9). In addition, the crystallite morphology and arrangement is different between the two 
synthesis methods. The crystallites of the methanolic samples have a wide range of shapes and 
sizes and are often separated by wormlike pores. Pechini samples contain largely spherical 
crystallites in close contact with one another. After cycling, the methanolic samples appear to 
undergo a greater degree of grain growth than the Pechini samples, in agreement with the XRD 
data. 
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Figure 7.9 (a) SEM image of 3DOM Ce0.6Zr0.4O2-MSS, as-synthesized. The TEM image in the inset shows 
grains of random size and shape, leading to significant textual mesoporosity within the walls of the 
structure. (b) SEM image of 3DOM Ce0.6Zr0.4O2-MSS after cycling. The 3DOM structure is retained, but 
the mesoporosity (as seen in the inset) is lost, and the walls become thinner. (c) For 3DOM  
Ce0.6Zr0.4O2-PM, the pores are smaller and more regular. Widespread mesoporosity is not observed. (d) 
After cycling, 3DOM Ce0.6Zr0.4O2-PM undergoes little structural change, compared to the material 
synthesized via methanolic salt solutions. TEM images taken by Stephen Rudisill. 
 
7.3.5 Textural Stability for As-Made and Cycled 3DOM CeO2 and 3DOM Ce1–xZrxO2 
 Analysis of the textural stability of the 3DOM Ce1–xZrxO2-PM demonstrates that addition of Zr 
helps to preserve the surface area of the 3DOM nanostructure. Examining Table 7.3, it is clear 
that the Pechini samples with low Zr content (3DOM CeO2 to Ce0.8Zr0.2O2-PM) have limited 
retention of BET surface area upon cycling. The most dramatic losses are observed in the pure 
3DOM CeO2-PM sample. By further increasing the Zr content to x > 0.2, progressively better 
retention of surface area is achieved. This trend culminates with the 3DOM Ce0.5Zr0.5O2-PM 
sample that retains the surface area it had before cycling. Considering the mean crystallite size of 
the samples and the obtained TEM images, the observed pattern of surface area change is to be 
expected. Samples with lower Zr content (3DOM Ce0.9Zr0.1O2 and Ce0.8Zr0.2O2-PM) experience 
more grain growth (Table 7.1) and greater narrowing of the wall structure of the 3DOM network 
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during cycling. In this case, intergrain porosity is more easily eliminated, as crystallites merge 
together to form lower numbers of larger crystallites. However, with the higher Zr content 
samples (3DOM Ce0.7Zr0.3O2 to Ce0.5Zr0.5O2-PM), crystallite growth is fairly limited. 
Morphologically, there is little change between as-made and cycled samples with both walls and 
nodes in the 3DOM structure containing numerous crystallites. It can be concluded that intergrain 
porosity is better retained. 
 
Table 7.3 BET surface areas and pore volumes before and after cycling, showing increased retention of 
surface area and porosity with increased Zr content. A sample prepared by the methanolic method is listed 
for comparison. 
 
 
 
material  
BET surface area 
(m
2∙g-1) 
pore volume 
(cm
3∙g-1) 
as-made Cycled as-made cycled 
3DOM CeO2-PM 19.6 9.7 0.085 0.067 
3DOM Ce0.9Zr0.1O2-PM 26.0 17.3 0.069 0.064 
3DOM Ce0.8Zr0.2O2-PM 26.7 17.8 0.067 0.060 
3DOM Ce0.7Zr0.3O2-PM 25.1 21.5 0.084 0.085 
3DOM Ce0.6Zr0.4O2-PM 27.2 24.1 0.077 0.094 
3DOM Ce0.5Zr0.5O2-PM 22.2 24.5 0.070 0.098 
3DOM Ce0.5Zr0.5O2-MSS 44.7 23.4 0.24 0.12 
 
 Pore volume and isotherm and pore size information support the BET surface area findings. 
Losses in pore volume are observed for the samples with low Zr content (Table 7.3). In contrast, 
pore volume remains approximately the same or increases after cycling for 3DOM Ce0.7Zr0.3O2, 
Ce0.6Zr0.4O2, and Ce0.5Zr0.5O2-PM. The isotherms of the as-made and cycled 3DOM Ce0.7Zr0.3O2, 
Ce0.6Zr0.4O2, and Ce0.5Zr0.5O2-PM are different from the isotherms of samples with lower Zr 
content. An example of each type is shown (high and low Zr content) in Figure 7.10. Isotherms 
for the as-made and cycled 3DOM Ce1–xZrxO2-PM samples with x < 0.3 are of type II, which is 
typical for macroporous materials.
49
 The pore size distribution for these samples indicates that 
some intergrain mesoporosity (with a diameter of around 4 nm) exists within the as-made samples 
(Figure 7.10 a). Much of that porosity is lost during cycling, which can be explained by grain 
growth, as is revealed by TEM microscopy (Figure 7.11). Hysteresis is observed in the isotherms 
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for the as-made 3DOM Ce0.7Zr0.3O2, Ce0.6Zr0.4O2, and Ce0.5Zr0.5O2-PM that closes at ~0.45P/P0, 
probably due to the tensile strength effect.
50
 BJH analyses of the adsorption branches for these as-
made, high Zr content samples show a fairly wide range of pore sizes with a small peak centered 
at around 4 nm in diameter (Figure 7.10 b). It appears that these pores are partially eliminated 
upon cycling; however, some hysteresis remains present in the isotherm at higher partial 
pressures. From these data, it is clear that a high Zr content further increases the stability of the 
3DOM morphology under reducing and oxidizing conditions at 825 °C. Aside from the 
application presently under investigation, this stability suggests that the 3DOM material holds 
considerable promise as a stable catalytic material, i.e., for the water gas shift reaction, at 
temperatures at or below 800–900 °C. 
 
 
Figure 7.10 Compilation of isotherms and pore size distributions for as-made 3DOM Ce0.8Zr0.2O2-PM (a) 
and Ce0.6Zr0.4O2-PM (b) and for these materials after cycling (c and d). There is little change between the 
isotherms for the as-made and cycled Ce0.8Zr0.2O2-PM. Mesopores around 4 nm in diameter are present in 
the as-made sample that are eliminated on cycling. More hysteresis is observed in the Ce0.6Zr0.4O2-PM, as 
are pores 4 nm in diameter. Again, cycling eliminates the small mesopores, but some hysteresis remains. 
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Figure 7.11 TEM image of a Ce0.8Zr0.2O2-PM sample. Small, lighter regions can be observed between 
crystallites. These regions are from scattered intergranular pores that can also be observed in the BJH pore 
size distribution. Image taken by Stephen Rudisill. 
 
 A further useful comparison can be made between the 3DOM Ce1–xZrxO2-MSS and 3DOM 
Ce1–xZrxO2-PM samples in terms of pore volume and surface area. Samples prepared by the 
methanolic synthesis have higher initial surface areas and pore volumes than the Pechini samples. 
Much of this porosity is from the mesopore-sized void spaces between crystallites which are 
observed in TEM images (Figure 7.9). This intergrain porosity boosts BET surface areas to 40 to 
60 m
2
/g and pore volumes to greater than 0.01 cm
3
/g for MSS samples, when compared to the 
lower surface areas (~20 m
2
/g) and pore volumes (below 0.01 cm
3
/g) for the Pechini samples. 
However, cycling eliminates the majority of this “extra” porosity present in the methanolic 
samples. When comparing the 3DOM Ce0.5Zr0.5O2-MSS and PM samples (Table 7.3), it is 
apparent that the post-cycling BET surface areas and pore volumes of each are virtually identical. 
TEM and SEM images of the cycled methanolic and Pechini samples also show that their 
appearance is similar (Figure 7.9), with the 3DOM Ce1–xZrxO2-MSS intergrain porosity 
eliminated after cycling. The operational temperature of the fuel production step—let alone the 
thermal reduction step—is too high to permit the retention of porosity in the mesoporous regime. 
It therefore does not appear worthwhile to attempt to engineer additional mesoporosity in these 
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materials and form hierarchical macro-/mesoporous samples for high temperature applications. 
This is a conclusion that is in line with findings made in previous studies.
15,32
 
 
7.3.6 3DOM CeO2 and 3DOM Ce1–xZrxO2 Fuel Production 
 To understand the influence of the synthesis method and Zr content on the production of 
H2 from 3DOM CeO2 and 3DOM Ce1–xZrxO2, the materials were subjected to six redox cycles, 
measuring the H2 production rate and the total amount of H2 produced in each cycle. The results 
are summarized in Figure 7.12 and Table 7.4. Table 7.4 lists the maximum rate of H2 production 
and the productivity (the amount of H2 produced over 10 min) achieved for each sample in the 
first and sixth cycles. Figure 7.12 shows the rate of H2 production as a function of time during the 
sixth cycle. In Figure 7.12 a, a comparison is made between samples of identical mixed oxide 
composition synthesized via the methanolic and Pechini methods, and it also includes the rate of 
H2 production for low surface area, nonporous, commercially available CeO2. The H2 production 
rates from the single-phase 3DOM Ce1–xZrxO2-PM samples are compared in Figure 7.12 b. For all 
samples the H2 production rate rose rapidly as H2O flowed into the sample, reached a maximum, 
and then slowly decayed as oxygen vacancies were depleted. 
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Figure 7.12 H2 production rates from the sixth redox cycle over (a) 3DOM CeO2-PM, 3DOM CeO2-MSS, 
3DOM Ce0.8Zr0.2O2-PM, 3DOM Ce0.8Zr0.2O2-MSS, 3DOM Ce0.5Zr0.5O2-PM, 3DOM Ce0.5Zr0.5O2-MSS-IH, 
and 3DOM Ce0.5Zr0.5O2-MSS and (b) 3DOM CeO2-PM, 3DOM Ce1-xZrxO2-PM, and commercial CeO2 
(T=825°C, yH2O = 2.7 mol%, and Qtotal = 275-285 mL∙min
-1
, except for the commercial CeO2 sample for 
which Qtotal=330 mL∙min
-1
). Data collected and plotted by Professor Luke Venstrom. 
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Table 7.4 The maximum rate of H2 production and the productivity for the 3DOM Ce1-xZrxO2-PM and  
-MSS samples and the commercial CeO2 sample in the oxidation step of the first and sixth H2O-splitting 
cycles. The mass of the sample tested is also included. Data analysis performed by Luke Venstrom. 
Material 
mass 
(g) 
peak production rate 
(µmol∙min-1∙g-1) 
productivity 
(µmol∙g-1) 
cycle 1 cycle 6 cycle 1 cycle 6 
3DOM CeO2-PM 0.23 720 ± 20 580 ± 20 1460 ± 30 1220 ± 30 
3DOM CeO2-MSS 0.24 610 ± 20 600 ± 20 1440 ± 30 1310 ± 30 
3DOM Ce0.9Zr0.1O2-PM 0.24 660 ± 20 670 ± 20 1400 ± 30 1380 ± 30 
3DOM Ce0.8Zr0.2O2-PM 0.21 790 ± 20 730 ± 20 1530 ± 40 1330 ± 30 
3DOM Ce0.8Zr0.2O2-MSS 0.29 800 ± 20 690 ± 20 1220 ± 30 1180 ± 30 
3DOM Ce0.7Zr0.3O2-PM 0.20 590 ± 20 570 ± 10 1250 ± 30 1120 ± 30 
3DOM Ce0.6Zr0.4O2-PM 0.25 420 ± 10 400 ± 10 970 ± 20 780 ± 20 
3DOM Ce0.5Zr0.5O2-PM 0.27 300 ± 10 310 ± 10 760 ± 20 690 ± 20 
3DOM Ce0.5Zr0.5O2-MSS 0.22 500 ± 10 610 ± 10 930 ± 20 960 ± 20 
3DOM Ce0.5Zr0.5O2-MSS 0.11 460 ± 10 440 ± 10 930 ± 20 820 ± 20 
Commercial CeO2 1.27 250 ± 10 270 ± 10 1060 ± 20 1030 ± 20 
 
 The graphs in Figure 7.12 emphasize the improvement in H2O-splitting kinetics that is 
provided by the moderate surface areas of the 3DOM Ce1–xZrxO2. The H2 production rates of the 
3DOM materials with specific surface areas of 10–25 m2 g–1 are significantly faster than the rate 
of H2 production of the commercial CeO2 with a low specific surface area of ≤1.0 m
2
 g
–1
. For 
example, the peak production rate was increased by a factor of 2.5 with the 3DOM CeO2-PM 
when compared to the commercial sample (Figure 7.12). Given the importance of specific surface 
area for fuel production, one might expect changes in the specific surface area of the 3DOM 
samples during cycling to influence H2O-splitting kinetics. There was, however, little statistically 
significant cycle-to-cycle variation in H2 production rates (Table 7.4 and Figure 7.13). Thus, the 
difference in the specific surface areas of the 3DOM samples is not the distinguishing feature for 
fuel production. Similar behavior has been observed in Ce1–xZrxO2 soot oxidation catalysts with 
moderate surface area.
51
 Increasing the BET surface areas of the catalysts to 30 m
2
/g was shown 
to lower the temperature needed for soot oxidation, but further increases in surface area had no 
effect on the soot oxidation temperature. Since differences in surface area do not affect the 
3DOM Ce1–xZrxO2 materials, it is the method of synthesis and the level of Zr doping that are the 
two factors with the greatest influence on H2 production. 
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Figure 7.13 Peak hydrogen production rates over 6 cycles for the 3DOM Ce1-xZrxO2-PM and commercial 
CeO2 samples. Little variability is observed in these data. (T = 825 °C, yH2O = 2.7 mol% and  
Qtotal = 275-285 mL min
-1
, except for the commercial CeO2 sample for which Qtotal = 330 mL min
-1
). Data 
collected and plotted by Luke Venstrom.  
 
 The similarities and differences between the MSS and Pechini samples are apparent from 
reactivity data for the samples shown in Figure 7.12. Both the 3DOM CeO2-MSS and  
CeO2-PM materials behaved identically (within measurement uncertainty), a result that was true 
for the majority of redox cycles (Figure 7.14). Since fuel production rates and productivity of the 
two pure samples are similar, this suggests that fuel production is independent of the synthesis 
method for a pure material. This result is further confirmed for the 3DOM Ce0.8Zr0.2O2-MSS and  
-PM samples, which both have a high degree of homogeneity and have similar H2 production 
rates and productivity. 
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Figure 7.14 Peak rates of H2 production (a) and productivity (b) for CeO2-PM and CeO2-MSS samples 
over 6 cycles (T = 825 °C, yH2O = 2.7 mol% and Qtotal = 275-285 mL min
-1
). Data collected and plotted by 
Luke Venstrom. 
 
 There are differences in H2 production for the 3DOM Ce0.5Zr0.5O2-MSS and Ce0.5Zr0.5O2-PM 
that highlight the importance of phase homogeneity. As seen in Figure 7.12 a and Table 7.4, 
increases in peak production and productivity correlate with increases in heterogeneity at high 
levels of Zr (x> 0.3). At these levels, the 3DOM Ce1–xZrxO2-MSS samples contain widespread 
inhomogeneities (see above). Both XRD and Raman spectra confirm the presence of Ce-rich 
distorted cubic domains and Zr-rich tetragonal domains in the methanolic samples. X-ray 
photoelectron spectroscopy, specifically analysis of the Ce 4d and Zr 3d peaks, allowed for a 
semiquantitative determination of the surface composition of the 3DOM 
Ce0.5Zr0.5O2 samples.
52
 This data shows that all the samples have roughly the same overall 
cationic composition (equimolar amounts of Ce and Zr). What is observed in the fuel production 
is that the overall redox properties depend on the phases present in the sample and not the overall 
composition, a finding in line with previous research.
28
 The 3DOM Ce0.5Zr0.5O2-MSS-IH contains 
a major phase with a similar (111) d-spacing (3.11 Å) to Ce0.9Zr0.1O2 (Figure 7.3). A phase with 
that composition should enhance redox activity and peak production, functioning similar to a 
corresponding single-phase sample. Other Zr-rich phases would have lower peak rates and 
productivity. Similarly, the 3DOM Ce0.5Zr0.5O2-MSS contains a minor Zr-rich phase and a major 
Ce-rich phase with diffraction peaks that are shifted to lower values for 2θ. This Ce-rich phase is 
more active than the phase present in the homogeneous Ce0.5Zr0.5O2-PM. From a standpoint of a 
suitable material for fuel production, the use of the methanolic route is somewhat advantageous 
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for Ce1–xZrxO2 with x > 0.3. Analysis of the surface area and crystallite size for the 3DOM 
Ce0.5Zr0.5O2-MSS and -PM shows that they have similar stability at 825 °C. However, controlling 
the extent of heterogeneity was not possible through the methanolic route. 
 In addition to improving H2 production by altering the material synthesis methodology,  
H2O-splitting kinetics can also be improved by Zr addition. The single phase 3DOM Ce0.8Zr0.2O2-
PM highlights this benefit, as it achieved the fastest rates of H2 production. The substitution of Ce 
ions with Zr ions in the 3DOM Ce1–xZrxO2 increases the redox activity of the remaining Ce ions. 
This effect is directly observed when the H2 production rates are normalized relative to the mass 
of CeO2 in the mixed oxide. By analyzing the normalized H2 production rates, the Ce0.8Zr0.2O2-
PM still produced H2 faster than in any other sample (Figure 7.15). Increases in the redox activity 
of Ce ions in Ce1–xZrxO2 have been previously observed and have been attributed to the formation 
of domains of a pyrochlore phase or to the ability of Ce
3+
 ions to better accommodate undersized 
Zr
4+
 ions in the lattice.
24,53
 It is important to note that the increase in the Ce ion redox activity also 
causes an increase in H2 productivity for Ce0.8Zr0.2O2-PM, which mirrors published results 
(Table 7.4).
32
 
 
 
Figure 7.15 H2 production rates normalized to the mass of CeO2 present in the sample for sixth redox 
cycle. All 3DOM Ce1-xZrxO2-PM samples and the commercial CeO2 sample are shown. (T=825°C, yH2O = 
2.7 mol%, and Qtotal = 275-285 mL∙min
-1
, except for the commercial CeO2 sample for which  
Qtotal=330 mL∙min
-1
). Data collected and plotted by Luke Venstrom. 
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 While the 3DOM Ce0.8Zr0.2O2-PM material benefited the most from the addition of Zr, this 
benefit extended to other 3DOM Ce1–xZrxO2-PM samples as well. The H2 production rates of 
3DOM Ce0.9Zr0.1O2-PM in the sixth cycle were greater than those of 3DOM CeO2-PM, and the 
increase can be attributed to the activity of the Ce ions (Figure 7.15) and the improved stability of 
the Zr-doped material (Table 7.4). 3DOM Ce0.7Zr0.3O2-PM produced H2 at similar rates to 3DOM 
CeO2-PM. With 3DOM Ce0.7Zr0.3O2-PM, the enhancement in the Ce ion activity was balanced by 
the unfavorable effect of replacing chemically active CeO2 with chemically inactive ZrO2. The 
3DOM Ce0.6Zr0.4O2-PM and Ce0.5Zr0.5O2-PM materials produced H2 more slowly than 3DOM 
CeO2-PM, and they are thus less effective fuel producers. These high Zr content materials are, 
however, structurally stable at 825 °C, and as was discussed, the introduction of heterogeneity 
into these materials improves H2O-splitting kinetics. 
 
7.4 Conclusions 
 3DOM Ce1–xZrxO2 was evaluated as a thermochemical water splitting catalyst. Two synthesis 
pathways for this 3DOM mixed oxide were explored: a methanolic salt solution method and a 
Pechini gel method. Samples with differing amounts of Zr were prepared to determine the effects 
on thermal stability and H2 generation. The synthesis route had a profound impact on the 
homogeneity of the products. Samples from the methanolic synthesis contained Ce-rich and Zr-
rich domains that became more prevalent with higher Zr content. In contrast, the Pechini method 
produced compositionally homogeneous samples. Increasing the Zr content for all 3DOM Ce1–
xZrxO2 samples improved the thermal stability at 825 °C in terms of crystallite size, retention of 
the 3DOM morphology, and BET surface area. However, differences in H2O-splitting kinetics did 
not directly correlate with changes in surface area of the 3DOM Ce1–xZrxO2 samples, suggesting 
that there is a threshold of available surface area beyond which appreciable returns in reactivity 
are diminished. Total fuel production and peak rates of production were affected by heterogeneity 
in composition present in the 3DOM Ce0.5Zr0.5O2-MSS samples. These samples contained Ce-rich 
phases that performed significantly better than single-phase products. While addition of Zr to 
3DOM Ce1–xZrxO2-PM with x > 0.2 did not improve fuel production or peak production rates over 
that of CeO2, this did not hold true for the single-phase 3DOM Ce0.9Zr0.1O2 and Ce0.8Zr0.2O2-PM 
samples. Both materials exhibited better total productivity and higher peak production rates of 
H2 than 3DOM CeO2-PM. Furthermore, these materials were far more thermally stable during the 
cycling procedure. The enhancements detailed here can be readily implemented and exploited in 
other systems for high-temperature heterogeneous catalysis. 
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Chapter 8 
Morphological/Structural Analysis, Thermal Stability and 
Thermochemical Fuel Production from Porous Cerium-Based 
Oxides, Prasedymium-Based Oxides, and Perovskite Oxides 
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8.1 Introduction and Motivation 
 A vast number of compounds are potential candidates for solar thermochemical fuel 
production, including many compounds that remain as solids during the course of cycling. Using 
the studies of CeO2 and Ce1-xZrxO2 as a springboard, this chapter describes a broader investigation 
of compounds (including ones that do not rely on the Ce
4+
/Ce
3+
 redox couple) that could be used 
for solar thermochemical fuel production. Since the 3DOM structure is extremely effective at 
improving the kinetics of fuel production from cerium oxide-based materials, all materials studied 
in this chapter possess that structure. While the general morphology of the materials discussed 
herein is the same, the chemical compositions of the studied materials are varied. These 
compositions are broken up into three main groupings for the purposes of this chapter. The first 
group discussed is cerium oxide-based compounds that contain lanthanoid or transition metal 
ions. All of these compounds primarily rely on the Ce
4+
/Ce
3+
 redox couple for thermochemical 
fuel production; however, some added redox active metal ions may also participate. The second 
group discussed is praseodymium oxide-based compounds. Praseodymium oxide is one of the 
few lanthanoids, aside from cerium oxide, that possesses a readily accessible redox couple, 
Pr
4+
/Pr
3+
, which can potentially be used for solar thermochemical fuel production. The third and 
final group of materials is the pervoskite oxides. Many perovskites readily gain and lose oxygen 
in response to changes in oxygen partial pressure and temperature,
1
 and this has attracted interest 
in the use of these materials for solar thermochemical fuel production.
2-4
 To assist in the 
discussion of the results from the 3DOM materials under investigation, each of these groups are 
further described below. A special emphasis is placed on how these materials are (or can be) used 
in solar thermochemical cycling. 
 The addition of main group metal, transition metal and/or lanthanoid cations to CeO2 has 
attracted the attention of various research groups working on catalysis at temperatures lower than 
1000 °C.
5-17
 This research has largely been motivated by the need to improve the performance of 
internal combustion engine pollution control devices.
18,19
 CeO2 and Ce-based mixed oxides can 
reversibly store and release O2 in order to promote a wide range of catalytic reactions for 
pollution abatement.
19-21
 Addition of metal cations can substantially alter the redox performance 
of the cerium ions, improving the capacity for oxygen storage and release.
12,22-24
 An increase in 
reducibility is often observed for the mixed oxides relative to CeO2.
25-28
 Many Ce-based mixed 
oxides also have improved thermal resistance to sintering and surface area loss,
29,30
 allowing for 
improved redox properties and kinetics during operation when compared to CeO2.
31-36
 Other 
compounds have improved stability with respect to phase segregation, allowing for the use of 
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these materials in a wide range of applications.
32,37-39
 Unfortunately, the majority of these studies 
of Ce-based mixed oxides were restricted to temperatures no higher than approximately 1000 °C. 
Due in part to the positive results obtained from these investigations of the catalytic properties of 
Ce-based mixed oxides, these compounds have been studied for use in solar thermochemical fuel 
production.
40-54
 These studies have focused on the critical need to understand the reactivity and 
stability of the mixed oxides under the conditions required for solar thermochemical fuel 
production. It has been found that some mixed oxides produce more fuel than pure cerium oxide. 
However, others do little to improve fuel production and can even harm fuel production 
kinetics.
50,53,54
 There are conflicting reports on the impact that certain dopants have on fuel 
production, including Zr,
46,48,54,55
 and Sc.
52,54
 Some of these discrepancies arise from variations in 
the cycling conditions from study to study, including different reduction and oxidation times, 
temperatures, and environments.
55
 In other cases, the concentration of the dopant is found to have 
a significant impact.
54
 Overall, a better understanding is needed of how the identity and 
concentration of the added cations affect the redox thermodynamics and reaction kinetics of the 
material.  
 Praseodymium oxide is closely related to cerium oxide both in terms of its phase diagrams and 
its redox activity. Both cerium oxide and praseodymium oxide have cubic fluorite MO2 and 
hexagonal M2O3 end members in their phase diagrams.
56
 In addition, several non-stoichiometric 
oxides lie between these end members that can be accessed via reduction or oxidation 
treatments.
57-60
 Similar to cerium oxide, some of these non-stoichiometric oxides are ordered 
polymorphs that can only be found for a specific degree of non-stiochiometry (PrnO2n-2m). In 
addition, there are polymorphs that exist over a wide non-stoichiometric range at high 
temperatures.
56
 Due to the similarities between Ce-based oxides and Pr-based oxides, studies 
have been conducted on their redox properties.
6,60-66
 One recurring finding is that praseodymium 
oxide is far easier to reduce than cerium oxide.
57,59
 Indeed, the product obtained from 
praseodymium salt decomposition in air is cubic fluorite Pr6O11.
56
 Studies have also been 
conducted that focus on changing the redox properties of Pr-based oxides through the 
introduction of additional metal cations.
65,67-69
 The ease of reduction of praseodymium oxide 
coupled with the array of possible mixed oxide composition have attracted researchers targeting 
applications in pollution control catalysis,
64,68
 oxidative coupling reactions,
70
 solid oxide fuel 
cells
71
 and even hydrogen production from methane gas.
67
 The application of praseodymium 
oxides has yet to be extended to solar thermochemical fuel production, despite the redox activity 
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of these materials. Possible two-step thermochemical reactions (with water used as an oxidant) 
for undoped praseodymium are given below (equation 8.1 and 8.2). 
                     (8.1) 
                         (8.2) 
 
 A vast number of oxide compounds have been identified that crystallize with a perovskite 
structure. The general formula for these compounds is ABO3, where A denotes a 12-fold 
coordinated cation with a larger ionic radius than the six-fold coordinated B cation. While the 
prototypical cubic structure (Figure 8.1) is commonly described in textbooks, distorted structures 
are far more common in perovskites at ambient conditions.
72
 In 1926, Victor Goldschmidt 
introduced a parameter now known as the Goldschmidt tolerance factor (t) that usually allows for 
the identification of a particular perovskite structure based on ionic radii of the A and B cation 
(equation 8.3).
73
 
  
       
√        
  (8.3) 
For the equation, rA is the radius of the A cation, rB is the radius of the B cation, and rO is the 
radius of the oxide anion. Within a certain range for t (about 0.75 to a little over 1), perovskite 
crystal structures can form. Cubic structures only form in a limited range, roughly 0.9 < t < 1.
1
 
Hexagonal perovskites are formed for t > 1, and the BO6 octahedra in these structures share 
faces.
74
 When t is between 0.7 and 0.9, the BO6 octahedra tilt, owing to the small size of the A 
cation.
72
 Orthorhombic and rhombohedral lattices are found in these perovskites. Many related 
structures are also found, including double perovskites and Brownmillerites that contain ordered 
oxygen vacancies.
1,74
 Regardless of the space group of the perovskite, A and/or B cations can be 
substituted for other cations with a similar ionic radius. Many technologically important 
perovskite oxides incorporate substituted cations and have a general formula of A1-xA′xBO3,  
AB1-yB′yO3, or A1-xA′xB1-yB′yO3 (where A′ and B′ are the substituted cationic species).
1
 
Substitution of cations can change the space group of the perovskite relative to the non-
substituted ABO3, and, more importantly, can substantially alter the redox properties of the 
perovskite materials.
75-77
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Figure 8.1 Ideal cubic perovskite structure, ABX3. A is the larger, 12-coordinate cation. B is the smaller, 6-
coordinate cation. X is an anion, such as O
2-
 for perovskite oxides. Image reproduced with permission from 
[76] © 2006 Royal Society of Chemistry. 
 
 Many perovskites exhibit oxygen nonstoichiometry to varying degrees,
76
 and it is this ability 
for perovskites to gain and lose oxygen that can be harnessed for solar thermochemical fuel 
production. Perovskites can change their oxygen content in response to changes in p(O2) and 
temperature, as long as the A or (most likely) the B cation can adopt multiple oxidation states.
1
 
Most perovskites with variable oxygen stoichiometry exhibit an oxygen deficiency (oxygen 
vacancies); however, a few, such as LaMnO3,
 
can have an oxygen excess (via interstitial oxygen 
atoms or cationic vacancies). Another salient feature is that phase changes or outright 
decomposition can occur as the oxygen content changes, which can drastically alter the redox 
properties.
76,78-82
 Efforts have been made to understand the equilibrium defect thermodynamics of 
these materials,
83-92
 but a comprehensive summary is far beyond the scope of this thesis. These 
studies into both the redox properties and defect chemistry of perovskite oxides have been driven, 
in part, by the desire to engineer optimized perovskites (with different A′/B′ cations) for redox 
catalysis applications,
93-101
 oxygen-permeable membranes,
102-106
 and for use as solid oxide fuel 
cell components.
107-114
 Research into the use of peroskite oxides for catalysis and fuel cells has 
taken place over multiple decades. However, it was not until 2013 and 2014, that reports on the 
use of perovskite oxides for solar thermochemical fuel production were first published.
2-4
 The 
endothermic reduction step (equation 8.4) and exothermic oxidation/fuel production step 
(equation 8.5, shown for CO production) are similar to those same steps in the cycle for CeO2. 
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              ⁄       (8.4) 
                      (8.5) 
 
While a stoichiometric, non-substituted perovskite is shown, the same reactions can occur in 
perovskites that have substituents or are non-stoichiometric as-synthesized. Perovskites share 
many of the same advantages possessed by cerium oxide: certain perovskites can remain solid 
during the whole thermochemical cycle, oxygen ion conduction though certain perovskites is fast, 
and certain perovskites exhibit high thermal stability.
1,4
 However, perovskites have the distinct 
advantage of occupying a much larger compositional space than CeO2. One possibility is that 
certain perovskites produce more fuel than cerium oxide. McDaniel et al. were able to find such a 
perovskite, the double-substituted SrxLa1-xMnyAl1-yO3-δ, which was capable of producing nine 
times the amount of H2 produced by CeO2 that was cycled under similar conditions.
3
 Demont et 
al. examined several different perovskite (and the related Ruddlesden-Popper) compositions, and 
found that LaSrCoO4 and La0.50Sr0.50MnO3-x produced more H2 than CeO2 under similar 
conditions.
4
 Another key finding was that many of the perovskites were reduced to a far greater 
extent than they were able to be reoxidized. It was proposed that the fast kinetics exhibited by the 
by these perovskites is caused by a substantial driving force for oxidation caused by the deep 
reduction. There is, however, some disagreement in the literature about the kinetics and 
maximum attainable process efficiency for La1-xSrxMnO3. Scheffe et al. reported that reduced  
La1-xSrxMnO3 requires more concentrated, faster flows of CO2 than cerium oxide.
2
 Under those 
oxidation conditions (unfavorable from a heat recovery standpoint) La1-xSrxMnO3 can produce 
more CO than CeO2, but at a slower rate than CeO2. Still, perovskite oxides remain relatively 
unexplored, and there is an unprecedented opportunity for optimizing these compounds for use in 
solar thermochemical fuel production.  
 Since many questions still remain concerning the suitability of particular compositions for 
solar thermochemical cycling, the remainder of this chapter is an exploration of porous candidate 
materials for that application. All the materials described have the 3DOM structure, which offers 
an advantage from the standpoint of kinetics. In terms of their composition, the materials studied 
in this chapter fall under the three groupings described above. A set of Ce-based mixed oxides 
that contain lanthanoid cations or Zr
4+
 were produced via a methanolic precursor. Most of these 
materials were treated at high temperatures to assess their thermal stability, and overall suitability 
for thermochemical cycling. Thermochemical cycling was conducted using the transition-metal 
doped 3DOM Ce0.9Mn0.1O2-x, which was produced via a Pechini-type precursor. An evaluation of 
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that material and a similarly made 3DOM Ce0.9La0.1O1.95 from a structural standpoint is also 
presented. For the Pr-based materials, two Pechini-method derived 3DOM compositions are 
analyzed: undoped 3DOM PrO2-x and the 3DOM mixed oxide, Pr0.6Zr0.35Y0.05O2-x. Finally, six 
3DOM perovskites oxides are synthesized, characterized, and one is cycled in chemical redox 
conditions. A short summary of the results is then given at the end of the chapter.  
 
8.2 Experimental Details 
8.2.1 Materials 
 Methyl methacrylate (99 %), 2,2′-azobis(2-methylpropionamide) dihydrochloride (97 %), 
methanol (≥99.8 %, ACS reagent grade) cerium(III) chloride heptahydrate (99.9 %), zirconyl 
chloride octahydrate (98 %), lanthanum(III) chloride heptahydrate (99.9 %), samarium (III) 
chloride hexahydrate (≥99 %), praseodymium (III) chloride hydrate (99.9 %), neodymium(III) 
chloride hexahydrate (99.9 %), gadolinium(III) chloride hexahydrate (99.9 %), yttrium chloride 
hexahydrate (99.99 %), citric acid monohydrate (≥99 %, ACS reagent grade), manganese(II) 
chloride tetrahydrate (≥99 %, ReagentPlus®), praseodymium nitrate hexahydrate (99.9 %), 
strontium nitrate (>99.0%, ACS reagent grade), iron(III) nitrate nonahydrate (certified ACS), 
manganese nitrate tetrahydrate (≥97 %, purum), and cobalt(II) nitrate hexahydrate (ACS reagent 
grade) were purchased from Sigma-Aldrich. Lanthanum nitrate hexahydrate (>99.0 %) was 
bought from Fluka. Potassium persulfate (ACS reagent grade) was obtained from Fischer 
Scientific. Ethylene glycol (99+%) was obtained from Mallinckrodt Chemicals. Ammonia 
solution (28 wt%–30 wt%, analytical reagent grade) was purchased from Macron Chemicals. 
These chemicals were used without any additional purification. Water was purified using a 
Barnstead Sybron purification system (final resistivity >18 MΩ·cm). 
 
8.2.2 Preparation of PMMA Colloidal Crystal Templates 
 Polymethyl methacrylate (PMMA) spheres were synthesized via an emulsifier-free emulsion 
polymerization following a published procedure.
115,116
 Two different batches were prepared. The 
first was prepared using potassium persulfate (KPS, 1.00 g) as an initiator. For the second, 2,2′-
azobis(2-methylpropionamide) dihydrochloride (AMPA, 1.50 g) was used to initiate the 
polymerization. No matter what initiator was used, an emulsion of MMA (400 mL) and water 
(1575 mL) was initially stirred in a 3000 mL, five-neck round bottom flask. A slow N2 flow was 
used to purge the system and it was stirred via a Teflon stir blade attached to an overhead mixer. 
The emulsion was brought to 70 °C. Once the temperature was stabilized, the initiator (either 
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KPS or AMPA) was dissolved in 25 mL of water and then poured into the emulsion. The N2 flow 
was cut and the mixture was allowed to react for several hours. Glass wool was used to filter 
large aggregates from the suspension. 
 As outlined before, suspensions of the PMMA spheres were poured into crystallization dishes 
to prepare colloidal crystal templates. These spheres were allowed to sediment under the force of 
gravity in covered dishes. Once sedimentation was completed, the cover was partially removed 
and the supernatant was allowed to evaporate. Small, mm-sized pieces of the dried colloidal 
crystals were used as templates in the following syntheses. 
 
8.2.3 Synthesis of Cerium-Containing Mixed Oxides via the Methanolic Salt Solution (MSS) 
Route  
 Similar to what was described in Chapter 7, precursor solutions of metal chloride salts in 
methanol were prepared. Table 8.1 lists the identities and amounts of the metal chloride salts 
required for the particular compositions explored in this chapter. As was the case for the 
doped/mixed metal oxides described in previous chapters, the designation for the mixed oxide 
samples is based off the molar ratios of the salt precursors dissolved in the methanol. All 
precursors contained 2.00 g of metal chloride salts. These salts were dissolved in 2.00 g of 
methanol and then stirred for an additional 30 min.  
 Once a given precursor was fully prepared, it was infiltrated into colloidal crystal templates 
containing AMPA-initiated PMMA spheres. For infiltration, colloidal crystal templates were 
placed into glass scintillation vials and the precursor was poured onto templates. Like the MSS 
syntheses outlined in Chapter 7, a mass ratio of approximately 3:2 (colloidal crystal 
template:precursor solution) was used. Capillary action drew the precursor into the interstitial 
spaces of the template, and this process was allowed to take place for 1 d. After infiltration, the 
cap of the scintillation vial was removed and the infiltrated templates were dried in ambient 
conditions for 1 d. The infiltrated templates were then placed in alumina boats and inserted into a 
tube furnace. To combust the PMMA spheres and crystallize the precursor, the materials were 
heated at 2 °C/min to 310 °C with a 2 h hold and then heated at 2 °C/min to 450 °C with a 2 h 
hold. Thermal treatment was conducted under static air. 
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Table 8.1 Identity and amount of metal chloride salts used for the MSS precursors. 
 
 Specimens from the doped 3DOM MSS materials were also subjected to an additional thermal 
treatment step. The thermal treatment was conducted in a Netzsch STA 409 PC Luxx 
thermogravimetric analyzer under an atmosphere of 99 vol% N2 and 1 vol% O2. A ramp of 10 
°C/min used to bring the temperature of the specimens to 1350 °C, and the specimens were kept 
at that temperature for 1 h.  
 
8.2.4 Synthesis of Cerium-Containing Mixed Oxides via the Pechini Method (PM) 
 An additional metal ion (Mn) was added to the cerium oxide lattice via the Pechini method. 
For this synthesis, 0.010 moles of total metal ions (Ce
3+
 and the dopant) were used. The metal 
salts were first combined in a scintillation vial. 3DOM Ce0.9Mn0.1O2-x-PM was made by 
combining 3.35 g of CeCl3·7H2O, 0.20 g of MnCl2·4H2O, and 6.30 g of citric acid monohydrate. 
These solids were then dissolved in 6.70 g of H2O. After this was completed, 1.24 g of ethylene 
glycol was added to the precursor, and the solution was stirred for 15 minutes.   
 Stirred precursors were subsequently infiltrated into PMMA colloidal crystal templates. The 
precursors were infiltrated into templates containing KPS-initiated PMMA spheres. A mass ratio 
of 3:4 (precursor to template) was used for the infiltration, and the infiltration was conducted in 
sample
a 
amount of 
CeCl3·7H2O 
(g) first dopant 
amount 
(g) second dopant 
amount 
(g) 
CeO2-MSS 2.00 NA NA NA NA 
Ce0.8Zr0.2O2-MSS 1.64 ZrOCl2·8H2O 0.36 NA NA 
Ce0.8La0.2O1.9-MSS 1.60 LaCl3·7H2O 0.60 NA NA 
Ce0.8Pr0.2O2-x-MSS 1.60 PrCl3·xH2O
b 0.40 NA NA 
Ce0.8Nd0.2O1.9-MSS 1.61 NdCl3·6H2O 0.39 NA NA 
Ce0.8Sm0.2O1.9-MSS 1.61 SmCl3·6H2O 0.39 NA NA 
Ce0.8Gd0.2O1.9-MSS 1.60 GdCl3·6H2O 0.40 NA NA 
Ce0.8La0.1Zr0.1O1.95-MSS 1.62 LaCl3·7H2O 0.20 ZrOCl2·8H2O 0.18 
Ce0.8Sm0.1La0.1O1.95-MSS 1.60 SmCl3·6H2O 0.20 LaCl3·7H2O 0.20 
Ce0.8Sm0.1Zr0.1O1.95-MSS 1.63 SmCl3·6H2O 0.20 ZrOCl2·8H2O 0.18 
a
 Total mass of metal salts is 2.00 g. 
b
 Degree of hydration between 6 and 7,  but assumed to be 7 for calculations.     
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closed glass scintillation vials kept at ambient temperature. Once infiltration was completed (a 
process that typically took 2–4 h), the infiltrated templates were placed in closed vessels and were 
kept at 90 °C for 24 h. All materials were then placed in a tube furnace and calcined under static 
air. The furnace was held at 310 °C for 2 h and 450 °C for 2 h. A temperature ramp rate of  
2 °C/min was used. 
 
8.2.5 Synthesis of 3DOM Praseodymium-Based Oxides via the Pechini Method  
 Undoped 3DOM PrO2-x samples and 3DOM Pr0.6Zr0.35Y0.05O2-x mixed oxide samples were 
made using Pechini-type precursor. For the undoped sample, 3.91 g of praseodymium nitrate 
hexahydrate and 1.50 g of citric acid monohydrate were combined in a scintillation vial. These 
solids were then dissolved in 3.11 g of water. After dissolution of the solids, 1.00 g of ethylene 
glycol was added and the solution was stirred for 15 min. The doped sample was produced by 
combining 2.61 g of praseodymium chloride heptahydrate, 1.31 g of zirconyl chloride 
octahydrate, 0.18 g of yttrium chloride hexahydrate and 2.00 g of citric acid monohydrate in a 
vial. Four g of water was then added to the vial and the solution was stirred until all solids were 
dissolved. At that point, 2.00 g of ethylene glycol was added to the solution. Stirring was 
continued for 15 min. 
 For the undoped Pr-containing precursor, pieces of the KPS-initiated PMMA colloidal crystal 
templates were placed in scintillation vials. The Pechini precursor was then added to the vials. As 
was the case in Chapter 7, a mass ratio of 3 to 2 (template to precursor) was used. Infiltration via 
capillary action took roughly 2 h, and then the capped vials were heated at 90 °C for 1 h. These 
infiltrated templates were placed in an alumina boats and calcined under static air in a tube 
furnace. A ramp rate of 2 °C/min was used, and the temperature was held at 310 °C for 2 h and 
450 °C for 2 h. 
 The doped material was processed in a different fashion that relied on the assistance of a 
vacuum. Structurally colored materials were obtained using this method, while unassisted 
infiltration resulted in poor inverse replication of the structure. A few-mm layer of KPS-initiated, 
partially-crushed PMMA colloidal crystal templates was placed on a circle of cellulose filter 
paper. Both the filter paper and the colloidal crystals were placed in a Büchner funnel attached to 
a vacuum flask. Precursor was then dripped onto the templates via a pipette until the all the 
exterior surfaces of the PMMA templates were coated with precursor. Infiltration was allowed to 
take place over a period of roughly 15 min. Excess precursor was then removed by applying a 
low vacuum (>1 torr) for several min. A second cycle of infiltration (dripping precursor, waiting, 
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and applying vacuum) was then conducted. These infiltrated templates were thermally-treated at 
90 °C for 1 h in a closed vessel. Calcination of the treated material was performed via the same 
procedure used above for the undoped material. 
 
8.2.6 Preparation of 3DOM Perovskite Materials via the Pechini Method  
 Solution-based precursors were first prepared for the synthesis of the 3DOM perovskites. The 
components and amounts of each component in the precursors are listed in Table 8.2. Nitrate salts 
were used to supply the metal cations needed for the perovskites. The amount of certain 
components and the identity of the transition metal nitrate were varied from precursor to 
precursor. For instance, the precursor for 3DOM La0.6Sr0.4MnO3-x requires double the moles of 
citric acid monohydrate needed for precursors that contain iron or cobalt nitrate. For all 
precursors, the same sequence of steps was carried out to generate a stable solution suitable for 
infiltration into the colloidal crystal template. First, the metal nitrates (0.015 moles in total) and 
citric acid monohydrate were added to a scintillation vial. These solids were dissolved in water 
under rapid stirring (a process that can take up to 1 h). Ammonia solution was then added to the 
precursor, while it was stirred. Finally, ethylene glycol was added and the precursor was stirred 
for 15 min. 
 These Pechini precursors were infiltrated into AMPA-initiated PMMA colloidal crystal 
templates. For these infiltrations, 2.00 g of ground (roughly 1 to 2 mm) colloidal crystal templates 
were combined with 1.50 g of a given precursor in a closed vessel. Ambient conditions were 
used. Infiltration of the solution was facilitated by gently stirring the templates and the precursor 
or via the addition of ~0.20 to 0.30 g more precursor solution. Complete infiltration of the 
templates typically occurred within 3 h. The infiltrated templates were then placed in a sealed 
vessel and heated at 90 °C for 24 h. (CAUTION: Vessels were kept sealed and were only opened 
in a well-ventilated area. Nitrogen oxides are produced during the gelation step.) Once the curing 
step was complete, the infiltrated templates were placed in an alumina boat in a tube furnace. 
Samples were heated (in static air) to 600 °C using a 1 °C/min rate and held at 600 °C for 5 h. 
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Table 8.2. Contents of the precursor solutions for the 3DOM pervoskite samples. 
 
8.2.7 Structural Characterization 
 Various methods of materials characterization and analysis of the obtained data were 
employed for this chapter. For materials made via the methanolic salt solution route (i.e., the 
MSS samples) and praseodymium oxide-based materials, SEM was conducted using a JEOL 
6500 operated at 5 kV. All other materials were analyzed using a JEOL 6700 microscope also 
operated at 5kV. Irrespective of the instrument used, specimens for SEM were prepared by 
placing a portion of the powdered materials on double-sided sticky carbon tape affixed to an Al 
stub. A coating of 75 Å of Pt metal was applied to the specimens. PXRD diffraction patterns were 
obtained using PANalytical X’Pert Pro fitted with a Co anode (operated at 45 kV and 40 mA). 
TREOR90, supplied with PANalytical’s HighScore Plus software, was used to index several 
patterns and obtain unit cell parameters. An internal LaB6 (99 %, Sigma-Aldrich) standard was 
used to correct for instrumental errors. Crystallite sizes were determined using the Scherrer 
equation. Lorentizian functions were used to fit peaks for this purpose. Sorption isotherms were 
collected using a Quantachrome Autosorb IQ2-MP. Nitrogen gas was used and the temperature 
was kept at 77 K.  All samples were outgassed at 200 °C for 8 h under a pressure of 0.001 torr. As 
Sample 
La(NO3)3· 
6H2O 
(g) 
Sr(NO3)2  
(g) 
transition 
metal 
nitrate 
(g)
a
  
citric 
acid  
(g)
b 
water 
(g) 
ammonia 
solution 
(g)
c 
ethylene  
glycol 
(g) 
LaFeO3-x 3.25 NA 3.03 6.30 7.30 0.200 1.12 
La0.75Sr0.25FeO3-x 2.44 0.40 3.03 6.30 7.30 0.200 1.12 
SrFeO3-x NA 3.17 3.03 6.30 7.30 0.200 1.12 
La0.6Sr0.4MnO3-x
 
1.94 0.64 1.40 3.15 7.30 0.200 1.24 
LaCoO3-x 3.25 NA 2.18 6.30 7.30 0.200 1.12 
La0.6Sr0.4CoO3-x 1.95 0.64 2.18
 
6.30 7.30 0.200 1.12 
a
 Three different transition metal nitrates were used for these precursors. Fe(NO3)3·9H2O was 
used for the Fe-containing perovskites, Mn(NO3)2·4H2O was used for the Mn-containing 
perovskite, and Co(NO3)2·6H2O is used for the Co-containing perovskites.  
b
 The monohydrate was used for these precursors. 
c
 Concentrated ammonia solution (28–30 wt%) was used.
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before, the BET method was employed to determine specific surface areas. Total pore volumes 
were determined from the point P/Po = 0.995.  
 
8.2.8 Procedures for Testing Fuel Production Capabilities of Select Materials 
 For the praseodymium-based materials and the La0.6Sr0.4MnO3-x, chemical redox cycling was 
conducted using the reactor set-up that is outlined in Chapter 7. Again, 3DOM powders were 
sieved to sizes between 180 and 840 μm, weighed, and placed in the reactor. Gas production was 
monitored using a Raman spectrometer (Atmosphere Recovery, Inc., RLGA-129a). Calibration of 
the mass flow controllers and the detector was carried out using the same procedures detailed in 
Chapter 7. The praseodymium-based materials were reduced and re-oxidized either three or six 
times at ~825 °C. For reduction, a stream of 5 mol% H2 in Ar (99.999% purity, Airgas) was 
passed over the sample at a rate of ~200 mL/min. Reduction was conducted for 60 min. Samples 
were re-oxidized under flow of 300 mL/min of Ar that was saturated with water (0.02 atm). 
Oxidation was conducted for 20 min. Purge steps were conducted using pure Ar to flush out 
residual hydrogen and water. This is identical to the procedure used for the cerium zirconium 
oxide samples studied in Chapter 7. 
 Extensive changes to the chemical cycling procedure were carried out for the 3DOM 
La0.6Sr0.4MnO3-x. The reduction temperature was fixed during these tests, but the oxidation 
temperature was changed. Only one reduction and oxidation step was performed for a given 
temperature. In these experiments, the 3DOM La0.6Sr0.4MnO3-x was first reduced at 500 °C in a 
stream of Ar that contains a mixture of water and hydrogen (680 mL/min). Overall content of the 
stream was 0.7 % ± 0.1 % H2, 2.7 % H2O and the balance being Ar. Hydrogen was produced via 
electrolysis, while the stream of Ar was saturated with water by bubbling though a column 
containing DI water. This reduction was carried out for 30 min. Based on an extrapolation of the 
redox thermodynamics of La0.6Sr0.4MnO3-x,
91
 this chemical reduction step should be equivalent to 
a thermochemical reduction at 1500 °C under 1·10
-5
 atm of oxygen. Prior to oxidation, the reactor 
was flushed with a stream of pure Ar gas to remove hydrogen and water. The 3DOM 
La0.6Sr0.4MnO3-x was then oxidized in a stream of CO2 (99.9 % purity, Airgas) using a flow rate of  
300–330 mL/min. Oxidation was performed at 500 °C, 600 °C, 700 °C, 800 °C, 900 °C, 1000 °C, 
or 1100 °C. 
 A different set-up was used for determining the fuel productivity of the 3DOM Ce0.9Mn0.1O2-x-
PM. This material was thermochemically cycled in an infrared image furnace (Ulvac-Riko VHT-
E44). A schematic for the system is shown in Figure 8.2. Due to the high temperatures attainable 
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in this set-up, an alumina process tube and alumina sheaths was used to protect the Pt–
Pt/Rh thermocouples. The 3DOM materials were sieved between 180 and 840 μm and loaded into 
the process tube. To help hold the bed of 3DOM Ce0.9Mn0.1O2-x-PM in place, a porous alumina 
plug was placed downstream of the bed. Two thermocouples were present in the reactor system. 
The thermocouple designated T2 was placed downstream from the bed and this particular 
thermocouple controlled the temperature of the reactor system. Since T2 was not is isolated from 
the 3DOM sample, a fixed amount of power can be sent into the reactor no matter what sample is 
present. This is similar to what can be easily achieved in a reactor linked to a concentrated solar 
power system.
117
 Another thermocouple, T1 was embedded in the sample and can record its 
temperature. For the reduction step, the temperature was initially increased from 800 °C to 1100 
°C (as monitored by T2) over a period of 18 sec. The temperature was kept at 1100 °C for an 
additional 60 sec. During reduction, a stream (100 mL/min) of N2 containing 10.5±0.1 ppm O2 
was passed over the sample. For the oxidation step, the temperature was rapidly reduced to 800 
°C and then held at that temperature for 120 sec. A stream (100 mL/min) of 25 mol% CO2 
(balance N2) was used for the oxidation. As before, a Raman spectrometer was used to monitor 
the composition of the effluent gas stream (Atmosphere Recovery, Inc., RLGA-129a). Further 
details of the reactor system can be found in a report by Rudisill et al.
117
 
      
 
Figure 8.2 Diagram of the reactor system used for thermochemical cycling of 3DOM Ce0.9Mn0.1O2-x-PM. 
All lengths are given in millimeters. Image reproduced with permission from [117] © 2013 American 
Chemical Society. 
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8.3 Results and Discussion 
 Similar to the structure of Chapter 4, the results in this chapter are divided into separate 
sections for each study. The first section details the analysis of the crystal structure, crystal size, 
and morphology of cerium-based mixed oxides made via the MSS route. A brief exploration of 
their thermal stabilities at 1350 °C is also presented. In the second section, two additional cations 
(Mn and La) are incorporated into the cerium oxide lattice via the Pechini method. One of these 
materials, 3DOM Ce0.9Mn0.1O2-x was also thermochemically cycled. A brief analysis of its 
structure after cycling is given, along with an analysis of its fuel production and fuel production 
kinetics. For the third section, the characterization of 3DOM PrO2-x and 3DOM Pr0.6Zr0.35Y0.05O2-x 
is discussed. Chemical redox cycling of these materials and induced structural changes are 
discussed. Finally, six perovskites are analyzed by PXRD, gas sorption, and electron microscopy. 
3DOM La0.6Sr0.4MnO3-x was reduced (chemically) and oxidized in CO2, and this study is 
discussed. Brief conclusions are given at the end of each section, and an overall summary is 
presented at the end of the chapter. 
 
8.3.1 Extension of the MSS Route to Cerium-Based Mixed Oxides that Contain Other 
Lanthanoids 
 While some disagreement exists on whether lanthanoid dopants improve the conversion 
efficiencies for the thermochemical generation of H2/CO using cerium oxide,
50,118,119
 lanthanoids 
can improve the thermal stability of cerium oxide.
53
 The MMS route is an extremely facile way to 
produce mixed oxides that contain cerium as the major cationic component. For that reason, the 
MSS route was chosen for this particular study on mixed oxides that contain lathanoids, 
especially since the lighter lanthanoids are fairly soluble in the fluoride lattice.
120
 As is presented 
in Chapter 7, materials synthesized (via the MSS route) that contain higher concentrations of Zr, 
30 mol% and above, are not phase pure. While the presence of multiple mixed oxide phases is not 
necessarily problematic (in Chapter 7, the H2 fuel production was increased for a highly 
inhomogeneous sample relative to one that was phase pure), it can complicate analyses of the 
crystalline polymorphs present in a material. Also, the different phases can sinter at substantially 
different rates, which can make analysis of the thermal stability of a particular 3DOM material 
difficult. To avoid potential issues stemming from the formation of multiple phases, the content 
of cerium cations was fixed at 80 mol% (relative to the total content of cations). Data was mainly 
gathered to determine how the dopants change the structural characteristics of the crystalline 
phase and the morphological after thermal treatment. Each point is discussed in turn.  
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8.3.1.1 Characterization of As-Made MSS Samples via Powder X-Ray Diffraction 
 Mixed oxides that contain two cationic species (cerium and a dopant) or three cationic species 
(cerium and two dopants) were synthesized and analyzed via PXRD. The patterns for the singly-
doped 3DOM materials are shown in Figure 8.3. All patterns for the 3DOM materials possess the 
characteristic reflections of a face-centered cubic fluorite lattice. However, the positions of the 
peaks are displaced from the literature pattern for CeO2. Oxygen vacancies generated due to the 
small size of the crystallites
121
 and the presence of the dopant cations contribute to the shifts in 
the locations of the peaks.
120
 Due to the high content of the dopant in these samples, the latter is 
far more important. Zirconium lowers the lattice parameter and causes reflections to shift to 
higher °2θ, similar to what is observed in the 3DOM materials discussed in Chapter 7. Trivalent 
lanthanoid dopants shift the peaks to lower values of °2θ due to an expansion of the cubic fluorite 
lattice.
120
 These dopants are larger than the Ce
4+
 (0.97 Å) that they replace in the lattice and tend 
to increase the unit cell parameter (a).
122
 While expansion of the lattice is encountered for lighter 
lanthanoids, it is observed that heavier lanthanoids (like Yb) experience lattice contractions. This 
is due, in part, to the formation of oxygen vacancies that compensate for the addition of the 
acceptor dopants (equation 8.6, where Ln is a trivalent lanthanoid). Heavier lanthanoids have 
ionic radii closer to Ce
4+
 (0.97 Å), so the decreased O–O repulsion induced by widespread 
oxygen vacancy formation causes the contraction of the lattice.
120,123
  
           
    
       
           
   (8.6) 
 
 Table 8.3 provides the calculated unit cell parameters for the lanthanoid-doped 3DOM 
materials. To obtain these parameters, PXRD patterns of the relevant materials were indexed 
using the program TREOR90. An internal LaB6 standard was used, as well. For the mixed oxides, 
the unit cell parameter is higher than the undoped 3DOM CeO2. Since the ionic radius of the 
dopant decreases with increasing lanthanoid atomic number, the unit cell parameter typically 
decreases. These values are not what would be expected using Vegard’s law, but match well with 
what has been reported in the literature.
123,124
 Two anomalies to the general trend should be 
discussed. First, the lanthanum-containing mixed oxide has a lower unit cell parameter than what 
is reported in the literature. It is possible that the deliquescent LaCl3·7H2O adsorbed enough 
water to significantly change the number of moles of La
3+
 added to the precursor. 
Thermogravimetric analysis of the LaCl3·7H2O, shows that it loses more mass than would be 
expected if it for a heptahydrate. This would lead to a lower than expected dopant concentration 
and a smaller unit cell parameter as is seen in Table 8.3 Other researchers have also encountered 
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anomalies in the observed unit cell parameter with lanthanum dopants potentially due to water 
uptake in the precursors.
120
 Second, as stated in the introduction, praseodymium is found as both 
Pr
3+
 and Pr
4+
 under ambient conditions. Tetravalent praseodymium has a smaller ionic radius than 
trivalent praseodymium, so the tetravalent cation tends to decrease the unit cell parameter.
124
 
 
Figure 8.3 Powder X-ray diffraction patterns for the singly-doped cerium oxide materials made via the 
MSS route. 
 
Table 8.3 Lattice parameters for MSS samples that contain cerium and an additional lanthanoid cation. 
 
 Three 3DOM mixed oxides were also synthesized that contain two cationic dopants. The 
PXRD patterns for these materials are shown in Figure 8.4. Again, the cubic fluorite crystal 
lattice is present in all of the samples. For the materials that contain a lanthanoid and zirconium, 
 None La Pr Nd Sm Gd
 
a (Å), experiment 5.4111 5.445 5.426 5.452 5.438 5.427 
a (Å), literature 5.4113a 5.47630b
 
5.423(3)
c 
5.44482
b 5.43688b
 
5.42573
b 
dopant ionic  
radius (Å)
d
 
NA 1.160 1.126 1.109 1.079 1.053 
a
 From JCPDS #34-0394.  
b
 From [123]. 
c
 From [124]. 
d
 From [122], values are for eight-fold coordination.
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the positions of the reflections are not appreciably displaced from that of pure CeO2. This is due 
to the contrasting effects of the lanthanoid and zirconium when incorporated into the fluorite 
lattice. Both La
3+
 and Sm
3+
 are larger than Ce
4+
 (see Table 8.3) and increase the unit cell 
parameter; however, Zr
4+
 is smaller than Ce
4+
 and shrinks the fluorite lattice. Overall, little 
change in the unit cell parameter occurs. Trivalent samarium has a smaller ionic radius than 
trivalent lanthanum, so the dually-doped material containing Sm
3+
 has a pattern with reflections 
that are displaced toward higher °2θ. 3DOM Ce0.8Sm0.1La0.1O1.9 contains two lanthanoid dopants 
that are smaller than Ce
4+
 and as a consequence has reflections that are displaced to lower °2θ.  
 
Figure 8.4 Powder X-ray diffraction patterns for the doubly-doped cerium oxide materials made via the 
MSS route. 
 
 Crystallite sizes were also determined using the Scherer equation (Table 8.4). All mixed metal 
oxides have smaller crystallite sizes than the pure 3DOM CeO2-MSS. No clear relation exists 
between the properties of the dopants (ionic radius, charge, etc.) and the measured crystallite size. 
Even the dual-doped materials have no clear relation to their single-doped counterparts. For the 
dual-doped materials that contain lanthanum, addition of a second dopant significantly decreases 
crystallite size compared to the 3DOM Ce0.8La0.2O1.9-MSS. However, the 3DOM 
Ce0.8Sm0.1Zr0.1O1.95-MSS has larger crystallites than either the 3DOM material doped only with 
Sm or only with Zr. Variations in crystallite size may be caused by small temperature fluctuations 
generated by variations in the position of the sample in the furnace or variations in the amount of 
material loaded in the boat.  
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Table 8.4 Crystallite sizes of the MSS samples estimated using the Scherrer equation. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
8.3.1.2 Morphological Characterization of the MSS Samples Before and After Thermal 
Treatment 
 Scanning electron micrographs were taken of all the as-made 3DOM MSS materials discussed 
in the prior subsection. These images are split in two parts, with 3DOM Ce0.8Pr0.2O2-x-MSS and 
3DOM Ce0.8Nd0.2O1.9-MSS in Figure 8.5 and all other materials in Figure 8.6. The materials 
shown in Figure 8.5 were not treated at high temperatures, so they are presented in a separate 
image. All the materials synthesized via the MSS route contain interconnected macropores. Most 
regions of these samples contain the 3DOM structure, albeit with some larger voids that may have 
been generated from incomplete infiltration. Greater disorder is found in the dually-doped 
materials, but pore spaces remain interconnected. 
 
 
Figure 8.5 SEM micrographs of (a) 3DOM Ce0.8Pr0.2O2-x-MSS and (b) 3DOM Ce0.8Nd0.2O1.9-MSS. 
Sample crystallite size (nm)a 
CeO2-MSS 16.5 
Ce0.8Zr0.2O2-MSS 8.1 
Ce0.8La0.2O1.9-MSS 15.0 
Ce0.8Pr0.2O2-x-MSS 7.4 
Ce0.8Nd0.2O1.9-MSS 11.4 
Ce0.8Sm0.2O1.9-MSS 8.6 
Ce0.8Gd0.2O1.9-MSS 11.4 
Ce0.8La0.1Zr0.1O1.95-MSS 10.3 
Ce0.8Sm0.1La0.1O1.95-MSS 8.6 
Ce0.8Sm0.1Zr0.1O1.95-MSS 9.7 
a
 Lorentzian function used for fitting of (111) peak. 
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Figure 8.6 SEM images of (a) 3DOM CeO2-MSS, (b) 3DOM Ce0.8Zr0.2O2-MSS, (c) Ce0.8La0.2O1.9-MSS, 
(d) Ce0.8La0.1Zr0.1O1.95-MSS, (e) Ce0.8Sm0.2O1.9-MSS, (f) Ce0.8Sm0.1La0.1O1.95-MSS, (g) Ce0.8Sm0.1Zr0.1O1.95-
MSS, and (h) Ce0.8Gd0.2O1.9-MSS.  
 
 Considerable morphological changes occur upon thermal treatment of these macroporous 
materials at 1350 °C. Figure 8.7 provides representative images for eight of the 3DOM material 
after the thermal treatment step. The corresponding images of the as-made samples are shown in 
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Figure 8.6. Any semblance of an ordered pore network disappears due to extensive sintering. 
Both crystal growth and densification occur during heating; however, the densification of the 
material is easier to observe upon visual inspection of the power after thermal treatment. While 
the as-made 3DOM materials are fluffy, opalescent powders, the treated samples lose both their 
opalescence and well over 50 % of their volume. For all materials, the final sintered morphology 
resembles what has been reported by Rudisill et al. for 3DOM CeO2 that underwent 
thermochemical cycling at ~1200 °C and at 800 °C.
117
 Thermal treatment eliminates ordered 
macroporosity, but a disordered network of pores remains. This network coarsens and pores 
eventually become closed off from each other as sintering progresses. In these 3DOM materials, 
the macropores in the original 3DOM network provide a kinetic barrier for sintering.
125
 This 
“pore drag” phenomenon is caused by the attachment of pores to grain boundaries. Moving grain 
boundaries drag attached pores along, provided the mobility of the pore and the 
boundary/attached pore are similar.
125
 These pores coalescence and coarsen as grain boundaries 
migrate and merge into each other. For most of the sintered 3DOM materials, pores that are 
similar in size to the grains are formed. Numerous grains border these pores, so any reduction in 
the surface area of the pores causes a greater increase in the area of grain boundaries. Pores tend 
to be stable in these cases.
126
 However, the undoped 3DOM CeO2-MSS contains larger grains and 
lower coordination, which can facilitate further reduction of surface area.
126
  
 Addition of dopants, either Zr
4+
 or the lanthanoid cations, causes significant reductions in the 
crystal size relative to undoped CeO2. Since the amount of dopant is 20 mol% for these samples, 
solute drag can be reasonably expected to contribute to the smaller crystallite size.
29,127
 It cannot 
be ruled out that changes to the mobility of ionic species in the lattice (altering the volume 
diffusion) also lead to reductions in crystallite size (to hundreds of nm). At high levels of doping 
in CeO2, defect associations are thought to slow various mass transport mechanisms.
128
 Grain 
boundary energetics may also be changed. As was mentioned in the paragraph before, the doped 
3DOM materials retain smaller pores surrounded by numerous crystallites. Reductions in the size 
of crystallites, also lead to lessened coarsening of pores.
126
 Both pores and grains are fairly 
anisotropic in these sintered materials, which likely originates from anisotropy drag forces acting 
on the crystallites (via attached pores). While solute drag is likely responsible for inhibited 
sintering, the origin of the differences in crystallite size between particular samples is nebulous. 
Larger lanthanoid ions tend to cause greater reductions in crystallite size,
128,129
 and this is 
observed here for the smaller grains in 3DOM Ce0.8La0.2O1.9-MSS and 3DOM Ce0.8Sm0.2O1.9-
MSS. Unfortunately, that does not explain the substantial reduction in crystallite size for the 
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3DOM Ce0.8La0.1Zr0.1O1.95-MSS. A recent report provided information that co-doping with La/Zr 
and Sm/Zr produced materials with smaller crystallites, but a mechanism was not put forth.
130
 
However, with all of the doped materials, it remains to be seen if continued grain growth and 
densification occur at 1350 °C. 
 
 
Figure 8.7 SEM images of various 3DOM materials thermally-treated at 1350 °C for 1 h. The specific 
materials are: (a) 3DOM CeO2-MSS, (b) 3DOM Ce0.8Zr0.2O2-MSS, (c) Ce0.8La0.2O1.9-MSS, (d) 
Ce0.8La0.1Zr0.1O1.95-MSS, (e) Ce0.8Sm0.2O1.9-MSS, (f) Ce0.8Sm0.1La0.1O1.95-MSS, (g) Ce0.8Sm0.1Zr0.1O1.95-
MSS, and (h) Ce0.8Gd0.2O1.9-MSS. 
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8.3.1.3 Conclusions 
 Ten cerium-based 3DOM materials made through the methanolic salt solution route were 
characterized via PXRD and electron microscopy. These analyses show that the dopants were 
successfully incorporated into the lattice. A cubic fluorite crystal structure is present in the 
materials. Trivalent lanthanoids increase the unit cell parameter for the materials, whereas Zr
4+
 
decreases the unit cell parameter. Crystallite sizes for the doped as-made 3DOM materials are 
smaller than 3DOM CeO2-MSS. More dramatic differences are observed in the crystallite size of 
the 3DOM materials after thermal treatment at 1350 °C. Dopants are found to considerably 
reduce the size of crystallites and pores in the sintered materials. 3DOM Ce0.8La0.1Zr0.1O1.95-MSS 
contains the smallest crystallites for all the samples. 
 
8.3.2 Extension of the PM Route to Ce0.9Mn0.1O2-x 
 For the rest of the chapter, the discussion centers on 3DOM materials created via the Pechini 
method. A good starting point is for this discussion is an extension of the Pechini method to a 
mixed oxide that contains cerium oxide. The general synthesis is slightly modified from what is 
described in Chapter 7, based on optimizations of the synthesis explored by Rudisill et al.
131
 
Manganese was chosen as dopant for cerium oxide, since it this mixed oxide has been used as a 
catalyst and as a material for solar thermochemical fuel production.
7,16,41
 In addition, manganese 
can change oxidation states and potentially participate in the fuel production reactions. An 
especially promising finding comes from Janik and co-workers,
132
 who found that manganese 
dopant reduces the energy needed for oxygen vacancy formation and does not significantly 
cripple the ability of the doped material to re-oxidize. However, this study was conducted for  
C–H bond activation, and, as is seen, its results do not necessarily translate to solar 
thermochemical fuel production. 
 
8.3.2.1 Characterization of As-Made 3DOM Ce0.9Mn0.1O2-x-PM 
 The transition metal-doped, 3DOM Ce0.9Mn0.1O2-x-PM, was also characterized after its 
synthesis. As was expected, a 3DOM network is present in the material (Figure 8.8 a). Mn cations 
also cause the 3DOM material to absorb more incoming visible light, and consequently, the 
material exhibits a brilliant green structural color.
116
 No impurity phases can be detected in the 
diffraction pattern of the material (Figure 8.8 b). A cubic fluorite structure is present and the 
estimated crystallite size is quite small at 4.4 nm. While the oxidation state of the Mn cations was 
not assessed, the positions of the reflections suggest that Mn
2+
 is present. The as-made material is 
tinged greenish-brown, which would be expected for the addition of Mn
2+
 cations. Reflections are 
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slightly shifted to higher °2θ, indicating a contraction of the lattice occurred. From Shannon, the 
ionic radius of eight coordinate Mn
2+
 (0.96 Å) is slightly smaller than that of Ce
4+
 (0.97 Å) 
cations.
122
 This should lead to a slight contraction of the lattice (that may also be reinforced by 
the formation of oxygen vacancies), as is observed. However, additional characterization, such as 
XPS, is ultimately required to assess the valence state of the Mn cationic species. Unlike the 
3DOM Ce0.9La0.1O1.95-PM, hysteresis is not observed in the isotherm of the Mn-containing 
material (Figure 8.8 c). A sharp rise in the volume adsorbed/desorbed happens at high relative 
pressures due to the presence of macropores. The BET specific surface area of the material is 29.2 
m
2
/g, which is similar to as-made 3DOM cerium zirconium oxide materials. 
 
 
Figure 8.8 Results from characterization of 3DOM Ce0.9Mn0.1O2-x-PM by several different techniques are 
shown.  In (a) an SEM micrograph of the 3DOM network is given, (b) presents the PXRD pattern, and (c) 
is the N2 sorption isotherm collected from the material.  
 
8.3.2.2 Thermochemical Cycling of 3DOM Ce0.9Mn0.1O2-x-PM 
 Thermochemical cycling (70 reduction/oxidation cycles) of the 3DOM Ce0.9Mn0.1O2-x-PM 
results in massive structural changes. After the bed of 3DOM Ce0.9Mn0.1O2-x-PM was removed 
from the reactor, it was easily observed that densification of the bed had occurred. The bed 
densified away from the process tube and formed a sintered cylinder around the T1 thermocouple. 
Since the bed was broken during removal, a cross-section of the core was not available for 
imaging. Even though a cross-section was not obtained, different morphologies are observed in 
the SEM images of the post-cycled material (Figure 8.9 a). Rudisill et al. discovered that when 
undoped 3DOM CeO2 was thermochemically cycled in the IR reactor set-up, a thermal gradient 
developed.
117
 This thermal gradient results in considerable grain growth/densification of crystals 
near the process tube, and better retention of the 3DOM structure in center.  However, 3DOM 
Ce0.9Mn0.1O2-x-PM sinters more extensively than 3DOM CeO2, and contains a high fraction of 
μm-size grains (~70 % of the specimen). Areas with disordered macropores and smaller 
crystallites are much rarer than in 3DOM CeO2. Manganese cations have been reported to 
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facilitate sintering at high temperature,
133
 and this is confirmed for the 3DOM Ce0.9Mn0.1O2-x-PM. 
Even though some smaller crystallites are present, the line widths of the reflections in the PXRD 
pattern are so narrow that the Kα2 peaks are visible (Figure 8.9 b). Diffraction from μm-scale 
grains drowns out the smaller crystallites. Phase separation does not occur during cycling, and 
only reflections from a cubic fluorite phase can be identified. 
 
 
Figure 8.9 (a) SEM micrograph of the thermochemically cycled 3DOM Ce0.9Mn0.1O2-x-PM sample that 
shows morphological variations in present the sample. Most of the scanned areas are heavily sintered. 
Peaks in the PXRD pattern (b) narrow considerably from the as-made sample, but remain single phase.   
 
 Unlike 3DOM CeO2, the 3DOM Ce0.9Mn0.1O2-x-PM does not produce any appreciable amounts 
of CO. Since only peaks from O2 production were found, only the O2 gas production from the 
reduction step is recorded (Figure 8.10). The temperature of the thermocouple embedded in the 
sample (T1) is also recorded (Figure 8.10). Though it is not shown, the O2 production commences 
when the temperature is ramped to 1100 °C. Although the amount of O2 produced exceeds that of 
pure 3DOM CeO2 for the first two cycles, the oxygen production stabilizes at a low level (0.1 
mL/g). It is likely that a combination of severe sintering (see Figure 8.9 a) and unfavorable 
changes to the redox properties of the material are responsible for the poor O2 production. With 
regards to the latter point, the addition of Mn eases the reducibility of the of CeO2 lattice. This 
leads to the high levels of O2 production for the first two cycles. However, the 3DOM 
Ce0.9Mn0.1O2-x-PM is much harder to oxidize, since it is easier to reduce.
134
 Therefore, the use of 
CO2 at 800 °C was insufficient to reoxidize the doped material to any appreciable extent, as 
evidenced by the lack of CO production. One curious finding also shown in Figure 8.10 is that the 
T1 temperature is significantly lower than what was reported by Rudisill et al. for 3DOM 
CeO2.
117
 It may be that poor positioning of the 3DOM Ce0.9Mn0.1O2-x-PM or even shrinkage of the 
bed away from the thermocouple is responsible for this discrepancy. 
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Figure 8.10 Both the highest temperature recorded by the sample thermocouple (T1) and the integrated 
cycle-to-cycle O2 production are recorded. Data collected by Tingting Quan. 
 
8.3.2.3 Conclusions 
 3DOM Ce0.9Mn0.1O2-x-PM was characterized and thermochemically cycled in an IR furnace. 
The as-made 3DOM material contains the same cubic fluorite crystal structure found in undoped 
CeO2, and crystallite sizes for the 3DOM Ce0.9Mn0.1O2-x-PM are less than 5 nm. The specific 
surface area and pore volume obtained via gas sorption are similar to those obtained for other 
3DOM materials synthesized via the Pechini method. These promising structural features do not 
lead to an increase the fuel production for the 3DOM Ce0.9Mn0.1O2-x-PM compared to 3DOM 
CeO2. Structural changes are severe due to thermochemical cycling, and the material cannot be 
oxidized under CO2 at 800 °C. 
  
8.3.3 3DOM Praseodymium-Based Oxides  
 Since the Pechini method allows for the synthesis of many different oxide and mixed oxide 
compositions, it was selected for the synthesis of the praseodymium-based oxide materials. For 
the undoped PrO2-x material, a Pechini precursor was prepared that was similar in composition to 
the precursor for the cerium oxide-based materials described in Chapter 7. Modifications to the 
amount of citric acid, ethylene glycol, and water in the precursor were made for the doped oxide. 
In addition, a vacuum-infiltration method was used for the synthesis of this 3DOM material. 
These changes to the composition of the precursor and to the processing conditions were required 
for the colloidal crystal templating to be successful. Much like the prior section, a discussion of 
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the structure of both the 3DOM PrO2-x and the 3DOM Pr0.6Zr0.35Y0.05O2-x are first given, including 
structural changes induced by chemical redox cycling. Finally, the H2 production of these two 
materials arising from redox cycling in the presence of steam is discussed in light of the structural 
characterization results. 
 
8.3.3.1 Structural Characterization of 3DOM Praseodymium-Based Oxides 
 Due to the similarities in the crystal structures of lanthanoid oxides, a good starting point for 
the analysis of the praseodymium-containing materials is their PXRD patterns. Patterns collected 
before and after chemical redox cycling are shown in Figure 8.11. Focusing on the undoped 
material first (Figure 8.11 a), the as-made 3DOM PrO2-x contains relatively few peaks. These 
reflections match those of cubic fluorite Pr6O11, a stable mixed valence phase that is commonly 
formed from sol-gel syntheses.
135
 Table 8.5 provides the crystallite size of the sample. After 
cycling, the undoped PrO2-x contains a different phase and much sharper peaks in the pattern. All 
of the reflections for the cycled 3DOM PrO2-x match those of the hexagonal (A-type) 
praseodymium sesquioxide. Although Pr
4+
 is present in the as-made sample, the Pr
4+
 content is 
reduced during cycling. The hexagonal phase is only stable in a fairly narrow range that includes 
the end member Pr2O3 that contains solely Pr
3+
 cations. The crystallite size of the cycled sample 
is too large for application of the Scherrer equation (Table 8.5). A different situation arises for the 
doped 3DOM Pr0.6Zr0.35Y0.05O2-x. Figure 8.11 b shows the diffraction patterns for the doped 
material both before and after cycling. The as-made material is either amorphous or contains 
extremely small crystallites. A broad peak is found at ~35 °2θ, which does not match either of the 
highest intensity peaks for Pr6O11 or Pr2O3. It could be that the peak is from nuclei of a doped 
Pr6O11 phase. Once cycling is finished, the pattern from the 3DOM Pr0.6Zr0.35Y0.05O2-x contains 
reflections from a cubic fluorite phase similar that reported for Pr6O11. Reflections are displaced 
to higher °2θ relative to the Pr6O11 since the undersized Y
3+
 and Zr
4+
 cations contract the crystal 
lattice. Cycled 3DOM Pr0.6Zr0.35Y0.05O2-x also contains peak shapes that can be better fit by two 
overlapping peaks with different full widths at half maximum height. If this bimodal distribution 
is accurate, then the smaller crystallites are around 8.4 nm in diameter and the size of the large 
ones cannot be estimated using Scherrer equation. Thermal gradients in the reactor may have 
made sintering anisotropic in this sample.  
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Figure 8.11 Diffraction patterns for the Pr-containing 3DOM materials both before and after cycling. The 
patterns from the undoped 3DOM PrO2-x are shown in (a) and those from the doped material are shown in 
(b).  
 
Table 8.5 Crystallite sizes, surface areas, and pore volumes for the Pr-based materials. 
Sample 
crystallite 
size (nm) 
secondary 
crystallite 
size (nm)
a 
BET surface 
area 
(m
2
/g) 
pore volume 
(cm
3
/g) 
3DOM PrO2-x, 
as-made 
9.0 NA 16.1 0.063 
3DOM PrO2-x, 
Cycled 
>100
b 
NA 7.3 0.022 
3DOM Pr0.60Zr0.35Y0.05O2-x,  
as-made 
c 
NA 28.6 0.083 
3DOM Pr0.60Zr0.35Y0.05O2-x,  
cycled 
8.4 >100b
 
18.8 0.15 
a
 Bimodal distribution of crystallites possibly present in one of the samples. 
b
 Reflections too narrow to allow for application of the Scherrer equation.  
c
 Peaks too broad to allow for accurate fitting. 
 
 To further explore the changes in the crystallite sizes caused by cycling and the resulting 
impact on the 3DOM morphology, SEM microscopy was used to image the materials. For the 
3DOM PrO2-x, a distinct change occurs during cycling. The 3DOM structure is clearly visible for 
this material after the template is removed via calcination (Figure 8.12 a, b). Treatment at 800 °C 
under alternating reducing/oxidizing gas streams causes considerable crystallite growth, as is also 
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detected in the PXRD pattern of the cycled material. A disordered macropore network remains 
after chemical redox cycling (Figure 8.12 c, d), and these macropores are still interconnected, 
despite extensive sintering. Compared to cerium oxide, the PrO2-x has much lower thermal 
stability. The images shown in Figure 8.12 c and d have sintered far worse than the similarly 
cycled 3DOM CeO2 described in Chapter 7. It is not completely clear if the gaseous atmosphere 
flowing over the 3DOM PrO2-x impacts its sintering. However, the Pr is in its lowest oxidation 
state after cycling (and, as is later discussed barely produces H2), so it is unlikely changes to the 
defect chemistry are a major contributing factor. By co-doping with Zr and Y, crystal growth is 
effectively suppressed. SEM micrographs from the 3DOM Pr0.60Zr0.35Y0.05O2-x both prior to 
(Figure 8.13 a) and after cycling (Figure 8.13 b, c) are very similar. Chemical cycling does not 
disrupt the 3DOM network and ordered macropores remain in the structure. No evidence of 
crystallites that are larger than 100 nm can be found via SEM imaging. While that does not 
necessarily mean that large crystals do not exist (only a small specimen was analyzed), it may 
suggest that if this bimodal distribution of crystal sizes exists, large crystals are rare. 
 
 
Figure 8.12 Representative SEM micrographs of the 3DOM PrO2-x (a, b) before and (c, d) after chemical 
redox cycling at 825 °C.  
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Figure 8.13 SEM micrographs of the 3DOM Pr0.60Zr0.35Y0.05O2-x taken (a) before and (b, c) after cycling at 
825 °C. No change in the morphology is observed.  
 
 The morphological changes caused by chemical redox cycling were also analyzed via nitrogen 
sorption. Isotherms collected from the as-made and cycled samples are shown in Figure 8.14. All 
isotherms contain a rise in volume adsorbed at high P/Po that is from macropores in the materials. 
Limited hysteresis is also observed in the as-made 3DOM PrO2-x. This is likely from pore spaces 
between crystallites. BET specific surface areas decrease after cycling (Table 8.5), and this 
change is more dramatic for the material that experiences the worst sintering, the 3DOM PrO2-x. 
Doping leads to improvements in surface area both before and after cycling relative to the 
undoped material. Pore volumes decrease for the 3DOM PrO2-x, but increase for the 3DOM 
Pr0.60Zr0.35Y0.05O2-x. It is possible that the increase in pore volume of the doped material is caused 
by grinding and sieving prior to redox cycling. 
 
 
Figure 8.14 Gas sorption isotherms of the various as-made and cycled Pr-containing 3DOM materials. All 
materials are macroporous, but lose surface area after cycling. 
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8.3.3.2 Chemical Redox Cycling of the Pr-Containing Materials 
 While the structural characterization gave an indication that the 3DOM PrO2-x has poor fuel 
production capabilities, both materials, the 3DOM PrO2-x and the 3DOM Pr0.6Zr0.35Y0.05O2-x, 
produce much less H2 than the cerium oxide-based materials discussed in Chapter 7. Fuel 
production curves for the 3DOM PrO2-x are plotted in Figure 8.15. The initial cycles have a 
higher maximum H2 flow rate, but maximum rates stabilize at around 0.50 mL·min
-1
·g
-1
 or  
22 μmol·min-1·g-1 by cycle 4. Overall H2 production for these latter cycles is only around  
3.0 mL·min
-1
·g
-1
 or 130 μmol·min-1·g-1, a tenth of what was produced by the best materials in 
Chapter 7. Much like the 3DOM Ce0.9Mn0.1O2-x-PM, the culprit for the poor production of H2 in 
the 3DOM PrO2-x is a combination of structural changes and an inability of the material to be 
reoxidized. Structural changes are more severe than for CeO2, leading to less surface area 
available for heterogeneous reactions. In terms of the redox properties, praseodymium oxide is 
easier to reduce than cerium oxide.
57,63
 Even the as-made 3DOM PrO2-x contains both Pr
3+
 and 
Pr
4+
 cations. PXRD reveals that the cycled 3DOM PrO2-x contains a pattern that matches the fully 
reduced Pr2O3 phase, and it is important to point out that the sample was removed after 
completion of an oxidation step. This ease of reduction comes at the price of making oxidation 
extremely difficult; a saturated stream of H2O in Ar at 825 °C cannot oxide the 3DOM PrO2-x 
sample to any appreciable extent. Increases in the oxidation temperature and a higher 
concentration of the oxidant in the gas stream may improve this situation. Doping improves the 
fuel production rates and overall productivity; however, the 3DOM Pr0.60Zr0.35Y0.05O2-x still 
performs worse than 3DOM CeO2/CexZr1-xO2. Figure 8.16 shows the fuel production curves and 
Table 8.6 contains the cycle-to-cycle maximum fuel production rates and the total H2 production. 
While these values are higher than what is observed for 3DOM PrO2-x, a noticeable cycle-to-cycle 
decrease in the peak H2 production rate occurs, and the overall production of H2 also decreases. 
Since the morphology appears to be fairly stable (and far more stable than 3DOM PrO2-x) to 
cycling at 800 °C, this loss of H2 productivity may be connected with an inability of the material 
to oxidize. Again, the excellent reducibility is a detriment in these cycling conditions because 
oxidation is far more difficult. 
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Figure 8.15 Production of H2 gas from 3DOM PrO2-x during the oxidation step of chemical redox cycling. 
Fuel production and the peak fuel production rate decrease for the first 3 cycles and then stabilize. Data 
collected and plotted by Luke Venstrom. 
 
 
Figure 8.16 Production of H2 gas from 3DOM Pr0.60Zr0.35Y0.05O2-x during the oxidation step of chemical 
redox cycling. Data collected and plotted by Luke Venstrom.  
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Table 8.6 Production of H2 from the 3DOM Pr0.60Zr0.35Y0.05O2-x sample. Data collected by Luke Venstrom. 
cycle 
peak H2 
production rate  
(mL·min
-1
·g
-1
) 
peak H2 production  
rate  
(μmol·min-1·g-1) 
total H2 
produced 
(mL·g
-1
)
a 
total H2 
produced 
(μmol·g-1)a 
First 2.1±0.1 94±2 8.6±1 380±40 
Second 2.2±0.1 98±2 5.9±1 260±40 
Third 1.8±0.1 78±2 4.8±1 210±40 
a
 Obtained by integration of the fuel production curve following the same procedure 
used in Chapter 7. 
 
 
8.3.3.3 Conclusions 
 It has been shown that 3DOM PrO2-x and doped 3DOM Pr0.6Zr0.35Y0.05O2-x can be used for 
thermochemical cycling; however, the overall H2 production rates and total productivity are 
significantly lower than those obtained using 3DOM CeO2 under similar conditions. Doping does 
greatly improve the thermal stability of the PrO2-x, allowing for retention of the 3DOM network 
and moderate surface areas. 3DOM Pr0.6Zr0.35Y0.05O2-x also produces more fuel than 3DOM  
PrO2-x. Still, the improvement is nowhere near what is needed to put it on par with 3DOM CeO2. 
Further research with these materials will require rigorous experimental or 
theoretical/computational studies to determine appropriate cycling windows. Even then, the 
reducibility of Pr may preclude its use for thermochemical fuel production. 
 
8.3.4 3DOM Perovskites Made via the Pechini Method  
 While 3DOM perovskites have been synthesized in prior studies,
136-141
 the Pechini method has, 
to this author’s knowledge, not been considered for the synthesis of these materials. As is seen in 
this section, Pechini precursors can be easily made that allow for the synthesis of a wide 
compositional range of perovskites. Complicated infiltration or thermal processing steps are not 
needed. This section focuses on characterizing six 3DOM perovskites that provide an indication 
of the broad applicability of this type of synthesis for 3DOM perovskites. It should be noted that 
some tailoring of the synthesis is required for certain transition metal ions. Manganese requires 
double the amount of citric acid compared to iron or cobalt-based perovskites, and this may be 
due to differences in the equilibrium constants for chelation to citric acid.
142
 After the structural 
characterization these materials are discussed, the chemical redox cycling of the 3DOM 
La0.6Sr0.4MnO3-x is analyzed. 
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8.3.4.1 Structural Characterization of Six 3DOM Perovskite Materials  
 The 3DOM morphology was successfully obtained for six perovskite compositions: LaFeO3-x, 
La0.75Sr0.25FeO3-x, SrFeO3-x, La0.6Sr0.4MnO3-x, LaCoO3-x, and La0.6Sr0.4CoO3-x. SEM images of 
these materials are shown in Figure 8.17. An fcc macropore network is clearly visible in all these 
materials. Larger, μm-scale voids are also present in all of the structures that may be from poor 
infiltration. It is also possible that these voids are from phase separation in the polyester network, 
as reported by Rudisill et al.
131
 A spinodal decomposition mechanism is thought to create 
bicontinuous networks (a μm-scale voids network and a 3DOM network) or isolated 3DOM 
microspheres for certain ratios of metal ions, citric acid, and ethylene glycol. In these Pechini-
based 3DOM perovskite materials, a similar spinodal decomposition mechanism may be at work. 
To explore this possibility, additional precursors would need to be synthesized that have different 
ratios of metal ions, citric acid, and ethylene glycol. Aside from the presence of voids in the 
3DOM network, another interesting morphological feature is observed when comparing the 
3DOM La0.75Sr0.25FeO3-x and 3DOM La0.6Sr0.4CoO3-x to 3DOM La0.6Sr0.4MnO3-x. Figure 8.18 
shows the higher magnification images of the Sr-containing 3DOM perovskite materials. The 
3DOM La0.75Sr0.25FeO3-x and La0.6Sr0.4CoO3-x (Figure 8.17 a, c) are both volume-templated and 
the solid network fills the totality of the interstitial space. However, the 3DOM La0.6Sr0.4MnO3-x is 
surface templated, and the octahedral nodes of the structure are hollow. This change may be a 
result of the enhanced organic content that reduces the overall concentration of metal ions. 
Nucleation of the perovskite may initially occur near the surface of the PMMA template, and 
continued growth in the metal ion poor environment may result in the hollow morphology. 
 369 
 
 
Figure 8.17 SEM images of (a) 3DOM LaFeO3-x, (b) 3DOM La0.75Sr0.25FeO3-x, (c) 3DOM SrFeO3-x,  
(d) 3DOM La0.6Sr0.4MnO3-x, (e) 3DOM LaCoO3-x, and (f) 3DOM La0.6Sr0.4CoO3-x. 
 
 
Figure 8.18 Higher magnification SEM images of the (a) 3DOM La0.75Sr0.25FeO3-x, (b) 3DOM 
La0.6Sr0.4MnO3-x, and (c) 3DOM La0.6Sr0.4CoO3-x. The 3DOM La0.6Sr0.4MnO3-x is surface templated and 
contains hollow nodes. 
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 Analysis of the crystal polymorphs present in the perovskite materials was conducted using 
PXRD. Diffraction patterns of the six 3DOM perovskite materials are shown in Figure 8.19. 
Reference patterns of the targeted perovskite compositions are also shown as sticks. No reference 
patterns are available for La0.25Sr0.75FeO3-x or La0.6Sr0.4CoO3-x; however, reference sticks for two 
compositionally-similar perovskites (La0.2Sr0.8FeO3-x and La0.5Sr0.5CoO3-x) are displayed. As can 
be observed in Figure 8.19, the reflections present in the 3DOM perovskites closely match those 
of the reference patterns. Based on the reference patterns, the iron-containing 3DOM perovskites 
have an orthorhombic lattice (space group 62, Pnma), and the other 3DOM perovskites have a 
rhombohedral lattice (space group 161,   ̅ ). In addition to the main perovskite phase, minor 
impurities are observed in some of the samples. These impurities likely arise from incomplete 
reactions between the various cationic components. 3DOM SrFeO3-x and 3DOM La0.6Sr0.4CoO3-x 
contain a minor SrCO3 impurity (the highest intensity reflection is marked with an asterisk). 
Strontium carbonate is stable to temperatures in excess of 600 °C, which explains its presence in 
those Sr-rich perovskites.
131
 Another impurity, La2O3, is present in the pattern for the 3DOM 
LaCoO3-x (two high intensity peaks are marked with by a cross).    
 
 
Figure 8.19 PXRD patterns are shown for the six 3DOM perovskite materials. The main reflections of 
these materials match the reference patterns (shown as sticks) given in each panel. Most reference patterns 
are for materials with the identical composition to the 3DOM perovskites or very similar compositions. 
Asterisks mark the (111) reflection of a SrCO3 impurity (PDF #5-0418) and the cross marks two high 
intensity reflections from La2O3 (PDF #5-0602).  
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 Crystallite sizes in the 3DOM perovskite materials (estimated using the Scherrer equation) 
vary considerably from sample to sample. Table 8.7 lists the crystallite sizes of the as-made 
materials. For the Fe- and Co-containing perovskites, the A-site substitution of Sr
2+
 for La
3+
 
significantly reduces the size of the crystallites. The impact is most dramatic for the Co-
containing perovskite, which is not surprising since the addition of Co is known to facilitate 
sintering in perovskites.
100
 Addition of Sr
2+
 is known to increase the activation energy of the 
diffusion of cations through pervoskites resulting in a greater resistance to sintering.
143
 3DOM 
La0.60Sr0.40MnO3-x, a Sr
2+
-substituted material, has the smallest crystallite of any of the six 3DOM 
materials. It may be that the pores present in the nodes provide and addition kinetic barrier to 
sintering for the La0.60Sr0.40MnO3-x.
 
 
Table 8.7 Crystallite sizes, surface areas, and pore volumes for the perovskite materials. 
Sample 
crystallite size 
(nm) 
BET surface 
area 
(m
2
/g)
 
pore volume 
(mL/g) 
3DOM LaFeO3-x, 
as-made 
28.0 39.7 0.10 
3DOM La0.75Sr0.25FeO3-x, 
as-made 
21.6 22.4 0.092 
3DOM SrFeO3-x, 
as-made 
21.7 69.6 0.10 
3DOM La0.6Sr0.4MnO3-x, 
as-made 
9.4 49.0 0.19 
3DOM La0.6Sr0.4MnO3-x, 
cycled at 500 °C 
16.2 36.7 0.15 
3DOM La0.6Sr0.4MnO3-x, 
cycled at 1000 °C/1100 °C 
21.3 17.4 0.079 
3DOM LaCoO3-x, 
as-made 
32.6 19.2 0.091 
3DOM La0.6Sr0.4CoO3-x, 
as-made 
11.6 29.3
 
0.099 
a
 Bimodal distribution of crystallites possibly present in one of the samples. 
b
 Reflections too narrow to allow for application of the Scherrer equation.  
c
 Peaks too broad to allow for accurate fitting. 
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 Interestingly, the crystallite size of the 3DOM perovskite does not correlate with the specific 
surface area of these materials determined via nitrogen sorption. The sorption isotherms are 
shown in Figure 8.20 and the BET specific surface areas/pore volumes are given in Table 8.7. All 
of the isotherms contain rises in the volume of gas adsorbed at high relative pressure. Again, this 
is indicative of the macropores present in the 3DOM network. Many of the isotherms also contain 
hysteresis loops originating from mesopore spaces between crystallites. This hysteresis loop is 
especially pronounced in the 3DOM La0.60Sr0.40MnO3-x, which is a result of the pore spaces in the 
hollow nodes of the 3DOM structure. As a consequence, the pore volume of this material is high. 
In terms of the specific surface area, the addition of Sr
2+
 tends to improve the specific surface 
area. However, there are exceptions, such as the 3DOM La0.25Sr0.75FeO3-x. A clear relationship is 
not found for the crystallite size and surface area, as stated above. It may be that the mesopore 
spaces between crystallite simply not correlated to the size of the crystallites. 
 
 
Figure 8.20 Nitrogen sorption isotherms of the 3DOM perovskite materials. All materials are macroporous 
and some contain hysteresis loops that arise from mesopores between crystallites.  
 
8.3.4.2 Chemical Redox Cycling of 3DOM La0.60Sr0.40MnO3-x 
 One perovskite composition, 3DOM La0.60Sr0.40MnO3-x, was chosen for chemical redox 
cycling experiments. The selection of this material was based on the promising structural 
characteristics of the as-made material (e.g. the small crystal size and high surface area), and the 
potential for this material to produce more fuel than CeO2 under certain cycling conditions.
2
 To 
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explore the feasibility of using the 3DOM La0.60Sr0.40MnO3-x for two-step thermochemical fuel 
production with a temperature swing, the 3DOM material was reduced using an H2/H2O mixture 
at 500 °C. Given the thermodynamics for the La0.60Sr0.40MnO3-x,
91
 the atmosphere established by 
the gas mixture at 500 °C should be equivalent to a reduction at 1500 °C under 1·10
-5
 atm of O2. 
By using chemical reduction, the 3DOM structure can be retained along with its (potential) 
kinetic boost. Different oxidation temperatures (Tox) were explored to see if production could be 
maximized by adjusting Tox. As can be seen in Figure 8.21, CO production increases with 
increasing oxidation temperatures and so does the overall fuel production (Table 8.8). Fuel 
production initially is rapid in this material, similar to the cerium oxide-based materials discussed 
in Chapter 7. However, the fuel production rate drops off more quickly for La0.60Sr0.40MnO3-x than 
for cerium oxide-based materials. The fuel production does continue at a low level (< 0.8 
mL·min
-1
·g
-1
) for ~15–20 min for Tox≥900 °C before falling below the detection limit of the 
Raman spectrometer. This slow oxidation process has been reported for other perovskites,
2,3
 but 
its origin has yet to be determined. Unfortunately, overall fuel production is still lower than what 
has been achieved for 3DOM CeO2 using similar cycling conditions.
144
 It may be that a high 
degree of reduction is achieved; however, complete re-oxidation does not occur within the 
timespan given for oxidation. An exceedingly slow oxidation (producing gas a rate below the 
detection limit of the instrument) may continue for a very long time. This would match what was 
observed by Scheffe et al. and Demont et al. who both reported reoxidation difficulties with this 
material.
2,4
 Still, this material offers far better fuel productivity than that of the praseodymium 
oxides, and this study represents only one point in the massive compositional space of the  
non-stoichiometric perovskite oxides.  
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Figure 8.21 CO production curves for the 3DOM La0.60Sr0.40MnO3-x oxidized at different temperatures 
(Tox). The production rate for CO increases with increasing oxidation temperature. Though most of the CO 
production is complete after 3 min, a “tail” is present for oxidations performed at high temperatures. Low 
levels (< 0.8 mL·min
-1
·g
-1
) of CO production continue for ~15 min for some runs.  Data collected by Daniel 
Boman. 
 
 
Table 8.8 Peak CO production rate and total CO produced for the oxidation of at different temperatures. 
Data collected by Daniel Boman and analyzed by Stacey Saba. 
oxidation temperature 
peak CO  
production rate  
(mL·min
-1
·g
-1
) 
total  
CO produced 
(mL·g
-1
)
a 
500 °C 0.6±0.5 0.1< 
600 °C 1.1±0.5 0.6±0.5 
700 °C 2.1±0.5 2.5±0.5 
800 °C 3.7±0.5 5.0±1 
900 °C 5.5±1 7.9±1 
1000 °C 10.0±1 10.9±1 
1100 °C 10.6±1 10.4±1 
a
 Estimated by integration of the fuel production curve.  
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 Since structural changes are experienced by all 3DOM materials exposed to high temperatures, 
characterization of some of the post-cycled 3DOM La0.60Sr0.40MnO3-x samples was conducted. 
PXRD patterns are shown in Figure 8.22 of the as-made 3DOM La0.60Sr0.40MnO3-x, a sample that 
had been oxidized at 500 °C, and a sample that had been oxidized at 1000 °C and 1100 °C (two 
reduction steps were carried out). Cycling does not cause the La0.60Sr0.40MnO3-x to phase separate, 
and the perovskite phase is retained. The reflections for the 3DOM La0.60Sr0.40MnO3-x cycled at 
Tox = 500 °C are shifted to lower °2θ. An expansion of the lattice likely arises because this 
material was not completely reoxidized after exposure to CO2 at 500 °C (production of CO is 
very limited for this sample, too). This shift is not observed for the material oxidized at higher 
temperatures, since the material undergoes more oxidation. With regards to thermal stability, the 
crystallite size increases from ca. 10 nm for the as-made material to 21 nm for the material cycled 
at the highest Tox (based on the Scherrer equation, see Table 8.7). Changes are also observed in 
the gas sorption isotherms of the cycled materials, as well (Figure 8.23). Hysteresis disappears in 
the isotherms for the cycled, undoubtedly brought on by sintering of the La0.60Sr0.40MnO3-x 
crystallites. BET specific surface areas decrease as Tox increases; however, the La0.60Sr0.40MnO3-x 
oxidized at 1000 °C/1100 °C is still macroporous and retains 17.4 m
2
/g of surface area. SEM 
images taken of the 3DOM La0.60Sr0.40MnO3-x oxidized at 1000 °C/1100 °C reveal that the 
majority of the sample (~80 %) retains the 3DOM structure (Figure 8.24 a). Some areas have 
sintered far more than adjacent regions, and a disordered macropore structure is present in ~20 % 
of sample (Figure 8.24 b). It is possible that a thermal gradient is present in the furnace, but 
additional studies would need to be conducted to determine its extent.  
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Figure 8.22 PXRD patterns of pristine 3DOM La0.60Sr0.40MnO3-x, 3DOM La0.60Sr0.40MnO3-x oxidized at 
500 °C, and 3DOM La0.60Sr0.40MnO3-x oxidized at 1000/1100 °C. All samples were reduced at 500 °C. A 
single perovskite phase was retained after cycling. 
 
 
Figure 8.23 Nitrogen sorption isotherms of pristine 3DOM La0.60Sr0.40MnO3-x, 3DOM La0.60Sr0.40MnO3-x 
oxidized at 500 °C, and 3DOM La0.60Sr0.40MnO3-x oxidized at 1000/1100 °C. All samples were reduced at 
500 °C. The cycled samples lose surface area, but macropores remain in the structure. 
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Figure 8.24 SEM micrographs of 3DOM La0.60Sr0.40MnO3-x oxidized at 1000/1100 °C. Approximately 80% 
of the sample resembles what is shown in (a). More heavily sintered regions, as shown in (b), are also 
found in the sample. 
 
8.3.4.3 Conclusions 
 Six 3DOM perovskites were synthesized using a Pechini-based precursor solution, and one, 
3DOM La0.6Sr0.4MnO3-x, was cycled using a chemical reductant (a mixture of H2 and H2O) and 
CO2. Three of the   perovskite oxides are phase pure, as seen in the PXRD patterns. The other 
three contain impurity phases (SrCO3 or La2O3) that produce PXRD reflections roughly twenty 
times less intense than those of the major pervoskite phase. All perovskites synthesized possess 
either rhombohedral or orthorhombic lattices. Crystallite size and BET specific surface areas vary 
greatly for the as-made perovskite oxides. However, the presence of Sr
2+
 is generally associated 
with a decrease in crystallite size and an increase in BET surface area. A slightly different 
morphology is obtained for the 3DOM La0.6Sr0.4MnO3-x in comparison to the other materials. 
3DOM La0.6Sr0.4MnO3-x contains hollow nodes and additional mesopores between crystallites, 
which might be a consequence of the increased citric acid in the precursor used for that material. 
This composition was also chemically cycled.  Overall, the production of CO is rapid in the 
3DOM La0.6Sr0.4MnO3-x, but a considerable “tail” is present in the fuel production curve. 
Production of CO is less than what is achieved for 3DOM CeO2 cycled in similar conditions. It is 
postulated that reduction may be facile in the 3DOM La0.6Sr0.4MnO3-x, but oxidation is more 
difficult. 
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8.4 Overall Conclusions 
 A series of investigations were carried out using several different types of candidate materials 
for solar thermochemical fuel production. All the materials analyzed possess the 3DOM structure. 
3DOM Ce-based oxides that contain lanthanoid cations and/or Zr
4+
 were synthesized. These 
materials are single phase as-made and have a cubic fluorite crystal structure. Shifts in the lattice 
parameter of these Ce-based mixed oxides are also observed via PXRD that can be understood in 
terms of the ionic radii of the dopant cation. All the Ce-based oxides have improved thermal 
resistance, leading to smaller crystallite sizes in the as-made materials and in materials treated at 
1350 °C. Another 3DOM Ce-based oxide, 3DOM Ce0.9Mn0.1O2-x-PM, was synthesized via the use 
of a Pechini precursor. This material also has a cubic fluorite crystal structure. The 3DOM 
Ce0.9Mn0.1O2-x-PM was cycled (reduced at elevated temperature in inert gas and oxidized under 
CO2) in an infrared image furnace under conditions that simulate those in a CSP reactor. 
Unfortunately, CO production cannot be detected, which is believed to from the high reducibility 
of the material and its poor resistance to sintering. Similar problems are observed for the 3DOM 
PrO2-x and the 3DOM Pr0.6Zr0.35Y0.05O2-x. For the 3DOM PrO2-x, a single phase, nanocrystalline 
material was initially synthesized. Chemical redox cycling (using H2) at 825 °C causes crystal 
growth that disrupts the 3DOM structure, and results in only limited production of H2. Oxidation 
does not regenerate the original composition (Pr6O11), instead a hexagonal phase is found. While 
the doped 3DOM Pr0.6Zr0.35Y0.05O2-x has a higher thermal stability than the undoped material, H2 
production is only slightly improved when compared to 3DOM PrO2-x. Finally, a set of six 3DOM 
perovskites were synthesized using the versatile Pechini method. Most of the perovskites are 
single phase, but some contain minor SrCO3 or La2O3 impurities. Sr-containing perovskites have 
a smaller crystal size and higher BET surface areas. Additionally, the 3DOM La0.60Sr0.40MnO3-x 
has a different type of 3DOM structure, a surface-templated structure with hollow octahedral 
nodes. 3DOM La0.60Sr0.40MnO3-x was cycled in a chemical redox set-up, and exhibits decent CO 
production kinetics. However, a temperature of 1000 or 1100 °C was needed to achieve the 
maximum CO production rate and overall CO productivity. 
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Summary and Outlook 
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9.1 Overall Summary 
Beyond the search for better means of energy storage and conversion, this thesis offers key 
insights into the often complicated and confusing study of the structural changes experienced by 
templated porous materials with multiple components. The structure of these composite materials 
is dictated by a multitude of interactions between various components and relates back to their 
performance in their end use application. By tailoring the titanium dioxide precursor, this work 
has shown how control of the location of TiO2 crystallites is possible in a 3DOM carbon matrix. 
Locational control of a phase in a composite is often extremely difficult to accomplish, and lead 
to the insight that it is preferable to bury TiO2 crystals in the carbon matrix to achieve high 
lithium-ion cell capacities. Further compositional control has been attained through the use of 
dopants with these robust syntheses. Even the toxicity of the precursors for the 3DOM TiO2/C 
was reduced, at the expense of slightly higher carbon content that actually impedes Li
+
 transport. 
By tuning the voltage window for charging/discharging those lithium-ion electrodes, higher 
capacities are achieved. An additional aspect of structural control is shown to be provided by the 
3DOM network itself. This structure effectively constrained the reprecipitation of titanate 
nanosheets, allowing for the first examples (to this author’s knowledge) of structurally-colored 
hydrogen titanate. These sorts of aspect of control are not solely limited to the carbon-composites. 
By adjusting the type of precursor used for the 3DOM cerium zirconium oxide, phase stability 
could be tuned (to an extent). This revealed that inhomogeneities in phase actually benefitted fuel 
production for highly doped cerium zirconium oxide. That same type of Pechini precursor served 
as a means to synthesize novel porous materials with untested compositions for solar 
thermochemical fuel production. The remainder of this summary delves into all the materials 
covered in the thesis. 
 
9.2 Titanium Dioxide-Containing Anodes for Lithium-Ion Batteries 
Many different syntheses were conducted for the titanium dioxide anode materials studied in 
Chapters 3, 4, 5 and 6. While these materials all have high surface areas and an interconnected 
pore network, substantial differences also exist. For instance, TFA-TiO2/C and acac-TiO2/C 
contain disordered mesopores, provided the pyrolysis temperature is kept below roughly 700 °C. 
However, a greater amount mesopores are present in the hydrogen titanate materials described in 
Chapter 6. The next four subsections review the key structural differences between the titanium 
dioxide-based materials and how these differences relate to the Li
+
 insertion/extraction properties.  
 
 394 
 
9.2.1 Changing the Chelating Agent for the Titanium Complex 
Three different chelating agents (trifluoroacetic acid, 2,4-pentanedione, and citric acid) were 
used in the various precursors for the 3DOM TiO2/C electrode materials. A hydrophobic complex 
forms when trifluoroacetic acid (TFA) is combined with titanium isopropoxide in the TFA-
TiO2/C precursor. The other components of the TFA-TiO2/C precursor are fairly hydrophilic, so 
the titanium complex preferentially segregates to the hydrophobic surface of the PMMA colloidal 
crystal template. Crystallites of TiO2 then nucleate on the surface of the TFA-TiO2/C composites 
during pyrolysis. At pyrolysis temperatures lower than 700 °C, the TiO2 crystallites in the TFA-
TiO2/C are smaller than 10 nm in size. However, the growth of the crystallites is fairly severe (as 
observed via electron microscopy and line broadening PXRD reflections) after pyrolysis at 800 
°C or 900 °C. Since the crystallites of TiO2 lie on the surface of the 3DOM network in the TFA-
TiO2/C, the carbonaceous phase cannot restrict the sintering and crystallite growth of the TiO2 
phase. In contrast, a hydrophilic complex is formed when 2,4-pentanedione (acac) is mixed with 
titanium isopropoxide in the acac-TiO2/C precursor. Favorable interactions between the various 
components of the acac-TiO2/C precursor result in the TiO2 crystallites nucleating within the 
carbonaceous phase. Smaller crystallites are produced in the acac-TiO2/C, and these TiO2 grains 
are surrounded by a thin layer of the carbon. By virtue of this reduction in the size of the TiO2 
grains, higher capacities for Li
+
 insertion/extraction are obtained for the acac-TiO2/C when 
compared to the TFA-TiO2/C. When citric acid and hydrogen peroxide are used as ligands, 
another hydrophilic complex is formed. Similar to the acac-TiO2/C, the TiO2 nucleates within the 
carbonaceous phase for the materials made with the citric acid complex. While smaller 
crystallites of TiO2 are obtained after pyrolysis, these composites (the PF-TiO2/C, Sucrose-
TiO2/C, and NAC-TiO2/C) have lower capacities for Li
+
 insertion/extraction at high rates than the 
acac-TiO2/C. This brings up another important factor in the analysis of these materials, the role of 
carbon.  
 
9.2.2 Changing Carbon Content and Carbon Source 
Several composites synthesized contain roughly 50 wt% of a carbonaceous phase, which is in 
contrast to the TFA-TiO2/C and acac-TiO2/C that contain only about ~25–30 wt% of amorphous 
carbon. For the composite synthesized using a TFA-based precursor, TFA2-TiO2/C, TiO2 
nucleates on the surface of the 3DOM network. Small crystallites (<5 nm) of TiO2 are present 
after the TFA2-TiO2/C is pyrolyzed at 700 °C and below. Interestingly, the TiO2 crystallites are 
roughly 30 nm in size when the TFA2-TiO2/C is pyrolyzed at 800 °C, which is larger than the 
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TiO2 crystallites in the corresponding TFA-TiO2/C. Furthermore, the crystals of TiO2 in the 
TFA2-TiO2/C are in a partially reduced state. It is postulated that the reducing environment 
induces the transformation to rutile and then a Magnelí phase. Grain growth is accelerated for 
those titanium oxide compounds when compared to anatase (the predominant TiO2 phase in 
TFA-TiO2/C). Reduction of TiO2 also occurs in the amorphous carbon-rich composites made with 
the ammonium citratoperoxotitanate(IV) gel. Since the crystallites are confined within the 
amorphous carbon, smaller TiO2 grains are observed when compared to the TFA2-TiO2/C. 
However, some larger crystallites are present in the structure. Widespread conversion of the TiO2 
to sub-5 nm crystallites of titanium oxycarbide is also observed after pyrolysis at 800 °C and 900 
°C. Since this compound is electrochemically-inactive, the conversion negatively impacts the 
capacity of the composite for Li
+
 insertion/extraction.  
For the composites made with the ammonium citratoperoxotitanate(IV) gel, the carbon source 
was also changed. PF sol (in the PF-TiO2/C), non-toxic sucrose (in the Sucrose-TiO2/C), and just 
the citric acid ligand (in the NAC-TiO2/C) can be used in the precursors for these materials. There 
are no substantial differences in terms of the structure or the ability of the composites to 
insert/extract Li
+
 into TiO2. One of the most noticeable differences is that the carbonaceous 
fraction in the PF-TiO2/C is oxygen-poor and helps cause a more complete conversion of the TiO2 
to titanium oxycarbide. Also, the composite with the smaller TiO2 crystal size at 800 °C, Sucrose 
TiO2/C, has a better capacity for Li
+
 insertion/extraction than PF-TiO2/C. However, the 
abundance of carbon creates a barrier to Li
+
 transport at high charge/discharge rates for all 
samples in the voltage window from 1 to 3 V vs. Li/Li.
+
 Indeed, the composite with the most 
amorphous carbon, NAC-TiO2/C, has the poorest rate performance. This situation can be 
ameliorated by charging and discharging the composites in a voltage window that allows for 
intercalation into the amorphous carbon phase. Cycling between 0.05 and 3 V vs. Li/Li
+
 improves 
capacities by over 100 mAh/g, and also reveals that the composites have higher capacities than a 
3DOM C reference. 
The amorphous carbon phase can also be removed altogether, and act as an in situ hard 
template. This was done for the TFA-TiO2/C pyrolyzed at 500 °C, owing to its low carbon 
content and small TiO2 crystallite size. Burnout of the carbon resulted in the formation of a 
3DOM TiO2 structure with disordered mesopores that lie between TiO2 crystallites roughly 8 nm 
in size. Somewhat unexpectedly, the 3DOM TiO2 has a higher capacity than the acac-TiO2/C at 
rapid charge/discharge rates. It is postulated that this results from the small crystallite sizes of the 
TiO2 and the high interfacial area between the electrode material and the electrolyte. Also, the 
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only carbon additive in the electrode is carbon black, which is more electrically conductive than 
the amorphous carbon in the acac-TiO2/C.   
 
9.2.3 Introduction of Cationic Dopants 
An assortment of cationic dopants was incorporated into the TFA-TiO2/C and acac-TiO2/C, as 
is described in Chapter 4. These dopants were added with the aim of improving the electronic 
conductivity of the TiO2 and carbon phases, and reducing the crystallite growth experienced by 
the doped TiO2. Some of the dopants, Cu and Ni, phase separated as metallic particles, since 
reducing conditions are generated during pyrolysis. For the material with nickel particles,  
acac-Ni:TiO2/C (5 mol%), improved graphitization of the carbon phase is observed, and 
improved capacities at high charge/discharge rates (relative to acac-TiO2/C) are realized. Similar 
capacity improvements are not observed for the dopants that are incorporated into the crystal 
structure of TiO2; however, some favorable structural effects are observed. Iron induces the phase 
transformation from anatase to rutile at 600 °C, and does not reduce the size of the TiO2 phase. 
Rutile content also increases for the TFA-Ta:TiO2/C, TFA2-Ta:TiO2/C, and acac-Ta:TiO2/C 
composites. Since the addition of Ta improves the reducibility of TiO2, more oxygen vacancies 
are formed during pyrolysis, helping hasten the transition from anatase to rutile. However, the Ta 
interferes with the sintering of the doped TiO2 phase, resulting in much smaller crystallites for all 
composites when compared to their undoped counterparts. Nb causes the same structural effects 
(more rutile and smaller crystallites) for acac-Nb:TiO2/C. Unfortunately, the capacity of the Ta 
and Nb doped acac-TiO2/C have lower capacities for Li
+
 insertion/extraction than similarly-made 
undoped acac-TiO2/C. 3DOM TiO2 doped with Ta also has lower capacities than 3DOM TiO2. 
Diffusion of Li
+
 appears to be disrupted in these anode materials, perhaps from combination with 
e
-
 generated as a result of the introduction of the dopants. 
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9.2.4 Alkali Treatment of 3DOM TiO2 
3DOM TiO2 was successfully converted into sodium titanate via the ambient pressure 
treatment of the TiO2 material in aqueous sodium hydroxide solution. Ion exchange in 
hydrochloric acid resulted in the formation of hydrogen titanate, which was pyrolyzed to form 
TiO2-B/anatase. The specific surface areas of the converted hydrogen titanate materials exceed 
300 m
2
/g, and reach 530 m
2
/g for a sample treated at 70 °C and dried using supercritical CO2. 
This is due to the conversion of the 3DOM structure to a porous structure comprised of crumpled 
titanate nanosheets. TiO2 dissolves and then reprecipitates on the surface of the 3DOM network, 
during the treatment in NaOH. The nanosheets are confined by the 3DOM network and do not 
scroll into nanotubes, which allows for extremely high surface areas. A remnant of the 3DOM 
structure also exists as a result of this confinement. Enough order is retained in the structure of 
these materials to allow for the appearance of photonic stop bands. Via a combination of PXRD 
and Raman spectroscopy, it was found that the converted sodium and hydrogen titanate materials 
also contain a lepidocrocite-like crystal structure. Pyrolysis converts the hydrogen titanate to 
TiO2-B and then anatase TiO2. Unfortunately, these materials do not improve capacities for Li
+
 
insertion/extraction relative to the parent 3DOM TiO2. Side reactions with the electrolyte appear 
to degrade the performance of these materials. 
 
9.3 Outlook for the Titanium Dioxide-Containing Materials 
Several routes exist for continued improvement of the TFA-TiO2/C, acac-TiO2/C, PF-TiO2/C, 
and Sucrose-TiO2/C systems for use as lithium-ion battery anodes. First, other cationic dopants 
can be explored for many of these composite anodes. Cobalt, tungsten, and zinc are three 
possibilities that should be compatible with the various existing precursors and should further 
enhance the conductivity/capacity of the TiO2 phase.
1-3
 Second, ionic liquids have found use as 
highly-conductive carbon sources.
4
 The synthesis described in Chapters 3, 4, and 5 may be 
amenable to the inclusion of an ionic liquid that can be pyrolyzed, and the ionic liquid may even 
help add nitrogen to the TiO2, boosting its electrical conductivity. Intercalation into the ionic 
liquid-derived carbon should also be possible using an extended voltage window. Third, other 
surfactants exist that can be incorporated with the aforementioned syntheses. Some of these 
surfactants, such as polystyrene-block-poly(ethylene oxide) and polyisobutylene-block-
poly(ethylene oxide), are capable of generating large mesopores that are resistant to the sintering 
of metal oxides.
5,6
 Finally, the TFA-TiO2/C can be extended to other metal oxide/carbon 
composites. Stable precursor solutions of zirconium alkoxides and TFA can be synthesized, 
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which has allowed for the formation of ZrO2/C composites.
7
 Some of these composites, say 
V2O5/C, can be used directly as a battery anode, while other reactions may allow for the 
transformation of metal oxide particles to other active electrode materials.  
While the alkali-treated TiO2 materials did function well as anode materials for lithium-ion 
batteries, other applications for these high-surface area materials can be envisioned. For instance, 
the high surface areas of the sodium and hydrogen titanate materials make them ideal candidates 
as sorbents for charged organic molecules like dyes.
8
 These materials can also undergo ion-
exchange with metal ions
9
 and could see possible use in environment remediation. Photocatalysis 
is another application that could be pursued for these materials. One immense benefit of this 
synthesis pathway is that photonic stop bands are preserved in the material. By tuning the size of 
the spheres in the parent colloidal crystal template, one may be able to utilize the slow photon 
effect in the titanates to allow for better photocatalytic activity.
10
 The parent 3DOM TiO2 can also 
be doped with metal ions, allowing for further tuning of the band gap and light adsorption 
properties of the resulting catalyst.
11
 It may even be possible to adjust the composition of the 
alkali solution (via addition of an alcohol) to allow for the wetting and conversion of TiO2/C 
composites. 
 
9.4 Porous Materials for Solar Thermochemical Fuel Production 
Similar to the titanium oxide-based lithium-ion anode materials, various materials were 
synthesized and tested for solar thermochemical fuel production. Clear delineations can be made 
between certain groups of materials, including the cerium oxide-based materials described in 
Chapters 7 and 8. This section is then split into a summary of each of these kinds of materials, 
which is followed by a brief outlook in the next section. 
 
9.4.1 Cerium-Based Oxides 
Both lanthanoid and transition metal ion-doped 3DOM cerium oxide materials were 
synthesized using two different routes. The type of precursor used for the synthesis and the 
concentration of the dopant both play key roles in the resulting structure of these doped materials. 
For materials made using a precursor that contained metal salts dissolved in methanol (the MSS 
precursor), the resulting doped cerium oxide contains a single-phase cubic fluorite crystal 
structure, as long as the dopant concentration is below 20 mol%. Higher concentrations of dopant 
were used for 3DOM Ce1-xZrxO2 synthesized via the MSS route. When the concentration of Zr
4+
 
is increased to greater than 20 mol%, the MSS-based Ce1-xZrxO2 phase separate into Ce-rich and 
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Zr-rich mixed oxides. Furthermore, the degree of phase separation varies from sample to sample. 
If a Pechini-based precursor is used, a single cubic fluorite phase can be maintained even when 
50 mol% of Zr
4+
 is introduced into the cerium-containing mixed oxide material. When compared 
to the MSS route, the mixed oxides produced via the Pechini method contain smaller crystallites 
and fewer voids between grains (lowering the overall specific surface area). Single-phase mixed 
oxides that contain Mn can also be formed via Pechini precursors. Irrespective of the synthesis 
method, identity of the dopant, or the doping level, hard templating was successful and all 
prepared materials possess the 3DOM structures. 
In terms of the overall thermal stability achieved for the cerium-based oxides, several key 
observations can be made. A set of 3DOM materials synthesized via the MSS were 
thermally-treated at 1350 °C. These materials experience considerable grain growth during 
thermal treatment that causes the 3DOM structure to be completely disrupted. However, the 
cerium-based materials that contain 20 mol% La and Sm have considerably improved thermal 
resistance. The grain size in these materials is on the order of 0.5 µm, while grains are several μm 
in size for the thermally-treated, undoped 3DOM CeO2. A disordered macropore network is 
retained in the doped materials, unlike what is observed in the densified 3DOM CeO2. Zirconium 
also reduced the extent of sintering, and the best improvements to thermal stability were realized 
in cerium oxide co-doped with La and Zr. Manganese, however, does not improve the thermal 
stability of doped oxide relative to undoped CeO2, as is observed in Chapter 8.  
Fuel productivity was also evaluated for a set of 3DOM Ce1-xZrxO2 compounds and for 3DOM 
Ce0.8Mn0.2O2-x. Single phase 3DOM Ce1-xZrxO2 materials were synthesized using the 
aforementioned Pechini method and these materials were reduced in an Ar/H2 gas steam and 
reoxidized with H2O. Under these chemical redox conditions, the fuel production rate and overall 
fuel production are maximized for 3DOM Ce0.8Zr0.2O2. Fuel production decreases when Zr is 
increased beyond 20 mol%; however, the thermal stability, in terms of crystallite size and specific 
surface area, is improved. It is postulated that the heavily doped 3DOM Ce1-xZrxO2 materials are 
easily reduced, but cannot reoxidize. However, an inhomogeneous 3DOM Ce0.5Zr0.5O2 material 
produced more H2 per cycle than Ce0.5Zr0.5O2. This is because the material contains a Ce-rich 
phase that is quite effective at producing fuel. Unlike the Zr-containing materials, 3DOM 
Ce0.8Mn0.2O2-x did not produce fuel during cycling experiments.  
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9.4.2 Praseodymium-Based Oxides 
Praseodymium oxide and doped praseodymium oxides represent a class of materials that are 
potential candidates for solar thermochemical production. Some of the first forays into the use of 
these materials are reported in Chapter 8. The Pechini method was used to produce these 
materials. 3DOM PrO2-x and 3DOM Pr0.6Zr0.35Y0.05O2-x samples were reduced and oxidized using 
the same conditions as for the 3DOM Ce1-xZrxO2 materials. Unfortunately, 3DOM PrO2-x suffers 
from more sintering and crystallite growth than 3DOM CeO2. In addition, 3DOM PrO2-x produces 
little fuel and is not fully re-oxidized in the conditions tested. Better thermal stability is attained 
and a greater amount of fuel is produced for the 3DOM Pr0.6Zr0.35Y0.05O2-x. However, the amount 
of H2 produced is still far below what can be achieved using cerium oxide-based materials. 
 
9.4.3 Perovskite Oxides 
Finally, a set of perovskites were synthesized using the Pechini method. These perovskite 
oxides consist of either a single perovskite phase, or contain a perovskite phase and a minor 
impurity that is barely detectable using PXRD. Specific surface areas for these perovskites vary 
from composition to composition; however, Sr is effective at boosting surface areas and reducing 
grain sizes. One composition, La0.60Sr0.40MnO3-x, was tested via chemical redox cycling, so that 
the 3DOM structure could be retained. While overall fuel production from La0.60Sr0.40MnO3-x is 
lower than what is attained in for CeO2, relatively rapid fuel production kinetics are realized. The 
3DOM structure is also retained for La0.60Sr0.40MnO3-x even after heating to 1100 °C.  
 
9.5 Outlook for the Materials for Solar Thermochemical Fuel Production 
With the wide range of compositions available for cerium-based oxides, praseodymium-based 
oxides, and perovskite oxides, any subsequent studies will require the assistance of computation 
and advanced characterization techniques. For compositions that lack relevant thermodynamic 
data, such as     
 , computational thermodynamics may serve as a means to obtain these 
parameters.
12
 Once the relevant thermodynamic parameters are calculated, compounds can be 
screened following the methods developed by Meredig and Wolverton.
13
 Special consideration 
should also be placed on uncovering possible phase separation or decomposition reactions that 
occur during cycling. Of course, those reactions will also need to be monitored via ex-situ/in-situ 
characterization of materials exposed to conditions mirroring those experienced in during cycling. 
Other computational studies, including those that use density functional theory, could be used to 
identify trends in the redox behavior and phase stability caused by the addition of specific metal 
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cations to various materials.
14
 Computational models also could be used in conjunction with 
experiments (including in operando characterization techniques) to understand the factors 
influencing reaction kinetics. For instance, methods such as secondary ion mass spectroscopy
15
 
and in operando XPS
16
 could be used to understand the rate and spatial extent of defect 
formation, the diffusivity of various ionic species, and the chemistry of reactive surfaces. These 
studies may prove to be especially important, since the kinetics of the thermal reduction and fuel 
production steps are not readily apparent from thermodynamic considerations alone.  
Desired feature sizes for the porous oxides will also need to be tuned to accommodate the 
sintering that occurs at the elevated temperatures required for the reduction step. Depending on 
the length scale required, different methods of templating (or methods that do not use a template) 
can be considered. With colloidal particles, the size of the polymer spheres that make up the fcc 
array of the colloidal crystal can be tuned over a wide range from a sub-mircometer scale via 
emulsion polymerizations
17
 to over one hundred micrometers via a simple fluidic device.
18
 Other 
methods to be considered include the use of biological templates (wood, cellulose, etc.),
19,20
 
polyurethane foams
21
 or foamed suspensions of inorganic oxide particles.
22
  
While some of the designed materials may not be useful for two-step solar thermochemical 
fuel production, the data gained, both experimental and theoretical, can also inform the possible 
use of these materials for other catalytic applications. Further studies could be conducted to 
optimize certain materials as catalysts for the water-gas shift reaction,
23,24
 steam reforming,
25,26
 
gas desulfurization
27
 and chemical looping combustion.
28,29
 Chemical looping combustion is 
especially promising, since these materials could be exceedingly effective at producing pure CO2 
emissions in power plants, thereby allowing for simpler CO2 sequestration.
30
 Since these 
materials will need to be taken to high temperatures in reactive environments, opportunities arise 
for studies targeted at understanding phase transitions or phase segregation that could have an 
impact on various catalytic reactions. Other studies could investigate the use of metallic and 
metal oxide co-catalysts with these porous materials.
31-34
 Computational studies can then be used 
to understand reactions at these co-catalyst sites and any interactions between the co-catalyst and 
the active oxide. 
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